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Abstract

The rheological and self-healing behavior of a class of catalytically synthesized amine-functionalized polyolefins is investigated. We demon-
strate that these materials possess tunable rheological properties according to the molecular weight and display autonomous self-healing. The
linear viscoelastic properties are modeled using a tube-based model developed by Hawke et al. [J. Rheol., 60, 297–310, (2016)] to calculate
several model parameters that describe the individual chain dynamics. The self-healing response is described by findings from the reptation
model as well as recent theory on associating polymer networks with reversible bonds. The cooperation between experiments, modeling,
and theory provide insight into designing new materials with programmable rheological properties and superior self-healing ability.
© 2022 The Society of Rheology. https://doi.org/10.1122/8.0000364

I. INTRODUCTION

Associating polymers are an important class of synthetic
materials that harness polar functional groups to impart
dynamic rheological behaviors toward a wide range of mate-
rial applications [1]. Among these polar functional groups,
the ability of amines to participate in hydrogen bonding and
other noncovalent interactions can enable such materials to
possess beneficial properties such as enhanced mechanical
strength, adhesion, and self-healing ability [2–8]. The appli-
cations of associating polymers depend on their mechanical
and rheological properties originated from the internal cross-
linked network and temporary entanglements [9–16]. The
diverse behavior is based on the average time needed for the
reversible bond to dissociate (known as the association life-
time, τb), the mobility of the chains, and polymer chain archi-
tecture [17–20].

Recently, a class of amine-functionalized polyolefins was
synthesized using a two-step combination of catalytic hydroa-
minoalkylation (HAA) and ring-opening metathesis polymeri-
zation (ROMP) [21]. Notably, these amine-functionalized
materials possessed self-healing behavior that was attributed to
the ability of the amine-pendant groups to reversibly form
hydrogen-bonded networks. The kinetics of healing was sup-
ported by recent theory developed by Stukalin et al. for non-
entangled polymer networks that predicted the time required

for self-healing is a function of the lifetime of associations and
the size of the associating chain [22].

To improve our understanding of the origin of self-healing
phenomenon and relate it to the characterized rheological
properties, we experimentally measure the chain dynamics of
these systems and apply modeling using various theoretical
approaches [23–25]. In the present work, we have used a
comprehensive time-marching algorithm (TMA) developed
by Hawke et al. where the linear viscoelastic behavior of
amine containing polyolefins can be explained by a small
number of physical parameters [18,25,26]. This modeling
approach provides a feasible determination of molecular
model parameters (such as number of entanglements versus
number of possible reversible associations) which are useful
in understanding the complex dynamics.

In summary, we first present the various structures of
amine-functionalized polyolefins synthesized. Next, we study
the linear viscoelastic properties (LVE) as fingerprints of the
various structures. We use the TMA to model the LVE
behavior of these polymers to determine the number of asso-
ciating groups participating in the network formation and the
various relaxation times, such as the Rouse time τR governing
the dynamics of the individual chains and sticky reptation
time τrep,S which governs entanglement relaxation. The deter-
mination of these parameters is used to explain their dynamic
rheological behavior as well as their self-healing behavior.

II. MATERIAL SYNTHESIS AND EXPERIMENTAL
METHODOLOGY

A. Polymer synthesis

The amine-functionalized materials investigated herein
were prepared according to our previous report of their
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synthesis via a two-step catalytic sequence of HAA followed
by ROMP (Figure 1) [21]. The base polymer P1 features a
poly(cyclooctene) backbone functionalized with an N-methyl
aniline derivative. The secondary amine can participate in
hydrogen bonding. Amines and anilines have a reported
bond dissociation energy (ΔH) on the order of 10 kJ/mol,
weaker than that of carboxylic acids (ΔH = 30 kJ/mol) and
quadruple hydrogen bonding ureido-pyrimidinone (UPy)
groups (ΔH = 70 kJ/mol) which have been studied exten-
sively in the literature [27,28]. To further modify P1, reduc-
tive hydrogenation of the backbone was performed to yield
P1H. Upon saturation, P1H can be seen as analogous to a
linear polyethylene with an amine-pendant branch on every
eighth carbon. To obtain a tertiary pendant-amine that is
unable to participate in hydrogen bonding, P1R was obtained
from alkylation of P1 to produce a reference system that cannot
readily form reversible associations. To explore the effect of
molecular weight, several different polymers of varying length
were prepared by varying the monomer-to-initiator ratio in
ROMP (Table I).

B. Rheological measurements

The rheological measurements were performed using a
stress-controlled rotational rheometer (Anton Paar, MCR702)
equipped with 25 mm parallel plate and 8 mm cone-
partitioned plate which is capable of delaying the formation
of edge fracture and other instabilities to higher deformation
rates well within the nonlinear viscoelastic regime [29–32].
Air/nitrogen convection oven was used for temperature
control with accuracy of ±0.1 °C. Dynamic time sweep tests
were done in advance at each temperature (T = 30–90 °C)
with an angular frequency of ω = 0.1 Hz and strain γ = 0.01
to determine the thermal stability and equilibrium of poly-
mers. Over a period of 2 h, there was no change in the
complex modulus indicating no change in structure and ade-
quate thermal stability. The linear viscoelastic region was
determined from an oscillatory strain sweep by applying a
constant frequency of ω = 0.1 Hz at the reference temperature
of T = 30 °C. Lastly, the frequency sweep test was conducted
over a wide range of angular frequency (ω = 0.1–100 rad/s) at
several temperatures (T = 30–90 °C) at 20 °C intervals and
strain of γ = 0.01.

The time-Temperature superposition (tTS) principle was
applied to construct the master curves of storage (G0), loss
moduli (G00), and complex viscosity (η*) of all polymers syn-
thesized. These polymers are generally thermorheologically
simple and only horizontal shift factors aT were used to
obtain the master curves.

The ability of self-healing of P1 and P1H was demon-
strated by performing tensile tests using SER2 (Xpansion
instruments) fixture on the rheometer at room temperature
without employing any external stimuli, such as pressure,
heat, or solvent [33]. Rectangular samples of dimensions
1.5 × 1.0 × 0.3 cm3 were prepared. The experimental proce-
dure consists of the following steps: first, the stress–strain
curve of the pristine sample was recorded at room tempera-
ture under a constant Hencky strain rate of _ε ¼ 0:005 s�1.
The sample was subsequently cut into two pieces before its
parts were gently brought into complete interfacial contact in
the absence of any external stimuli (such as temperature or
significant pressure). The waiting time (tw) between cutting
and reassembly was on the order of a few seconds. After
visual inspection of the flush interfacial contact, the two
sections were allowed to heal for different healing times
(th = 5–120 min) at ambient conditions. Finally, the stress–
strain curve was recorded under the same conditions as in the

FIG. 1. Various structures synthesized and studied in the present work: functionalized aminated poly(cyclooctene) (P1) structure and hydrogenated backbone
(P1H) structural analog. Unfunctionalized reference sample (P1R) with tertiary amine functional group.

TABLE I. Catalog of aminated poly(cyclooctene) derivatives synthesized
with reported molecular and thermal characteristics.

Polymer Mw
a (kg/mol) Ɖa Tg (°C)

b

P1 18.8 2.10 −12.5
27.2 1.70
57.1 1.47
71.5 1.97
141.3 4.00c

P1H 22.3 1.73 −17.1
57.8 1.69
87.1 1.22

P1R 25.4 1.90 −24.7
50.3 2.70
173.3 4.00c

aWeight average molecular weight and dispersity index determined by triple
detection gel permeation chromatography (GPC).
bGlass transition temperatures (Tg) representative for each class of polymer
as measured by differential scanning calorimetry (DSC) as previously
reported [21]. Tg was determined to be independent of Mw.
cThe PDI values for the two highest molecular weight polymers are fitted
values according to the TMA model, adjusted to be consistent with the low
level of the plateau modulus (below the entanglement plateau) suggesting
the presence of a larger fraction of shorter chains not captured by GPC. All
other PDI values from GPC are consistent with the model predictions.
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case of the pristine sample. The cycle of stretching, breaking,
and healing was performed numerous times using the same
tw and th conditions to verify repeatability.

III. RESULTS AND DISCUSSION

A. Linear viscoelasticity of unfunctionalized
polymers

Figure 2 shows the master curves of G0 and G00 for three
P1R (nonassociating reference polymers) of various molecular
weights listed in Table I. The samples show typical behavior
of entangled polymers such as a rubbery plateau followed by a
crossover between the storage and loss moduli [34]. The small
side groups in P1R suppress the crystallization typically found

in polyolefins and provide the flexibility for entanglement for-
mation. At low angular frequency, P1R polymer attains termi-
nal relaxation where G0 ∼ ω2 and G00 ∼ ω1. The TMA
algorithm was used to fit the data to determine the model
parameters of these samples, i.e., the molecular weight
between two entanglements (Me = 7000 g/mol), the plateau
modulus G0

N ¼ 4
5 ρRT/Me ¼ 0:35 MPa

� �
, and equilibration

time of an entanglement segment, τe. The modeling indicates
that the P1R polymers create about ZE =Mw/Me = 3.5, 7.2, and
24.7 entanglements per chain on average [24]. The Rouse (τR)
and reptation (τrep) times can be calculated using τe according
to the scaling relationships τR ¼ Z2

Eτe and τrep= 3ZEτR. The
model fit parameters (listed in Table II) τe, Go

N , Me are used to
inform the analysis of the associating polymers below.

While the P1R polymers were found to be thermorheolog-
ically simple, it is well known that associating polymers may
be thermorheologically complex due to divergent temperature
dependencies of segmental motion and hydrogen bonding. A
van Gurp-Palmen (vGP) plot of P1 polymer is shown in
Fig. 3(a) to validate the application of the time-Temperature
Superposition (tTS) principle. Overall, the aminated polyole-
fins generally follow tTS. We observe some deviation in the
overlap of vGP, especially for the higher Mw samples, clearly
reflecting the anticipated competition between the chain
dynamics and hydrogen bonding. Horizontal shift factors
determined by tTS were used to construct the master curves
and found to follow a WLF dependence as log(aT) =−C1

(T–T0)/(C2+ T–T0) shown in Fig. 3(b) at the reference tem-
perature of T0 = 30 °C (303 K). Here, we plot log(aT) vs tem-
perature normalized to the glass transition temperature, Tg,
(T–Tg) reported in Table I. The associating structures P1 and
P1H show similar temperature dependent behavior due to the
proximity of their Tg. However, there are differences in the
WLF fits through the experimental data, which are represented
by the dashed lines in Fig. 3. The WLF parameters for each
sample are as follows: P1-C1 = 15.49, C2 = 280.3 K,
P1H-C1 = 7.93, C2 = 102.3 K, and P1R-C1 = 5.59, C2 = 75.6 K.

B. Linear viscoelasticity of functionalized polymers

The linear viscoelasticity of P1 samples at various Mw are
compared below. The number of intermolecular associations
formed by hydrogen bonding influence the linear viscoelastic
behavior of these polymers by various degrees
[17,25,28,35,36]. Figure 4(a) depicts the storage modulus and
Fig. 4(b) the loss modulus of P1 (from poorly to well entan-
gled) at different molecular weights ranging from
Mw = 18.8 kg/mol to Mw = 141.3 kg/mol. At high angular fre-
quency, all curves merge as the dynamics of these polymers
are controlled by the relaxation of segments between entan-
glements/associations (number of associations, ZS and
number of entanglements, ZE). The equilibration time for P1
(τe = 12 × 10−3 s) is different from P1R due to the difference
in Tg between each polymer. τe is labeled on Fig. 4 accord-
ingly and is consistent for frequencies ω . 1

τe
¼ 83:33 rad/s

where the data from each sample merge together following
Rouse time relaxation scaling (G0,G00 ∼ ω1/2) [37]. The
rubbery plateau of these associating polymers is comparable
to the value found for the nonsticky entangled sample

FIG. 2. Master curves of storage (closed symbols) and loss moduli (open
symbols) for nonassociating reference samples P1R with varying Mw at ref-
erence temperature of Tref = 30 °C. Lines show fit of TMA to the experimen-
tal data used to determine material parameters. (a) Mw = 25.4 kg/mol,
PDI = 1.9 (black curve), (b) Mw = 50.3 kg/mol, PDI = 2.7 (red curve), and (c)
Mw = 173.3 kg/mol, PDI = 4.0 (blue curve).
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(GN = 0.35MPa). Strong associating systems (such as ionic
aggregates or quadruple hydrogen bonding UPy) which have
comparable energy (kbT) as entanglements will increase the
plateau value at the timescales where associations behave as
permanent cross-links, sometimes leading to a second plateau
depending on the values of τb and τe [28,38,39]. However,
this enhancement phenomenon is minimized in P1 due to the
weak H-bonding strength of the amine associations.

At the lower frequencies, the effects of associations are
significant based on the data plotted in Fig. 4 as well as the
data of complex viscosity [η*(ω)] plotted in Fig. 5(a). When
comparing within the P1 series, as the Mw increases above
Mw = 27.2–71.5 kg/mol (an increase by ∼2.6 times), the ter-
minal relaxation time of the samples increases significantly.
While the zero-shear viscosity cannot be determined
anymore, η*(ω) at low frequencies increases by a factor of

103 which is much higher than the predicted reptation time
scaling of τrep∼Mw

3.4 according to unassociated (simply
entangled) linear polymers [which would show a predicted
factor of ∼(2.6)3.4 ∼28]. The significantly longer terminal
relaxation time is driven by the introduction of “sticky” repta-
tion [38]. For the highest molecular weight, little relaxation
has occurred at time scales of 105 s (several hours). The P1
structure at a Mw as small as Mw = 27.2 kg/mol shows terminal
relaxation at time scales of the order of t = 103 s. Comparing
this with the reptation time of τrep = 0.77 s determined for
structure P1R (Mw = 24.5 kg/mol), it can be concluded that
the number and effects of reversible associations (hydrogen
bonding) become quite significant in the aminated polyole-
fins. Since these samples only vary by their molecular
weight, a synergetic effect of the stickers on the sample relax-
ation is expected. Molecular weight is clear design parameter

TABLE II. Parameters of the TMA model. τRouse, τrep, τsticker, and τrep-sticky reported in units of seconds.

P1 Me = 7000 g/mol, GN = 0.35MPa, τe = 12 × 10−3 s Mxx = 500 g/mol, pfree = 0.99

Mw (kg/mol) Ze τRouse τrep Zs τsticker τrep,S

18.8 2.69 0.09 0.70 37.6 3 814
27.2 3.89 0.18 2.11 54.4 3 2466
57.1 8.16 0.80 19.5 114 3 22 815
71.5 10.2 1.25 38.4 143 3 44 796
141.3 20.2 4.90 296 282 3 345 743

P1H Me = 7000 g/mol, GN = 0.35MPa, τe = 6.5 × 10−3 s Mxx = 500 g/mol, pfree = 0.999

Mw (kg/mol) Ze τRouse τrep Zs τsticker τrep,S

22.3 3.19 0.07 0.63 44.6 0.3 136
57.8 8.26 0.44 11.0 116 0.3 2375
87.1 12.4 1.01 37.6 174 0.3 8128

P1R Me = 7000 g/mol, GN = 0.35MPa, τe = 6 × 10−3 s

Mw (kg/mol) Ze τRouse τrep

24.5 3.5 0.07 0.77
50.3 7.2 0.31 6.68
173.3 24.7 3.68 273

FIG. 3. (a) van Gurp-Palmen plot of P1 polymers with varying Mw. Overlapping of the linear viscoelastic data suggests applicability of time-temperature
superposition principle. Deviations in overlap begin to emerge in higher Mw samples due to competition between chain dynamics and hydrogen bonding. (b)
Temperature dependence of the horizontal shift factors (aT) used to construct the master curves for each sample (T0 = 30 °C). Dashed line represents the WLF
equation fitting to each sample data.
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to control the liquid-like, gel-like, and solid-like behavior of
the aminated polyolefins, which lend them to an array of dif-
ferent applications that require modular flow properties.

Figure 5(b) shows the master curves of complex viscosity
[η*(ω)] for the P1H polymers with different molecular
weights. The characteristic shape of η* for P1R is analogous
to the P1, as well as the rapid increase in zero-shear complex
viscosity with Mw is also observed for the P1H. Figure 6
further compares the dynamics of P1, P1H, and P1R struc-
tures at comparable molecular weights at a reference tempera-
ture of Tref = 30 °C. The pendant groups in both structures in
P1 and P1H are identical. Therefore, the only chemical dif-
ference is the absence of a carbon double bond in the back-
bone of the P1H structure, resulting in a decreased Tg
relative to P1 structure (Tg = −17.1 °C of P1H vs
Tg =−12.5 °C of P1). The impact of Tg on the chain dynam-
ics is considered in the modeling section, where the τe are
defined as 6 × 10−3, 6.5 × 10−3, and 12 × 10−3 s for the
samples P1R, P1H, and P1, respectively.

As seen from Fig. 6, similar dynamics are exhibited by
these two classes of polymers with the P1H structure poly-
mers relaxing relatively faster, supposedly due to an increase
in chain flexibility. If P1H backbone is indeed more flexible,
one could expect a change in entanglement structure with a
decrease in Me, increase in GN, and increase in relaxation time

from entanglements. However, to the best of our ability, we
find that all sticky samples have a similar plateau
(GN = 0.35MPa), which is the same as the plateau of the
reference samples P1R. Chain flexibility can be evaluated
according to the packing length (p) of the polymer chain [40].
A change in p by chemical modification to the monomer
volume v0 or Kuhn length b results in a new average packing
length �p ¼ av0/b2. Shabbir et al. found that this new packing
length will result in a new GN =GN,0/α

3 and τrep = τrep,0/α
6.8

[17]. Hydrogenation of the olefin backbone from P1 to P1H
should not drastically impact v0 (due to the minimal change in
monomer molar mass m0) but will lead to a slight increase in
b as poly(cyclooctene) (backbone of P1) has b = 1.4 nm com-
pared to polyethylene (backbone of P1H) which has a
b = 1.54 nm [40,41], The resulting decrease in the new
packing length (i.e., α < 1) of P1H is not enough to signifi-
cantly increase GN according to the weak dependency with α
compared to the stronger dependency of τrep. Therefore, we
find that the plateau is due to the chain entanglements and not
heavily impacted by chemical transformation of the backbone.
Due to the weak association energy, the presence of the stick-
ers does not affect the value of GN, only the relaxations at
timescales beyond the entanglement plateau.

The dynamics of P1 and P1H converge in the high fre-
quency regime due to the similar GN, where the polymers are

FIG. 4. The master curves of (a) storage modulus G0(ω) and (b) loss modulus G00(ω) of polymer P1 with different molecular weights at the reference
temperature of Tref = 30 °C.

FIG. 5. Master curve of complex viscosity [η*(ω)] of (a) P1 and (b) P1H with different molecular weights constructed via tTs using a reference temperature of
Tref = 30 °C.
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stiff (G0, G00 ∼ 106 Pa); however, the Rouse relaxation dynam-
ics of P1H is found to be about two times faster than P1 due
to the Tg difference and acceleration of sticky timescales.
The impact of the hydrogenation in P1H on the relaxation
timescales is especially apparent at lower frequencies when
the polymers are softer and liquid-like compared to P1. The
relative liquid/solid-like response are shown in Fig. 6(b) for
P1 samples (circles) and for P1H samples (square) and P1R
(triangle) with similar molecular weights, in a plot of
complex viscosity (η*) vs complex modulus (G*), where
horizontal curves correspond to liquid-like behavior and ver-
tical curves correspond to solid-like behavior [42]. P1R
reaches a horizontal plateau in complex viscosity, indicating
terminal relaxation. The P1 sample shows a steeper vertical
curve to very high viscosity values (η* > 108 Pa s) suggesting
much more solid-like behavior compared to P1H at this
Mw, which slowly transitions to the vertical solid limit.

C. Modeling of linear viscoelastic behavior

To describe the viscoelastic properties of P1 and P1H,
one must determine the number of active stickers along the
backbone, Zs =Mw/Mxx, where Mxx is the molecular weight
between two active stickers [25,32,35,36,43,44]. Cates et al.
presented a comprehensive model for the dynamics of supra-
molecular networks based on reversible scission and recom-
bination of associations [23,24], but recent experimental
studies have shown qualitative and quantitative limitations
[45,46]. Further extension to Rouse and reptation based
models provide scaling laws that relate the relaxation times
and viscoelastic parameters to the number of reversible asso-
ciations and entanglements [24,35,36]. Here, we use the
time-marching algorithm (TMA) which is a tube-based repta-
tion model capable of predicting the LVE behavior of entan-
gled polymers with various architectures such as linear and
star polymers. The TMA model has also been extended to
describe the dynamics of associating polymers [25,26,43,47].

Various chain dynamic parameters (Me, G0
N , and τe) were

determined by modeling the unassociated reference polymer
P1R. As previously mentioned, the same values of G0

N and
Me have been used for the P1 and P1H samples.
Hydrogenation has a stronger impact on Tg, which is

expressed in the chain dynamics by defining τe as 6 × 10−3,
6.5 × 10−3, and 12 × 10−3 s for the samples P1R, P1H, and
P1, respectively. To describe the viscoelastic properties of
the associating chains using the TMA, three remaining
parameters must be resolved: Mxx, which is the average molar
mass between two reversible associating crosslinkers, pfree,
which determines the delay effect of the crosslinkers on the
contour length fluctuation (CLF) process, and τsticker, which
determines the delay effect of the crosslinkers on the repta-
tion process. Based on the value of Mxx, the probability that
a monomer along the chain is an effective sticker is deter-
mined as psticker = 1/(Mxx/m0), with m0 being the monomeric
molar mass (m0 = 215 g/mol for P1). The relaxation modulus
is G(t) ¼ GRouse(t)þ G0

N : w(t)ftube(t), where GRouse(t)
accounts for the high frequency Rouse relaxation, w(t) repre-
sents the survival fraction of initial tube segments (not
relaxed by reptation or contour length fluctuations) at time t,
and the dilation factor ftube(t) takes into account the con-
straint release process and is described in Ref. 25.

The relaxation of the sticky chains can only occur at the
rhythm of the dissociation/association of the latter. Therefore,
following the sticky reptation model [24], the corresponding
reptation time τrep,S in Eq. (1) is determined by considering
extra friction points along the backbone, to account for the
slower dynamics of the stickers,

τrep,S � a2Z2

kT
ζ0NeZ þ Zs

kT

a2

τs

0
BB@

1
CCA ¼ 3 τe Z

3 þ Zs τsZ
2, (1)

where a is the tube diameter, ζ0 is the monomeric friction,
Ne is the number of Kuhn segment in an entanglement
segment, ZS is the number of stickers along the chain, and
delay factor τs (i.e., τsticker) is a function of the lifetime of
associations. Furthermore, the sticker activity also slows
down the chain relaxation by CLF. It is expected that the
delay on the relaxation of a chain segment x, from x = 0 at
the extremity to x = 1 in the middle of the chain, increases
with the number of stickers, Nst, located between x and the
closest chain extremity, i.e., Nst(x) ¼ Zs

2 x. Assuming that

FIG. 6. (a) Master curves of storage G0 (closed symbol) and loss G00 (open symbols) moduli at reference temperature of Tref = 30 °C for P1, P1H, and P1R
samples of comparable MW. (b) Complex viscosity (η*) vs complex modulus (G*) at reference temperature of Tref = 30 °C for P1, P1H, and P1R samples of
comparable MW.
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the dissociation of the stickers must be coordinated to allow
the molecular segment to relax, Eq. (2) considers that the
penalty on the fluctuations time increases exponentially with
this number,

τ fluc�sticky(x) ¼ 1

pNst
free

τ fluc(x), (2)

where τ fluc(x) is the fluctuation time of x in the absence of
stickers and pfree is a new parameter which represents the
probability that a sticker will allow contour length fluctua-
tions which can range from pfree = 0 (CLF are restricted) to
pfree = 1 (CLF are allowed).

There are several combinations of Mxx, pfree, and τsticker
which can describe the data. For example, a lower density of

crosslinks (i.e., a larger value of Mxx) can be compensated by
a stronger delay effect of the latter (thus, a lower value of
pfree and a larger value of τsticker). P1, P1H, and P1R have a
similar rubbery plateau, suggesting that the presence of
the stickers does not affect the value of Me. We also use the
same value of Mxx for both the P1 and P1H samples as the
association chemistry does not vary between these two.
Theoretically, the maximum number of associations can be
calculated for these polymers as each monomer (of about
215 g/mol) contains a sticker. However, for entropic reasons,
it is unlikely for each repeating unit to form reversible associ-
ations [17,25,48]. Furthermore, it is expected that the chains
contain a non-negligible fraction of intramolecular associa-
tions, leading to the formation of several ineffective, unen-
tangled loops. We propose that two consecutive monomers
cannot be associated simultaneously, so Mxx is fixed at
500 g/mol, or approximately every other monomer, for both
the P1 and the P1H samples. Due to the high density of
stickers and the low association energy, it is more reasonable
to consider many stickers with shorter lifetimes than a few
stickers with long lifetime in these polymers. pfree and τsticker
describe the relaxation of the sticky chains. We impose that
the fit parameters do not depend on the total MW and, there-
fore, stays constant for all the samples of a same family
(either P1 or P1H), as the chemistry and, therefore, chain
flexibility is equivalent. The values of pfree and τsticker are
then modulated by a best-fitting procedure until the fits are
appropriate for all P1 and P1H samples in each series,
respectively.

Figure 7 compares the model fits (parameters listed in
Table II) with the LVE experimental data for the P1 poly-
mers of lower Mw (18.8, 27.2, and 57.1 kg/mol). The model
captures the dynamics of these polymers quite well where
τe=12 × 10−3 s is used for P1. The slow relaxation of associ-
ating polymers is quantitatively revealed as the new τrep,S is a
factor of 1.1 × 103 times longer than the corresponding τrep
for the chain. The sticker lifetime was found to be
τsticker = 3 s. The latter value should not be taken as the “real
lifetime” of the sticker but rather describes a global influence
of the sticker on the chain dynamics and strongly depends on
the ability of a dissociated sticker to diffuse in the melt and
find a new sticky partner. The final fit parameter has been
determined as pfree = 0.99 which essentially means that the
efficiency of the relaxation by contour length fluctuations
remains constant for stickers between the chain extremity and
the segment that is trying to relax. A large value of pfree indi-
cates a larger probability for a sticker to be free. In these
polymers with a high density of amine groups, while rapidly
active association and dissociation events of a specific sticker
have a negligible effect on CLF (as reflected by the large
value of pfree), the cumulative effect of all these amine
groups can significantly slow down CLF. On the other hand,
one would expect CLF to be locally suppressed when strong
stickers with long lifetimes are used.

Figure 8 compares the model predictions (parameters
listed in Table II) with the LVE experimental data for the P1
polymers of relatively higher Mw (71.5 and 141.3 kg/mol). It
is observed that using the same parameters as those used in
Fig. 7 for the lower Mw samples allows correct capture of the

FIG. 7. Comparison between the TMA model and experimental data of
storage (closed symbols) and loss moduli (open symbols) at Tref = 30 °C for
P1 polymers of relatively low Mw (a) 18.8 kg/mol (red curve), (b)
27.2 kg/mol (blue curve), and (c) 57.1 kg/mol (purple curve).
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high and intermediate frequency data; however it leads to a
faster terminal relaxation prediction compared to the experi-
mental data. The low frequency data are challenging to
capture with the model. A possible explanation for this dis-
crepancy is related to the fact that increasing the length of the
chains also increases the fraction of stickers located further
from the chain extremities. Therefore, when such stickers dis-
sociate, they have a large probability to stay trapped between
two associated sticker constraints, which leads to a reduced
mobility to diffuse and find another free sticker. In such con-
ditions, the probability to attach back to the same sticker is
much larger than the probability in a shorter chain. Overall,
prediction of these higher Mw samples is difficult. This could
also be due to the presence of associative aggregates or a few
long lifetime stickers which may not be captured by the mod-
eling and impacts the homogeneity of the behavior [6,49,50].

Figure 9 compares the theoretical model fits and experi-
mental data for the P1H polymers (parameters listed in
Table II). As already mentioned, a shorter equilibration time
is considered to account for the observed decrease of Tg,
τe = 6.5 × 10−3 s. It has been observed in Sec. II (see Fig. 6)
that P1H relaxes faster than P1 with a similar molecular
weight, where τrep,S is now a factor of 2 × 102 times longer
than τrep. According to our model, this reduced terminal
relaxation time can come either from shorter lifetime of the
stickers or from a lower density of active stickers. Since the
plateau modulus G0

N is comparable between P1 and P1R, we

keep Me and Mxx constant. Therefore, it is expected that a
larger value pfree and lower value of τsticker is used for the
flexible backbone of P1H. We find from the best fits that
pfree increases to 0.999 while τsticker = 0.3 s, signaling that
P1H experiences less chain friction and can relax faster than
P1 by both reptation and CLF mechanisms. Hydrogenation
of the backbone to a pure polyethylene analog in P1H does
not appear to impact the overall stiffness of the material
system or the entanglement/association structure but acceler-
ates the sticky chain timescales by an order of magnitude.
This simple chemical modification could be a useful design
parameter toward more programmable rheological properties
in this class of associating polymers.

FIG. 9. Comparison between the TMA model and experimental data of
storage (closed symbols) and loss moduli (open symbols) at Tref = 30 °C for
P1H polymers (a) 22.3 kg/mol (maroon curve), (b) 57.8 kg/mol (pink
curve), and (c) 87.1 kg/mol (gray curve).

FIG. 8. Comparison between the TMA model and experimental data of
storage (closed symbols) and loss moduli (open symbols) at Tref = 30 °C for
P1 polymers of relatively high Mw (a) 71.5 kg/mol and (b) 141.3 kg/mol.
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D. Self-healing

Hydrogen bonding has been shown to improve the
mechanical strength, while in some cases also enabling self-
healing in low Tg materials [51,52]. We hypothesized that by
combining hydrogen-bonding interactions with high chain
mobility, the aminated materials synthesized in this work
will demonstrate strong and fast self-healing on a macro-
scopic scale. In our previous investigation of amine contain-
ing polymers, self-healing was observed between the surface
boundaries of two discrete, vacuum-dried polymer spheres
when placed into contact at room temperature under ambient
conditions. With no externally applied stimuli (neither heat
nor pressure), the spheres became coherent and after 24h, no
clear boundary between the spheres was found [21]. Healing
was attributed to the promotion of chain association by attrac-
tive and reversible hydrogen bond interactions between
mobile polymer chains (either free or dangling ends) present
on the surface. As no chemical modification or reaction is
taking place, this property is reversible, and tearing/healing
can be repeated. While recovery at ambient conditions in pos-
sible, Hinton et al. showed that the reapplication technique
(such as the applied force) to ensure complete interfacial

contact impacts the self-healing in associating polymers [53].
Therefore, we take careful consideration to confirm that the
entire interfacial area of the cut samples has reconnected
after the waiting time (tw) of a few seconds.

Here, we demonstrate self-healing in P1H alongside P1
and expand the self-healing dynamics within the theoretical
framework of Stukalin et al. and Hinton et al. [22,53].
Figure 10 displays self-healing resolved by tensile measure-
ments as stress–strain curves [54] at different healing times
for two P1 and two P1H samples of low and high Mw. The
scales of the vertical and horizontal axis have been kept the
same to compare the differences between the material
responses. As the healing time tH increases, the polymers
recover their mechanical properties. The lower molecular
weight P1 [Fig. 10(a)] fully recovers its mechanical proper-
ties within 20 min, while the higher molecular weight P1
[Fig. 10(b)] within 60 min. Similar observations can be made
by comparing the polymers with P1H structure [Figs. 10(c)
and 10(d)]. Namely, the low molecular weight P1H
[Fig. 10(c)] fully recovers its mechanical properties remark-
ably quick within 10 min, while the higher molecular weight
P1H [Fig. 10(d)] completely recovers within 120 min (2h).

FIG. 10. Self-healing at room temperature of (a) P1 Mw = 27.2 kg/mol, (b) P1 Mw = 71.5 kg/mol, (c) P1H Mw = 22.3 kg/mol, and (d) P1H Mw = 87.1 kg/mol.
Cut parts were brought into contact after being cut at room temperature (tw of several seconds). Mechanical testing by stress–strain curves were performed after
various healing times designated in the legend.
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Notably, low MW P1H structures self-heal faster compared to
P1 polymers supposedly due to their faster relaxation
through sticky reptation as discussed above (see Table II).
This carries over to the higher mobility (faster diffusion) of
the smaller free chains at the interface as well. The actual
self-healing time of the high MW P1H sample is only slightly
larger than the self-healing time of the high MW P1 sample
as it does not need the full 120 min to recover its initial
extensibility. According to Fig. 10(d), high MW P1 nearly
behaves as the original sample after just 60 min. Ultimate
elongational strain (strain at the failure point), ϵu at the cons-
tant applied Hencky strain rate increases with Mw irrespective
of the structure (P1 and P1H). Specifically, the higher
molecular weight polymers [Figs. 10(b) and 10(d)] sustain
deformations up to linear elongations of more than 300%,
while the polymers with lower molecular weights [Figs. 6(a)
and 6(c)] can sustain deformations up to strains slightly
higher than 100%. Similar results have been recently reported
by Sbrescia et al. for block copolymer-based thermoplastic
elastomers (TPEs) where higher Mw samples were able to
retain more stress bearing units during nonlinear extension,
which resulted in a higher stress response and network elas-
ticity [55]. Longer chains produce more total stickers and
entanglements which provide a stronger cohesion between
chains. Therefore, an interesting indirect trade-off between
self-healing and ultimate elongation arises and should be
considered when designing future materials.

One may expect that by allowing enough time any mate-
rial with low Tg is capable of self-healing. For nonassociating
polymer, self-healing if facilitated though recovery of the
entanglements at the interface, of which the timescale is
defined by reptation and diffusion of the chains. Full
recovery of mechanical properties was not observed in P1R
after maintaining contact over the timescale of tH used for P1
and P1H, highlighting the importance of association
re-establishment at the interface to regain mechanical
strength.

Stukalin et al. presented a theory of self-healing for unen-
tangled polymer networks [22]. When a new interface is
created by cutting the sample, the interfacial structure
evolves as severed associations move to find new partners.
The ability for the interface to reheal is a function of the
waiting time, tw, before surfaces are reconnected. For
example in unentangled chains, if tw < τR, the dangling ends
do not diffuse away from the surface and rehealing goes to a
subequilibrium state [22]. This evolution is dependent on τb
as well. If tw < τb, dangling ends will diffuse away but not
exchange with their partners and therefore recovery is
minimal. When tw > τb, chains can exchange and recover.
While no complete self-healing theory exists for entangled
associating networks, aspects of Stukalin’s theory can be
used in the present work to establish a regime of self-healing
based on important timescales, both from a chain and associ-
ative dynamics perspective. Hinton et al. presented applica-
tion of the theory to describe self-healing in entangled
acrylate polymers from the aspect of relaxation (τR, τrep) and
associative timescales where τb and equilibration time τeq
plays a role in concert with the reptation dynamics [53].
τb≈ τ0 exp(ε/kBT) is the average time two stickers spend in

a bonded state before a successful separation and is
governed by the sticker equilibration time τ0 and the bond
strength ε, estimated to be 10 kJ/mol for secondary amines
[27]. τeq = [(τ0/N)exp(3ε/2kBT)] is the time for open stickers
to reach equilibrium within the network and is a function of
the number of monomers in a sticky group N (∼2 in the case
of P1 and P1H). Both P1 and P1H feature a significantly
high number density of weaker associations with association
timescales of τb = 2.7 × 10−3 s and τeq=6.4 × 10−1 s for P1
and τb = 1.5 × 10−3 s and τeq = 3.5 × 10−1 s for P1H. The
association timescales are fast relative to tw (∼1 s) and th
(∼100 s). The large collection of weak bonds results in fast
exchange timescales and quick equilibration at the cut inter-
face and is considered a regime of self-adhesion according to
Stukalin et al. [22]. In this regime, recovery is independent
of tw. Hinton et al. identified that th normalized by the char-
acteristic relaxation time for the chains λ (which in this case
could be taken as the reptation time) shows a transition point
at th/λ > 10. Re-entanglement dynamics across the interface
switch to a regime dominated by reassociation of open
groups that contribute to additional recovery of the mechani-
cal properties. With trep ∼1–10 s according to Table II, the
drastic recovery observed in Fig. 10 is due to the additional
reassociations after entanglement recovery. The effect of
strain rate and Weissenberg number Wi ¼ _ελ

� �
on self-

healing dynamics in associating polymers is important to
consider as one can probe various contributions from entan-
glement and associative recoveries by changing Wi. Strain
rate is kept constant at _ε ¼ 0:005 s�1 for all samples result-
ing in a Wi that falls in the range of 10−2–100 (for low and
high Mw samples, respectively) primarily probing entangle-
ment recovery [53]. The theory further predicts that the con-
centration of open (free, unpaired, unassociated) stickers that
have not formed reversible associations (bonds) during self-
healing at the interface is given by copen(t) � 1

R3
0
(τb/t) , where

R3
o � b3N3/2 is the volume of a dangling chain with N mono-

mers. Thus, copen(tH) � t�1
H for time scales τb < tH < τeq. At

shorter times (less than the Rouse time), the scaling is tH
−3/4;

however, this cannot be tested with the available experimen-
tal data. The regime of τeq < tH in entangled polymers has not
been rigorously investigated yet to our knowledge. In the
unentangled polymers, equilibrium of copen is reached at
tH∼ τeq. However, in entangled polymers, copen is dictated by
entanglement dynamics and steric constraints, and, therefore,
copen may continue to evolve at τeq < tH as equilibrium is
reached. The complete reassembly goes by a process of
bridge formation (quantified by the surface density of
bridges σb across the interface) which occur through various
self-healing and self-adhesion mechanisms based on values
of tw and εkbT [22]. In entangled systems, the recovery of
associations and entanglements across the interface should be
proportional to 1–(εu/εu,eq), where εu is the ultimate elonga-
tion at healing time tH and εu,eq is the ultimate elongation at
the fully recovered state (long times). This function takes the
values of 1 for tH= 0 (high concentration of open stickers or
low number of interfacial bridges) and approaches 0 at
long times (equilibrium concentration of open stickers and
many interfacial bridges). The recovery of mechanical
properties should follow a power law scaling with tH as
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1 – (εu/εu,eq)∼ tH
x . Figure 11 depicts 1 – (εu/εu,eq) as a func-

tion tH for P1 and P1H polymers. Due to the broad relaxa-
tion time spectra and the convolution of dynamic timescales,
it is difficult to rationalize dynamics with respect to a single
relaxation time. However, tH is normalized by trep in Fig. 11
to highlight two regimes of healing dynamics based on Mw

and importance of entanglement formation where th/
τrep > 10. The higher molecular weight polymers exhibit
power law scaling of x∼−0.8 at lower values of th/τrep. The
slower recovery could be due to delayed diffusion from
numerous reversible associations after bond dissociation and
reptation occur, convoluted by inhomogeneities caused by
potential associative aggregates, especially at the interface.
The lower Mw samples follow a more rapid scaling factor of
x∼−1. At higher th/τrep, chains have much more respective
time to reform entanglements, and the dynamics are favor-
ably balanced with associations to reach enhanced recovery.
The difference in healing dynamics between P1 and P1R is
modest considering the difference in sticky chain dynamics.
Overall, this system with high density of stickers with shorter
lifetimes facilitates assisted entanglement reformation to fully
recover mechanical properties. The scaling behavior with of
copen∼ tH

x or σb∼ tH
x in this new regime of tH > τeq in unex-

pected as deviations from the theory are expected due to the
difference in chain architecture (telechelic vs the pendant
associations) and the heavy influence of entanglements.
Future work will fully investigate the wider scaling behavior
across Mw where for unentangled polymers copen(t) ∼N1/2.
Such a depencence has not been rigorously determined for
entangled systems or architectures with predominatly trapped
sticker groups.

The results of the modeling and self-healing dynamics
indicate that to fabricate a successful self-healing material, it
is essential to have numerous free functional groups at the
cut surface without undermining the role of the

entanglements. The latter might provide better mechanical
properties at the interface although entanglements will slow
down the relaxation of chains and thus delay the recovery
time for self-healing. The short chain contribution to recov-
ery of mechanical strength is critical for potential adhesion
applications. The availability of functional groups ready to
interact/associate and quickly connect allows samples to
mend and maintain large deformations.

IV. CONCLUSIONS

A series of aminated associating polymers were synthe-
sized by catalytic protocols resulting in polyethylene analogs
where every eighth carbon contains a functionalized amine
branch. As demonstrated using melt rheology, low Tg
coupled with the associative interactions of secondary amines
introduces desirable material properties such as tunable rheo-
logical properties (liquid-like to gel and soft solid behavior
depending on Mw) and autonomously rapid self-healing. The
linear viscoelasticity is modeled by a TMA tube-based model
to determine molecular parameters such as sticker lifetime
and the effective sticky reptation time. The entanglement and
association molecular weights (Me and Mxx) are the same for
P1 and P1H, where Mxx = 500 g/mol is approximately equal
to two monomer units, resulting in a high number of active
associations with respect to the number of entanglements.
We find that by changing the polymer backbone chemistry
from P1 to P1H, the Tg decreases and the sticky chain
dynamics accelerate (τs is faster and higher pfree). This results
in P1H showing more relaxation at long timescales compared
to P1 of similar Mw while maintaining comparable entangle-
ment structure and mechanical properties on short timescales.
The collection of many fast-associating groups is a rather
unexplored regime of self-healing materials. Self-healing
dynamics of both P1 vs P1H are evaluated within recent the-
oretical frameworks for reversible networks. In this regime,
both chain and associative timescales must be balanced to
enable assisted entanglement reformation and full recovery of
mechanical properties. Scaling behavior with healing time,
tH, is identified, but the results further confirm that entangle-
ment dynamics must be included in a future self-healing
model. Exceptionally rapid self-healing is observed in low
Mw P1H, which can fully recover its mechanical properties
in 10 min without the influence of external stimuli. The
determination of sticky chain timescales provides insight into
designing new materials with predictable rheological proper-
ties and superior self-healing ability.
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showing the scaling of the concentration of open stickers copen(tH ) � 1
R3
0

τb
tH

� �

that is proportional to 1� εu/εu,eq with tH. Healing timescale is normalized
by the reptation time τrep.
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