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Introduction

Novel designs of devices requiring nanocrystalline materials in the form of
thin films are constantly proposed in order to accompany the constant race
towards technological miniaturization. Thin films are here material samples
with a reduced thickness from a single atomic layer to a few microns. In spite of
an incomplete understanding of the mechanisms governing their deformation,
thin films are nowadays present everywhere such as in micro- electromechanical
systems (MEMS), nano- electromechanical systems (NEMS), solar cells and
protective or functional coatings. Mechanical integrity of the films is crucial
to ensure the reliability of the devices under interest. Compared to their bulk
counterparts, thin films exhibit a higher yield strength but generally suffer of a
lack of ductility. Owing to the very fine microstructure, thin films involve also
moderate to high strain rate sensitivity, which can lead to creep manifestations
which impact on various applications.

In order to uncover the mechanisms that give rise to the unique properties
of nanocrystalline thin films and to their propensity to creep, the scientific
community has proposed over the last decade a large variety of nanomechan-
ical testing methods. One of these methods, developed at UCLouvain in the
years 2005-2006, was extensively used to study the tensile and creep/relaxation
response of thin metallic films. The underlying idea of this nanomechanical
lab-on-chip technique is to use internal stresses, created during the deposition
of a silicon nitride beam in order to load a specimen after etching of the under-
neath sacrificial layer. The main advantage of this technique is that hundreds
of creep/relaxation tests are simultaneously carried out without monopolizing
any external actuating/loading equipment and without using any time con-
suming calibration procedures. This internal stress actuated testing method
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2 Chapter 1 - Introduction

allows also the determination of activation volume during relaxation, giving a
signature of the dominant relaxation mechanism.

Time dependent relaxation/creep mechanisms are amplified in
nanocrystalline materials compared to traditional microcrystalline systems
due to the dominance of thermally activated mechanisms and the difficulty
to activate classical dislocations based plasticity (Meyers et al., 2006). The
analysis of relaxation in thin films, especially when freestanding, does not
only offer a system of fundamental interest due to the inherent simplicity
of the microstructure (often one grain in thickness), sharp crystallographic
textures, and the magnified effect of the free surfaces, but it also has important
applications in membrane and coating technologies. Creep in freestanding films
affects the operation of several MEMS devices such as RF-MEMS switches
(Modlinski et al., 2004b). Also thin coatings involving large internal stresses
could relax over long periods by creep.

Nickel (Ni) is the only material experimentally studied in this
thesis (while other materials are investigated using a modelling approach).
The first reason is the industrial interest for this material. Due to their en-
hanced properties (i.e. high hardness, corrosion resistant behaviour and wear
resistance), nanocrystalline nickel films have been studied for their potential
applications as catalysts and micromechanical switches or actuators. Addi-
tional motivation for the selection of a FCC metal has been provided by the
fruitful characterization campaign on palladium thin films, carried out by Colla
(2014) during her thesis. Pd was used as model material to study the mechani-
cal behaviour of FCC nanocrystalline metals and we presumed that the gained
experience would possibly help to understand the tensile and creep/relaxation
behaviour of other FCC metals. The main experimental objective is to adapt
the on-chip microtensile method to obtain a stable process for the testing of
freestanding Ni films. Next to the selection of the proper fabrication process,
several practical questions arise when dealing with lab-on-chip experiment:
what is the influence of the design on the extracted stress and strain? Does
the etching step affect the measurement? How can we explain the experimen-
tal scatter generally observed at very small strains (Vayrette et al., 2015)? It
is also important to establish the impact of viscoplasticity on the experimental
data. To answer all these questions, the lab-on-chip technique has been for the
first time since its patenting, modelled through finite elements simulations.

The present thesis constitutes mainly a contribution to earlier work at
UCLouvain. During the last decade, the lab-on-chip technique has been suc-
cessfully applied to Al thin films (Coulombier, 2012), Pd thin films (Colla,
2014) and Cu thin films (Vayrette et al., 2015; Lapouge et al., 2017). These
works constitute a source of scientific questioning. Some of these experimental
results are not yet fully understood while some original observations have to
be assessed by modelling approaches. Indeed, the full potential of these films
can only be achieved if their mechanical behaviour is completely understood.
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Coupling experimental observations and modelling is thus of prime interest.
For instance, Colla et al. (2015) have reported surprisingly high dislocation ac-
tivity in Pd thin films during loading and subsequent creep/relaxation which
contrasts with other experimental and modelling studies, suggesting different
deformation mechanisms or more discrete slip events. Modelling of such small
scale systems is challenging as the validity limit of continuum approaches is
nearly reached. The next major question to be examined in this thesis is
if is it possible to reproduce the experimental mechanical behaviour of the
Pd nanocrystalline films, relying on a continuum model and assuming only
dislocation-based mechanisms as suggested from the TEM characterization.
As the strain rate sensitivity is magnified at nanoscale, it is key to identify
physically based constitutive equations able to capture the influence of dis-
locations on viscoplasticity. These constitutive laws are incorporated in the
crystal plasticity code previously available at UCLouvain, in order to reach
this objective.

The control of the ductility of thin metallic films is a major issue in a
variety of technologies involving flexible electronics, MEMS and deformable
coatings. Lab-on-chip experiments on Cu thin films have revealed a depen-
dence of the ductility on the strain rate, leading to an improved ductility in
creep/relaxation than in uniaxial tensile loading. Ductility is considered in
this thesis, as the capacity of a material to withstand plastic localization. The
last questions to be addressed in this thesis are: how can we model plastic lo-
calization in metallic thin films? As dislocation and/or grain-boundaries based
deformation mechanisms can be activated when the film thickness decreases,
what is the proper way to tackle the complexity of the grain size and thickness
effect? Can we isolate the key features that can lead to enhanced ductility?

After the introduction, this thesis is organized as follows. The second chap-
ter is dedicated to the elements of the state of the art necessary to understand
the developments made in this thesis and to justify the interest of the ques-
tions that are asked. Therein, an overview of the deformation mechanisms in
nanograined metals is presented as well as the influence of grain size on various
mechanical properties such as yield strength, strain hardening and ductility.
The fundamental concept of thermally activated deformation mechanisms is
then presented and the modelling approaches of plasticity in nanocrystalline
materials and of ductility are successively reviewed. After summarizing the me-
chanical testing methods dedicated to thin films, the third chapter focusses on
the internal stress actuated microtensile testing method developed at UCLou-
vain. The concept of the technique is exposed and we attempt to adapt the
fabrication process to Ni thin films. The basic data reduction scheme is then
assessed using finite element modelling and some possible issues are empha-
sized. In the two last chapters, great efforts are devoted to the modelling
of experimental results gathered with the on-chip technique. In the fourth
chapter, a dislocation based crystal plasticity model is developed to study the
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tensile and relaxation behaviour of Pd thin films. The model predictions are
discussed and compared with the experimental results. A parametric study
is then performed. Finally, an imperfection based model is presented in the
fifth chapter in order to study plastic localization in thin films. The model
is validated towards literature examples and the impact of several features on
the ductility is investigated.

The succession of chapters does not reflect the chronology of the present
thesis. Originally, the envisaged approach was mainly experimental, combining
lab-on-chip experiments with extensive TEM observations. This methodology
was rapidly dismissed due to long-term unavailability of deposition and lithog-
raphy devices in cleanroom facilities. While continuing to attempt experimen-
tal developments, I became increasingly interested in numerical and theoretical
models. My efforts were then focussed on the modelling of experimental re-
sults already available at UCLouvain. The dislocation based crystal plasticity
model was developed to analyse the mechanical behaviour of Pd thin films,
gathered experimentally by Colla (2014). At this point, the adaptation of the
lab-on-chip technique was still unsuccessful and the next stage of my thesis
became the analysis of strain localization in metallic thin films. Relying on
an imperfection model, this study was devoted to analyse the influence of key
material parameters on the ductility with decreasing film thickness and a phe-
nomenological approach was adopted, discarding the use of advanced material
models such as the one presented in chapter 4. Despite all the failed attempts,
the lab-on-chip technique was finally not abandoned and efforts were expended
to the FE simulations of the experimental technique for driving the develop-
ment of a new stress and strain extraction procedure. Such structural analysis
requires only the macroscopic mechanical response of materials, without any
insights of the meso- or micro-scale behaviour.
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The research carried out in the framework of this doctoral thesis has led to
the following scientific output:

Publications in international journals

1. G. Lemoine, M-S. Colla, H. Idrissi, T. Pardoen, L. Delannay, Disloca-
tion and back stress dominated viscoplasticity in freestanding sub-micron
Pd films. Acta Materialia, Vol. 111, p. 10-21 (2016);

2. G. Lemoine, T. Paroden, L. Delannay, Localized necking in nanocrys-
talline metallic thin films under static and relaxation conditions, to be
submitted.

International conference contributions

1. G. Lemoine, T. Paroden, L. Delannay, Localized necking in nanocrys-
talline metallic thin films under static and relaxation conditions, 27th
International Workshop on Computational Mechanics of Materials, Leu-
ven (2017);

2. G. Lemoine, M-S. Colla, H. Idrissi, T. Pardoen, L. Delannay, Disloca-
tion and back stress dominated viscoplasticity in free-standing sub-micron
Pd films. ICACM 2016 Symposium, Compiègne (2016);

3. G. Lemoine, M-S. Colla, H. Idrissi, T. Pardoen, L. Delannay, Disloca-
tion and back stress dominated viscoplasticity in freestanding sub-micron
Pd films. 15th European Mechanics of Materials Conference, Brussels
(2016);

4. G. Lemoine, M-S. Colla, H. Idrissi, T. Pardoen, L. Delannay, Crys-
tal Plasticity based modelling of Viscoplasticity in Nanocrystalline FCC
Thin Films. Euromech Colloquium 570, Multiscale analysis of the im-
pact of microstructure on plasticity and fracture in interface-dominated
materials, Houffalize (2015);

5. G. Lemoine, M-S. Colla, B. Amin-Ahmadi, H. Idrissi, N. Schryvers, J-P
Raskin, T. Pardoen, L. Delannay, Study of creep/relaxation in nanocrys-
talline FCC thin films through internal-stress-actuated microtensile test-
ing method. 13th International Conference on Creep and Fracture of
Engineering Materials and Structure, Toulouse (2015);

6. L. Delannay, H. Tummala,G. Lemoine, T. Pardoen, M. Fivel, Influence
of Grain Shape on Dislocation Slip Activity Inside Free-Standing Thin
Films. 4th International Conference on Material Modelling, Berkeley
(2015);
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7. G. Lemoine, M-S. Colla, J-P Raskin, T. Pardoen, L. Delannay, Crys-
tal plasticity based modelling of strain hardening and creep in nanocrys-
talline FCC thin films. 4th International Symposium on Computational
Mechanics of Polycrystals, Düsseldorf (2014);

8. G. Lemoine, M-S. Colla, H. Idrissi, J-P.Raskin, T. Pardoen, L. De-
lannay, Crystal plasticity based modelling of strain hardening and creep
in nanocrystalline freestanding Pd films. 14th European Mechanics of
Materials Conference, Gothenburg (2014);

9. G. Lemoine, M-S. Colla, J-P Raskin, T. Pardoen, L. Delannay, Crys-
tal plasticity based modelling of strain hardening and creep in nanocrys-
talline freestanding Pd films. 35th Risø International Symposium on
Materials Science. New Frontiers of Nanometals, Roskilde,(2014);

10. T. Pardoen, Thomas, M. Coulombier, M-S. Colla, G. Lemoine, R.
Vayrette, M. Ghidelli, J-J Blandin, S. Gravier, L. Delannay, J-P. Raskin,
Size dependent plastic localization in thin nanocrystalline or amorphous
metallic films. MRS fall meeting, Boston (2014).
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Compared to their coarse-grained (CG) counterparts, nanocrystalline (NC)
metals usually present excellent mechanical performances in terms of strength
and fatigue resistance but they often suffer of a lack of ductility. Many
nanocrystalline systems show also, owing to their very fine microstructure
(grain sizes in the range of ∼ 10 − 20 nm to ∼ 100 − 200 nm), moderate to
high strain rate sensitivity at room temperature. Thin films, especially when
freestanding, offer a system of fundamental interest to study NC metals owing
to nanograined columnar microstructures frequently involving a single grain
along the film growth direction and sharp crystallographic textures. Further-
more, thin films are nowadays widely used in the microelectronic industry and
for surface functionalization. Applications in MEMS devices and in membrane
technology often involve very thin films. In order to ensure the reliability and
the integrity of all possible applications, the study of the mechanical properties
and the related deformation mechanisms is essential. Another motivation is to
guide the processing of thin film materials with better performances.

In this chapter, the deformation mechanisms of NC metals are presented
and differences or similarities with CG metals are underlined. As the grain size
decreases, thermally activated mechanisms play an increasingly important role
in setting the stress-strain response. The framework of thermal activation is
detailed in the second section, followed by the effects of the deformation mecha-
nisms on the yield strength and on the strain hardening capacity. The ductility
in NC metals is then briefly reviewed. After these experimental observations,
several modelling approaches of NC metals are given. Finally, predictive mod-
els for plastic instability are presented to investigate the influence of strain
hardening, strain rate sensitivity and imperfection on the ductility.

7



8 Chapter 2 - State of the art - Background

2.1 Deformation mechanisms
Due to their small grain size, NC metals deform via different mechanisms
from those observed in their CG counterparts. As the grain size decreases,
GB-mediated deformation mechanisms appear and compete or cooperate with
dislocations-mediated mechanisms. Figure 2.1 depicts several deformation
mechanisms identified in NC metals by direct TEM observations or by atom-
istic studies. Dislocation-mediated mechanisms are represented in grains A-
D and a-c while GB-mediated accommodation mechanisms are illustrated in
grains 1-4. The significance of each deformation mechanism changes with
decreasing grain size and initial defects density. Moreover, more than one de-
formation mechanism may be active at a determined grain size, resulting in
complex interplay between deformation mechanisms and difficult experimental
observations.

Fig. 2.1: Schematic representation of various possible deformation mechanisms in
NC FCC metals. Courtesy of Christian Brandl.

Deformation mechanisms in NC metals have been extensively studied by
TEM or HRTEM. However, dislocation behaviour observed by HRTEM may
not be active in bulk materials. The TEM thinning process can alter the
microstructure and generate large surface/volume ratio which may strongly
influence the dislocation activity. Owing to mirror forces from free surfaces, a
small grain adjacent to the free surface tends indeed to be free of dislocations.
Of course, some types of GBs inside NC materials can stabilize dislocations.
Furthermore, the observed dislocation-based mechanisms combined with the
emergence of new GB-based mechanisms are in good agreement with the low
to moderate strain hardening capacity and the magnified strain rate sensitivity
of NC FCC metals.

In this section, the most important results from atomistic simulations and
HRTEM investigations are highlighted. This section does not aim to be com-
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prehensive. Further details about the deformation mechanisms in NC metals
can be found in (Meyers et al., 2006; Zhu et al., 2012).

2.1.1 Dislocation-mediated mechanisms
In some respects, NC and CG metals accommodate mechanical deformation
in a similar way, as emphasized by Yuan et al. (2015). Both experimental and
atomistic studies have indicated that dislocation mediated plasticity prevails
inside nanograins as for CG metals (Bitzek et al., 2008; Chen et al., 2012).
However, in contrast with CG metals, dislocations, whether perfect or partial,
originate predominantly from GBs and no more from conventional Franck-
Read sources which cease to operate in the NC domain (Bitzek et al., 2008;
Wang et al., 2010). Also, unlike CG materials, no pile-ups and very little dis-
location debris are generally found after deformation in such materials (Dalla
Torre et al., 2002; Kumar et al., 2003a). In-situ TEM (Hugo et al., 2003; Ku-
mar et al., 2003a) as well as MD simulations (Van Swygenhoven et al., 2006)
have shown that once emitted from GB, dislocations cross the entire grain and
are absorbed and/or transmitted at the opposite GB. During the propagation
of a dislocation, GB ledges or misfit regions may act as obstacles. GBs act
thus as sources and sinks for dislocations.

Through statistical analysis of MD simulations, the group of Helena Van
Swygenhoven discovered that triple junctions are highly probable sites for dis-
location nucleation as they tend to be regions where both high stress concen-
trations and high density of structural defects take place (Van Swygenhoven
et al., 1999; Van Swygenhoven, 2002; Derlet et al., 2003; Van Swygenhoven
et al., 2006; Velasco et al., 2011). Their work also revealed that the shear
stress required for the dislocation nucleation from triple junctions was lower
than that for bowing out and propagation. Dislocation sources are thus al-
ready available at GB triple junctions well before the shear stress in a slip
system reaches the CRSS for dislocation slip. This view of dislocation sources
is also supported by the fact that GBs are generally in non equilibrium (Meyers
et al., 2006). Such boundaries provide a large number of excess dislocations
(compared to GB at equilibrium) and can even enable grain boundary sliding
or grain rotation at room temperature (see section 2.1.2). Specifically, disloca-
tions sources are dislocation segments that have emerged from triple junction
and are pinned at each end of the adjacent GBs. Although depinning of these
dislocation segments can be thermally assisted, experimental observations in-
dicated that it is largely mechanically driven (Van Petegem et al., 2006). Note
that pinning of dislocations can also be overcome by dislocation cross-slip.
Taken together, these results suggest that dislocation mediated plasticity is
determined by dislocation propagation instead of nucleation.

In the last decade, some High Resolution Transmission Electron Microscopy
(HRTEM) investigations found that some systems exhibit nevertheless signifi-
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cant dislocation accumulation in NC metals. Wu and colleagues (Wu and Ma,
2006; Wu et al., 2007) cold-rolled NC Ni at liquid nitrogen temperature and
observed dislocations trapped in the grain interior as well as near GBs. More
recently, surprisingly high dislocation activity and storage were observed at
room temperature in NC Pd thin films (Colla et al., 2015) but also in NC Ni
(Lee et al., 2013) and Pt (Wang et al., 2010).

Asaro, Krysl and Kad (AKK) developed a model describing the nucleation
of partial and perfect dislocations from GBs in NC metals. The AKK model
assumes the existence of a dislocation in a GB from which a partial or perfect
segment which is emitted into the GI. They derived the nucleation stress by
balancing the line energy of the segment with the work done by the two residual
dislocation segments created along the GB, see Figure 2.2. The critical resolved
shear stress is given by

τCRSS
µ

= κ
(d− δeq)

d
+ 1

3
b

d
(2.1)

where µ is the shear modulus, κ is the stacking fault energy normalized by
µb, δeq is the equilibrium spacing of partial dislocations and b is the Burgers
vector. A perfect dislocation can be emitted when

τCRSS
µ

= b

d
. (2.2)

A transition from perfect to partial dislocation is therefore expected. Note
also the inversely proportional relation between the stress and the grain size
instead of the classical Hall-Petch relationship assuming that the stress of
polycrystalline metals varies as a function of d−1/2.

Fig. 2.2: Schematic illustration of the AKK model developed by Asaro et al. (2003)
for the emission of stacking faults from a GB.



11

Wu and Ma (2006) and Lohmiller et al. (2014) have reported intensive
perfect dislocations activity in NC metals while Liao et al. (2004) observed
predominant partial dislocations activity in NC Al containing stacking fault
bounded by partial dislocations. Whether partial or full dislocations are pre-
dominating, is driven by the ratio of stable and unstable stacking fault energy
(SFE) (Swygenhoven et al., 2004). Note also that deformation twinning is also
a possible deformation mechanism in NC metals. Yamakov et al. (2002) have
shown that as a first partial dislocation is emitted, the formation of a defor-
mation twin is possible if a second partial of the same type as the first one
is emitted on a adjacent slip plane (see grain a-c in Figure 2.1). Deformation
twinning was revealed by HRTEM for instance, in NC Al even if Al has a high
SFE (Chen et al., 2003; Zhu et al., 2008).

The reduced number of dislocation sources and the presence of free surfaces
in NC metals can lead to a state called "dislocation starvation" where disloca-
tions annihilate at the free surface, preventing their storage inside the grain
(Greer et al., 2005; Greer and De Hosson, 2011). New dislocations have to be
continuously nucleated to sustain further deformation. These phenomenons
have been recently addressed by El-Awady (2015) through discrete dislocation
dynamics (DDD) simulations on single micro- and nano-crystals. His study
pointed out that the product dρ0 is a key parameter with ρ0 the initial disloca-
tion density and d, the grain size. When dρ0 is very small, a pure dislocation
starvation regime is expected with no dislocation accumulation. When dρ0 is
moderate, the dislocations exhaust from their mutual interactions and leads to
exhaustion hardening where the nucleation of new dislocation is mandatory to
sustain flow (Benzerga, 2008). Classical forest hardening is recovered at large
dρ0.

2.1.2 Grain boundaries-mediated mechanisms
As the grain size decreases, GB-mediated deformation mechanisms appear and
progressively dominate the mechanical response. Different thermally activated
GB-mediated mechanisms involving GB motion (see grain 1 in Figure 2.1), GB
sliding (grain 2), triple junction migration (grain 3), GB rotation (grain 4),
GB diffusion or grain growth, can then cooperate or compete with regular
dislocation-based mechanisms.

Several mesoscopic models argued that GBs in NC metals are highly dis-
ordered or even amorphous regions (see section 2.5). Rather, the GBs in
nanometals appear to have structures fundamentally similar to those encoun-
tered in CG metals. HRTEM observations on NC Ni (d = 30 nm) and on
NC Pd (d = 5 nm) highlighted the maintained crystallinity in the GBs. Van
Swygenhoven and coworkers observed also highly structured GB in MD simu-
lations of NC Ni and Cu with grain size below 20 nm (Van Swygenhoven et al.,
2000, 2001).
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GB sliding is expected to become the dominant deformation mechanism
below d ∼ 10 nm (Schiotz and Jacobsen, 2003). Such GB activity is facili-
tated by atomic shuffling or stress-assisted free volume migration (see grain 2
in Figure 2.1). This mechanism requires other cooperative processes such as
GB migration, triple junction motion, grain rotation or GB dislocations ac-
commodation to ensure geometrical compatibility and release the stress built
up in the vicinity of the grain (Zhu et al., 2007). Employing the concept
of thermally-activated shear, Conrad and Narayan (2000) proposed that the
macroscopic shear rate γ̇ produced by independent, atomic shear events at the
GBs is given by:

γ̇ = 6δνD
d

sinh
(
V τeff
kBT

)
exp

(
−∆F
kBT

)
(2.3)

where δ ∼ 3b is the GB width, νD is the Debye frequency, d, the grain size, V =
b3 is the activation volume for an atomic shear, kB is the Boltzmann constant
and ∆F is the Helmholtz free energy. However this approach and the one
proposed by Kim et al. (2001) do not consider the deformation accommodation.
This issue was addressed well before by Raj and Ashby (1971) in their work
explaining the superplasticity of metals. Their model assumes that plastic
accommodation between adjacent grains occurs only by diffusion, leading to
the following Newtonian viscous flow like expression of the shear rate γ̇:

γ̇ = 64δΩDb

kBT

( 1
d3

)
τ (2.4)

with Db the boundary diffusion coefficient and Ω the atomic volume.

Even if GB sliding has been proposed by several groups to deform NC met-
als and to explain the inverse Hall-Petch effect, clear experimental evidences
of this mechanism are difficult to obtain (Hugo et al., 2003; Ivanisenko et al.,
2009). Only indirect arguments are provided such as the lack of texture for-
mation (GB sliding is assumed to randomize lattice rotations) or the retention
of equiaxed grains (Markmann et al., 2003; Sergueeva et al., 2007). Shan et al.
(2004) have also observed grain rotation during in-situ TEM straining of NC
Ni with d ∼ 10 nm.

Another deformation mechanisms is GB motion which can contribute to
grain growth during deformation. Strain driven GB motion for NC Ni at room
temperature has been reported by Farkas et al. (2008) while GB migration cou-
pled with shear strain was revealed in other MD simulations (Velasco et al.,
2011). Experimentally, Rupert et al. (2009) observed stress-driven GB mi-
gration as well as grain growth in NC aluminium thin films. Recently, Wang
et al. (2017) Rottmann and Hemker (2017) performed in situ TEM and ob-
served stress induced GB migration in NC gold and NC Cu freestanding films
respectively.
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Grain growth or grain coarsening constitutes a last GB accommodation
mechanism. Due to their non-equilibrium state, NC metals can be prone to
grain coalescence through GB motion even at room temperature (Ames et al.,
2008). The micro-indentation study of Zhang et al. (2005) on NC Cu at
different temperature suggests that grain growth is a stress-driven rather than
a diffusion driven mechanism in NC metals. Grain coarsening reduces strength
upon deformation (Mompiou et al., 2013). In addition to GB migration, grain
growth can also be induced by adjacent grains rotation arising from local
GB sliding (see grain 4). This rotation induced coarsening produces high
dislocation density regions at the previous locations of the GBs (Shan et al.,
2004).

2.2 Thermally activated deformation
mechanisms

As the grain size decreases, thermal activation may become significant. Con-
ventional dislocation multiplication from Franck-Read sources becomes rather
limited. As a consequence, stress level increases and other thermally activated
deformation mechanisms start to operate, replacing the Franck-Read process
based on a purely athermal mechanically driven propagation of dislocation
loops.

Similarly to atoms, defects such as dislocations are in constant motion at
non zero temperature, oscillating around their mean position, defined by a
minimum energy state. Deformation can be seen as dislocations moving from
a minimum energy state to another. Between these two minima, an energy
barrier has to be overcome that represents the difficulty to depin a disloca-
tion from a specific obstacle. Work is required to move the dislocation over
the energy barrier, and this work is supplied by the applied stress. However,
the energy of the dislocation is actually oscillating around the minimum due
to the available thermal energy and so the effective height of the energy bar-
rier to overcome must be compared with the available thermal energy. This
viewpoint is the foundation of the theoretical framework of thermal activation.
Largely inspired by the works of Kocks et al. (1975), Argon (2008), Ramesh
(2009), this section provides a theoretical background on thermal activation
of dislocation motion in the presence of discrete obstacles and on strain rate
sensitivity analysis.

One way to evaluate the energy barrier is to consider a system deforming by
small increments of shear strain ∆γ. Figure 2.3 represents the glide resistance
diagram as a function of the area swept by the dislocation. Each deformation
increment is associated to the swept area, ∆a, between two successive short
range obstacles. Short range obstacles resistance is represented here by sinu-
soidal hills and valleys although this approach remains valid for any resistance
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Fig. 2.3: Schematic sinus-like glide resistance τ̄ as a function of the area a swept
during dislocation motion. S1 and S2 illustrate two successive stable equilibrium
positions due to short range obstacles whereas U corresponds to an unstable equi-
librium position. Equilibrium is achieved when the effective applied stress τeff
equals the glide resistance. The activation energy for forward and reverse jumps
∆Gf and ∆Gb are also represented.

profile. The glide resistance to dislocation motion is

τ̄ ≡ 1
V

∂F

∂γ
= 1
b

∂F

∂a
. (2.5)

where V is the volume of the system, F is the Helmholtz free energy and b is
the Burgers vector.

Under an effective applied stress τeff , the dislocation travels between two
successive stable positions S, from left to right under a positive driving force
b (τeff − τ̄). In some regions (S and U), the effective applied stress and the
glide resistance balance one another. Position S is a stable equilibrium while U
is unstable because the dislocation would again be under positive driving force
after thermal fluctuation. The energy barrier to overcome between the stable
and unstable equilibrium positions, ∆G, that must be supplied by thermal
fluctuation at a given stress and a given temperature is

∆G = ∆F −∆W (2.6)

= b
∫ aU

aS

(τ̄ − τeff )da. (2.7)

The escape of dislocation from these obstacles is a statistical process assisted
by thermal fluctuation, generally referred as thermal fluctuation and modelled
by a Arrhenius-type probability law.

Over most of the regime of practical interest, dislocations move in a jerky
manner (Kocks, 2001). Gliding dislocations spend most of their time trapped
at pinning points and dislocations are assumed to move in a negligible time
between two successive obstacles. The dislocation velocity is controlled by
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the release rate of dislocations either by thermal activation or by a change
in applied stress. Reverse jumps of dislocations over activation barriers may
become important at low stresses. A reverse jump would bring a dislocation
back from the stable position S2 to the unstable position U , from where it
would, under positive driving force, jump back to S1. This can happen under
the action of thermal fluctuation, despite the adverse influence of the applied
stress. The usual Arrhenius-type rate equation can no longer apply. A general
rate equation for the net rate of thermally activated release of dislocations, P ,
taken into account possible back jumps at constant stress, is given by (Kocks
et al., 1975)

P = νG

[
exp

(
−∆Gf

kBT

)
− exp

(
−∆Gb

kBT

)]
= 1
tw

(2.8)

with νG the Granato frequency, kB the Boltzman constant, T the temperature,
∆Gf and ∆Gb, the forward and backward activation energies, and tw the
waiting time spent in front of an obstacle. ∆Gb can be approximated by:

∆Gb = ∆Gf + τeffba (2.9)

with a the area swept out after a successful jump, roughly l2. l is the average
distance between discrete obstacles, in the order of 1000b or 10b for stronger
and weaker obstacles respectively. Introduction of equation (2.9) in (2.8) yields
to

P = νG exp
(
−∆Gf

kBT

){
1− exp

(
−τeffba
kBT

)}
. (2.10)

If the forward and reverse work are equal and opposite, the sinus hyperbolic
law, frequently used in the literature, can be recovered from equation (2.10)
assuming a square wave resistance diagram.

For steady state mobile density ρm, slip rate γ̇ can be expressed as:

γ̇ = bρml

tw + trun
. (2.11)

In the jerky glide regime, the running time trun can be neglected and the
dependence of the slip rate γ̇ on the effective resolved shear stress τeff arising
from dislocation glide is finally given by:

γ̇ = bρmlνG exp
(
−∆Gf

kBT

){
1− exp

(
−τeffba
kBT

)}
. (2.12)

When ∆Gf (τeff = 0) is large (as here 0.2 − 2µb3), the stress dependence of
the exponential is so large that, the stress dependence of the pre-exponential
term can be ignored (Frost and Ashby, 1982). γ̇0 = bρmlνG can be treated as
a constant, hence

γ̇ = γ̇0 exp
(
−∆Gf

kBT

){
1− exp

(
−τeffba
kBT

)}
. (2.13)



16 Chapter 2 - State of the art - Background

Fig. 2.4: Representation of the kinetics of dislocation motion, by the average dislo-
cation velocity ν̄ as a function of applied stress. Image taken from (Ertürk, 2012).

For short-range obstacles, which are especially sensitive to thermal activation,
the free enthalpy of activation can be expressed by the phenomenological re-
lationship (Kocks et al., 1975):

∆G = F0

{
1−

(
τeff
τ̂

)p}q
(2.14)

where F0 represents the total energy barrier to be overcome with thermal
fluctuation when no stress is applied. The parameter p describes the tail of
the short-range glide resistance profile and q the shape of the top. These
parameters vary in the following range

0 < p ≤ 1 1 ≤ q ≤ 2. (2.15)

Selecting p = 1/2 and q = 3/2 has been demonstrated by Ono (1968) to
correctly describe a variety of short-range glide resistance profiles. The me-
chanical threshold stress τ̂ is the flow stress required to overcome the localized
obstacles at the absolute zero temperature, when thermal activation is impos-
sible ∆G = 0. Below τ̂ , the jerky glide regime applies but above τ̂ , dislocations
move in a continuous manner sustained by viscous drag forces, see Figure 2.4.
When stress exceeds this maximum glide resistance τ̂ , dislocations will not
be able to find any equilibrium positions and large scale slip occurs. In this
regime, the velocity of dislocations is linearly dependent on the applied stress.
Further increase of the applied stress activates additional dissipative processes
that limit the maximum velocity reachable by dislocations.

For non idealized short range obstacles, the glide resistance diagram is
asymmetric and some free energy can be stored after dislocation motion. Av-
eraged over a large distance, this energy storage can lead to non zero long-range
internal glide resistance τi which cannot be overcome by thermal activation.
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The term (τ − τi) is the component of the stress above the athermal compo-
nent which is usually denoted τeff , the effective stress or the thermal stress.
Another view of the effective stress is that dislocations experience long-range
interactions associated with internal or back-stress τi and short-range stress
associated to τeff . In CG crystals, the internal stress results from long-range
elastic interactions of mobile dislocations with the substructure and exhibits
long-wavelength spatial fluctuations. The effective stress is related to short-
range interactions with localized obstacles such as forest dislocations or GBs
and exhibits short-range fluctuations. Note that stress reduction tests allow
to experimentally separate the effective and internal stress contributions (Mil-
ička, 1999). Stress reductions experiments carried out on electrodeposited NC
Ni have revealed high values for the effective stress as compared to CG metals
(Van Petegem et al., 2006).

Thermally activated phenomena are often quantified by the strain rate
sensitivity exponent or by the activation volume. Regardless of the involved
mechanisms, the activation volume V ∗ is defined as

V ∗ ≡ −∂∆G
∂τeff

(2.16)

at constant temperature and constant microstructure. Neglecting the reverse
jumps, the rate equation reduces to an Arrhenius-type law and the activation
volume writes

V ∗ = kBT
∂ ln γ̇
∂τeff

. (2.17)

Because τeff is related to the stress experienced by the defect involved in the
thermal activation, the apparent activation volume is commonly computed
from the macroscopic measurement of σ and ε, by Vapp = MkBT

∂ ln ε̇
∂σ

. There
is no consensus on the value of the Taylor factor M to be used for NC metals.
In the literature, 3 or

√
3 are used. Based on the Schmidt law, some authors

argued that M = 2 is in any case, the lower bound for the Taylor factor for
mechanisms involving dislocation motion and that M = 3 is still valid (Blum
and Eisenlohr, 2017). Other researchers used the Von Mises yield theory to
justify M =

√
3 (Wei, 2007). The apparent strain rate sensitivity exponent

mapp is also largely employed in the literature and is defined, assuming a power
law rate dependence, by

mapp = ∂ ln σ
∂ ln ε̇p

(2.18)

where σ is the stress and ε̇p, the plastic strain rate. From this definition arises
a inversely proportional relation between Vapp and mapp.

The activation volume can be seen as the signature of a thermally acti-
vated mechanism. For instance, conventional dislocation based mechanisms
are characterized by V ∗ = 100 − 1000 b3 while only 1 b3 is required for diffu-
sion based mechanisms. During the last decade, the strain rate sensitivity of
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Fig. 2.5: Strain rate sensitivity of Ni as a function of grain size. The reference and
its first author corresponding to each data point are also given in the plot.

NC metals has been extensively studied by strain rate jumps, nanoindentation
or lab - on - chip technique. Figure 2.5 depicts the evolution of the strain
rate sensitivity, mapp, of Ni as a function of the grain size. Data have been
compiled from the literature. As the grain size decreases, the GB-mediated
mechanisms progressively replace the dislocation-based mechanisms, resulting
in a magnified strain rate sensitivity for FCC metals in the NC domain. As
seen in Figure 2.5, m lies under 0.05. So grain boundary sliding (m ∼ 0.5)
and diffusion creep (m = 1) are not dominating the mechanical response for
d > 10 nm as expected by atomistic simulations (see section 2.1.2). Interplay
between dislocation- and GB- mediated mechanisms is rather expected.

2.3 Yield strength and strain hardening
In NC polycrystals, the spread of the grain size distribution is such that the
smallest grains can be extremely resistant to plasticity while other grains,
better oriented or larger, can yield much earlier, leading to a high stress het-
erogeneity and a long elasto-plastic transition, see e.g. (Li et al., 2012; Yuan
et al., 2015). The concept of yield stress is thus not obviously defined anymore
and must be given at a representative level of plastic strain (Saada and Kruml,
2011) or at representative tangent modulus (Rajagopalan et al., 2010).

Nevertheless, NC metals follow an Hall-Petch trend down to grain size of
10-20 nm. The well-known Hall-Petch strengthening of FCC polycrystals is
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given by
σY = σ0 + kHP d−nHP (2.19)

where σY is the yield strength, σ0 and kHP are material constants, d is the
grain size and nHP is an exponent comprised between 0.4 and 1. Conventional
Hall-Petch relationship relying on pile-up theory sets nHP = 0.5. Deviations
from the original Hall-Petch strengthening have been recorded with grain size
reduction. This is sometimes named as the Hall-Petch breakdown. At very
small grain sizes, some authors reported also a softening or an "inverse" Hall-
Petch effect (Chokshi et al., 1989; El-Sherik et al., 1992; Conrad and Narayan,
2000). Deviations start when the traditional intragranular dislocation mecha-
nisms become limited and that GBs start playing a more prominent role. The
inverse Hall-Petch effect is often interpreted in terms of GB sliding or diffusion
processes associated with the large interface density when the grain size is very
small.

The dislocation based mechanisms observed in NC metals, do generally
not lead to dislocation accumulation in the grain interior and therefore efficient
isotropic strain hardening is absent (Kumar et al., 2003b; Skrotzki et al., 2013).
Furthermore, conventional strain hardening mechanisms like forest hardening
have rarely been observed and dynamic recovery eliminates the few disloca-
tions stored inside the nanograins (Meyers et al., 2006; Sun et al., 2015). The
influence of such low strain hardening on the ductility of materials is dramatic.

Nevertheless strain hardening capacity can be enhanced by the presence
of twins or by strain heterogeneity resulting from the grain size distribu-
tion and inducing back-stresses and kinematic hardening. The presence of
twin boundaries promote dislocation storage and can significantly increase the
strain hardening capacity of NC materials (Zhu et al., 2012). Some NC Pd
and Al films exhibit a significant strain hardening capacity and a significant
increase in the strength with decreasing thickness (Haque and Saif, 2003; Colla
et al., 2012). The large apparent strain hardening at the onset of plasticity
is shown to be a gradual elastic-plastic transition, inducing a significant kine-
matic hardening contribution (Haque and Saif, 2003; Rajagopalan et al., 2010).
Recent experimental and numerical investigations have shown that the gener-
ated back-stresses can lead to backward creep or even strain recovery under
zero mechanical stress (Rajagopalan et al., 2007, 2008; Van Petegem et al.,
2006).

2.4 Ductility
Nanocrystalline metals often suffer of a lack of ductility (Meyers et al., 2006;
Dao et al., 2007; Pineau et al., 2016). Ductility represents the ability for a ma-
terial to deform plastically without strain instability such as diffuse or localized
necking, nor failure by damage. The limited ductility is commonly attributed
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to high strength combined with a low strain hardening capacity (Meyers et al.,
2006; Sharon et al., 2013). The same applies to thin films which are usually not
only nanocrystalline but are also affected by their free surface (Haque and Saif,
2003; Espinosa et al., 2004; Nicola et al., 2006; de Boer et al., 2008a). The low
strain hardening originates from the small volume available for dislocation ac-
cumulation for grain size typically smaller than 1µm. Extrinsic factors such as
geometrical imperfections in thin films can also trigger instability (Coulombier
et al., 2010). The relative magnitude of geometrical imperfections is magnified
in thin films: roughness or grain boundary grooving, even with amplitudes in
the nanometer range, constitute significant imperfections, so do initial texture
inhomogeneities (Viatkina et al., 2005). A variety of softening mechanisms can
also act to accelerate plastic localization. For instance, plastic instabilities may
be promoted by progressive damage accumulation or by lattice reorientation
during deformation, leading to soft texture.

Ma (2006) has reviewed 8 techniques to tailor a nanostructure in order to
achieve coexisting high strength and high ductility at room temperature. Three
of these routes of improvement are suitable for pure NC metals or pure metallic
thin films. A first way to achieve a good trade-off between high strength and
ductility is mixing up the length scales by creating bimodal or multimodal
grain size distribution. The combination of micro- and nano- grains results
in high kinematic hardening and high strain gradients between neighbouring
grains which delay plastic instability (Ma, 2006). The second approach involves
growth twins. Growth twins effectively block dislocation motion and prevent
dynamic recovery, unlike GBs or dislocation cells. The associated increase
of strain hardening improves the ductility. Strain hardening capacity and
strain rate sensitivity enhancement constitute a last improvement route. In NC
metals, the activation of rate-dependent GB or dislocation based mechanisms
commonly magnifies the strain rate sensitivity at the expense of the strain
hardening capacity. Experimental confirmation of such improvement routes
are given in the next paragraph.

Due to nanocrystalline plasticity mechanisms, many thin films exhibit mod-
erate to high strain rate sensitivity at room temperature which may help restor-
ing the ductility. Results on Au thin films with moderate to high ductility have
been reported by Jonnalagadda et al. (2010) and Hosseinian et al. (2016).
These experimental studies highlight a competition between several deforma-
tion mechanisms, leading to an improved ductility when strain rate is low, as
illustrated in Figure 2.6. During tensile tests under low strain rates, 0.85 µm
and 1.76 µm thick freestanding Au films with 44 nm grain size uniformly elon-
gated to ∼6% compared to ∼2% at higher strain rates. In Hosseinian et al.
(2016), the strain achieved during relaxation of 100 nm thick films with 30 nm
grain size is about ten times larger than the monotonic tensile strain to failure
(∼1%). Over the relaxation time, a progressive transition operates from in-
tergranular and transgranular dislocation motions to grain-boundary diffusion
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Fig. 2.6: Stress-strain curves of Au thin films illustrating the effect of strain rate on
the ductility of thin films. Image reproduced from (Jonnalagadda et al., 2010).

based mechanisms, improving the ductility. Stable extreme local ductility in-
side the necks of pure Al thin films has been observed by Coulombier (2012).
Tensile tests were performed on 150 - 400 nm thick films using the on-chip test
method (Gravier et al., 2009). The good resistance to unstable flow has been
attributed to a high rate sensitivity caused by thermally activated grain growth
deformation mechanisms combined with dislocation activity at grain bound-
aries (Legros et al., 2008; Mompiou et al., 2013). Similar ductility has also been
reported by Gianola et al. (2006, 2008) on pure Al. Some Pd thin films with
∼30 nm in plane grain size and growth nanotwins, deposited by Colla (2014),
exhibited a high strain rate sensitivity and a significant strain hardening capac-
ity attributed to back stresses due to dislocation/twin boundary interactions.
The nanotwins act indeed as barriers to dislocation motion as well as sources
for dislocation storage and multiplication via specific TB/dislocation interac-
tions, providing an additional contribution to the strain hardening capacity
(Idrissi et al., 2011; Wang et al., 2012b; Colla et al., 2015). The expected
high ductility has been confirmed by on-chip test method, up to 12% in the
best cases while reaching strengths above 1 GPa (Colla et al., 2012; Colla,
2014; Colla et al., 2015). This positive influence of growth nanotwins on strain
rate sensitivity and strain hardening is well known for bulk Cu where a high
strength ductility balance is observed (e.g. (Lu et al., 2009; Dao et al., 2006;
Zhu et al., 2007, 2011)). Furthermore Anderoglu et al. (2010) have reported
surprisingly high uniform plastic flow in nanotwinned Cu foils.
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2.5 Micromechanical modelling of
nanocrystalline metals

In order to predict the mechanical properties of NC materials, computational
models linking the macroscopic properties and the nanoscale effects are needed.
While the atomistics and molecular dynamics (MD) seem to give the most
suitable frameworks to simulate the nanoscale effects, they suffer of time and
size scales limitations. Only few grains undergoing much higher strain rate
than experimentally reachable strain rate can be simulated, preventing internal
relaxation and potentially resulting in artefacts in the mechanical behaviour
(Van Swygenhoven, 2008). These limitations make it impossible to directly
compare the numerical results and experimental observations. This is why
atomistic or MD simulations are limited to the prediction or the validation of
the possible deformation mechanisms.

Growing interest of scientific community has thus been attracted to contin-
uum micromechanics modelling as an analysis tool to explore the mechanical
properties of NC and UFG materials at a macroscopic level and their possi-
ble improvements. Nevertheless, continuum models assume scale separation
between the structural elements (atoms, dislocations, ...) and the considered
volume, as well as homogeneity of deformation. The validity of this contin-
uum hypothesis is debated in the literature. In some cases, atomistic and
continuum models are combined to introduce atomistic fed materials parame-
ters into micromechanical models (see e.g. the quasicontinuum method (Miller
and Tadmor, 2002; Curtin and Miller, 2003) or the Finite Element Atomistics
(FEAt) method (Kohlhoff et al., 1991)). As stated by Mishnaevsky and Lev-
ashov (2015), "micromechanical modelling of NC materials pushes in fact the
borders of traditional continuum mechanics seeking to incorporate physical
effects into purely mechanical concepts". In this section, an overview of mi-
cromechanical of NC and UFG metallic materials is presented. Composite and
multigrains based models are reviewed.

Compared to coarse-grained materials, NC and UFG materials present a
high volume content of boundary surface which has led several models to con-
sider these metals as two-phase (or even three-phase) composite materials.
The mechanical response of grain interior and of GBs is distinguished and
the macroscopic response is then obtained by the rule-of-mixture in which the
relative volume fraction of the phases varies with the grain size.

One of the earliest modelling approach based on the rule-of-mixture was
proposed by Meyers and Ashworth (1982). Their model relies on a mantle-core
description of grains in which plastic deformation is initiated in the GB-region
mantle at the localized stress concentrations arising from elastic incompati-
bilities and at dislocation sources in GBs. The GB was assigned lower yield
strength and higher work hardening rate than grain interior core. This ap-
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proach later extended by Fu et al. (2001) assumed that the thickness of the
GB mantle is grain size dependent. The relevance of this assumption for NC
metals can be questioned. The grain size dependency on the thickness of
the GB mantle is not observed experimentally nor in MD simulations (Van
Swygenhoven et al., 1999; Yamakov et al., 2002; Kumar et al., 2003a).

Carsley et al. (1995) considered NC material as a two-phase composite con-
sisting of squared grains with bulk properties (following a Hall-Petch equation
for the grain-size dependence of the strength), and of a GB phase which repre-
sent a metallic glass material. This model applied on Ni, Fe and Cu captured
some deviation from the conventional Hall-Petch slope at small grain sizes.

Kim et al. (2001) developed a cubic cell composite model consisting of a
crystallite and a GB phase (see Figure 2.7(a)). The deformation of the grain
interior is considered as the superposition of diffusional flow (Coble creep and
Nabarro-Herring creep) and dislocation glide. The GB phase controlled by
diffusional deformation mechanism only is described by a viscous Newtonian
behaviour. This model introduced also the notions of critical grain size in
the grain interior phase below which the dislocation based mechanism is not
activated and of upper limit of the stress in the GB phase, set to be the
strength of the material in the amorphous state. The breakdown of the Hall-
Petch relation with decreasing grain size is simulated and interpreted in terms
of predominance of diffusional mechanisms.

Different composite models are based on the so-called grain boundaries
affected zones (GBAZ) approach, as worked out by Schwaiger et al. (2003).
The GB phase is presented as a sharp GB surrounded by a GBAZ with varied
properties (see Figure 2.7(b)). Based on MD simulations of NC metals, a
GBAZ in a NC or UFG material is assumed to span a grain size independent
distance of about 7–10 lattice parameters away from the GB. In their work,
Schwaiger and collaborators studied the strain-rate sensitivity of NC Ni with
two-dimensional model of hexagonal grains separated by GBAZ softer than
the grain interior, using a simple power-law type rate-dependent plastic law
with linear hardening.

Following the GBAZ approach, Li and Weng (2007, 2013) developed a
secant-viscosity composite model where both constituent phases are elastic–
viscoplastic. The viscoplastic behavior follows a unified constitutive law in-
volving a grain-size dependent yield stress for the grain interior. The model
was applied to calculate the grain-size dependence of flow stress, strain-rate
sensitivity, and activation volume of NC metals.

As the grain size decreases, the influence of the grain size distribution
becomes predominant and simple cubic or hexagonal unit cells become in-
sufficiently representative of the real NC microstructure. The complex in-
terplay between deformation mechanisms asks for quasi-real representation of
microstructure (e.g. multigrains aggregate or Voronoï representations).
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(a)

(b)

Fig. 2.7: Illustrations of unit cells models of NC metals: cubic composite unit cell
of Kim et al. (2001) (a) and 2D grains of hexagonal shape separated by the GBAZ
proposed by Schwaiger et al. (2003) (b).

The work of Fu et al. (2001) was one of the first FE plasticity calculation
of polycrystalline aggregate accounting for grain size effects in a physically-
based manner. The simulated polycrystalline aggregates are represented in
Figure 2.8. Relying on the mantle-core approach developed by Meyers and
Ashworth (1982), the authors incorporated GB sliding and took into account
the dislocation accumulation rate at GBs and in the grain interior. Deviation
of the Hall-Petch slope in the NC domain was observed in their simulations.
Fu et al. (2004) further extended their model, using crystal plasticity either in
both phases or only in the grain interior while the work hardening GB region
responded to a Voce equation, and neglecting this time, GB sliding.

The AKKmodel describing the deformation mechanisms based on the emis-
sion of perfect or partial dislocations, along with deformation twins from GBs
and GB sliding was proposed by Asaro, Krysl and Kad (Asaro et al., 2003;
Asaro and Suresh, 2005). Zhu et al. (2005, 2006) extended further the AKK
model with a aggregate approach. The authors investigated the effect of grain
size distribution through log-normal distributions on the mechanical response
of NC Ni. The model takes also into account thermal activation and grain
size dependent transition between these mechanisms, suggesting plausible in-
terpretation of the increasing strain rate sensitivity in NC metals.
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(a) d = 10µm (b) d = 1µm

Fig. 2.8: Polycrystalline aggregates used by Fu et al. (2001), illustrating the grain
size dependence assumption of the GB mantle thickness.

Wei and Gao (2008) proposed an extension of the model of Zhu et al. (2005)
by introducing elasticity and GB diffusion. Their model relied also on a more
rigorous dislocation-emission rate at GBs in NC materials. Combining all
the main deformation mechanisms, the study of these competing deformation
mechanisms at NC grain size revealed a substantial increase of the strain-
rate sensitivity as the dominant deformation mechanisms shift from the grain
interior to GBs but also a rate-dependent strain rate sensitivity. A mesoscopic
continuum model of a 2D polycrystal with deformation mechanisms including
single crystal plasticity for the grain interior, GB diffusion and GB sliding was
then presented by Wei et al. (2008), the same year. This extension accounts for
the coupling between GB processes and dislocation activity within the grains.

Wei et al. (2006) established a FE-based 2D plane-strain model to study
the deformation and failure behaviour of FCC NC metals. The polycrystal
is represented by a Voronoï tessellation in which each grain is decomposed
into a grain interior and an amorphous 0.5 nm thick GB. GB are simulated
with a rate-dependent amorphous model which accounts for cavitation at triple
junctions and related failure phenomena while crystal plasticity is applied for
the grain interior with CRSS based on the AKK model. Wei and coworkers
concluded that a transition from the grain interior dominated shearing to GB
dominated shearing and cavitation occurs as the grain size decreases from 50
nm to 10 nm.

Gürses and El Sayed (2011a,b) derived a variational two-phase constitutive
model based on the GBAZ approach. The grain interior in which dislocation
mediated plasticity dominates, is modelled with rate-independent crystal plas-
ticity relying on a specific yield criteria based on the AKK model which ac-
counts for the transition from partial dislocation to full dislocation mediated
plasticity. In the GBAZ regions modelled with rate-dependent isotropic porous
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plasticity, mechanisms other than dislocations, such as atomic shuffling, GB
sliding and void initiation and growth are operative. Using the Taylor assump-
tion, the authors studied the mechanical behaviour and rate-dependence of NC
Ni and NC Cu.

Lebensohn et al. (2007) presented a micromechanical model based on FFT
method to study the effects of grain size, strain rate and pressure on the lo-
cal and macroscopic mechanical behaviour of NC materials under quasi-static
and shock loadings. NC metals are represented by a RVE of self-similar poly-
crystals with different submicronic grain size. Each crystal is divided in two
phases: grain interior and GB. Crystal viscoplasticity with Hall-Petch grain
size dependence of CRSS is used for the grain interior and J2 isotropic vis-
coplasticity for the GBs (compatible with the diffusion controlled mechanisms
at GBs) is assumed. The model reproduced the increased strain rate sensitiv-
ity of NC FCC metals and captured an inverse Hall-Petch effect at grain size
lower than 10 nm.

Mercier et al. (2007) integrated elasticity in the Kim et al. (2001) approach
to study the transition to the inverse Hall-Petch effect. NC materials are
represented by an aggregate of spherical grains in which grain size is distributed
following a log-normal probability function. Macroscopic response is computed
using the Taylor-Lin assumption.

Shi and Zikry (2009) developed a dislocation density grain boundary in-
teraction (DDGBI) approach, incorporating the Raj-Ashby GB sliding model
(Raj and Ashby, 1971). Dislocation emission, absorption and transmission
are considered, assuming that the dislocation–density interactions occur be-
tween slip systems on each side of the GB interface. Additively splitting the
total dislocation-density into immobile and mobile dislocation density, rate
dependent dislocation based crystal plasticity is used with a initial disloca-
tion densities dependence on GB misorientations. They observed that the GB
sliding contribution increases with decreasing grain size and that GB sliding
can change the direction of crack growth. Following a similar approach of the
DDGBI model, Aoyagi et al. (2014) considered the effect of the GB and dis-
location sources to analyse the grain size effect on the yield strength of UFG
severe plastically deformed metals.

Assuming that, once nucleated, dislocations cross the grain and are ab-
sorbed at the opposite GB, Warner and Molinari (2006) implemented a FE-
based semi-discrete crystal plasticity model. The introduction of discrete slip
events in grains captured the extraordinary hardening observed in the micro-
plastic regime of NC metals. This model neglects dislocation interactions in
the grain interior and assumes that successive slip events require increasing
stress. This later assumption is compatible with the stress-reduction experi-
ments of Van Petegem et al. (2006) in which the effective stress is observed to
increase with deformation.
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Li et al. (2009a, 2012) developed the quantized crystal plasticity (QCP)
model. Based on results of MD simulations, the material deforms by grain-
averaged shear strain/stress jumps resulting from discrete slip events. The
authors implemented QCP into FE model of 1000 grains polycrystals. The
simulated polycrystals are characterized by a grain to grain distribution of
CRSS at which slip event occurs and a grain to grain distribution of the lo-
cal plastic strain jump by a single slip event across an entire grain. QCP
model successfully predicted the stress-strain response of NC metals and their
propensity to plastic localisation.

The model proposed by Yuan et al. (2015) added a physical background on
the spatial distribution of CRSS assumed in the QCP model. They developed
a geometrically based, statistical model for the characteristic CRSS needed to
activate a dislocation source at GB, which give rise to a generalized extreme
value distribution of CRSS. CRSS of each slip system can moreover vary both
spatially and temporally, changing after each discrete slip event. A Hall-Petch-
type scaling (σ ∝ d−0.63) emerges from their simulations, due to the grain size
limitations on the dislocation sources length. Their model produced significant
strain hardening in the macroscopic response and predicted a strong texture
influence in the NC domain.

Other advanced models including non equilibrium grain boundaries and
GB defects have been reviewed by Mishnaevsky and Levashov (2015).

The main challenge of the micromechanical modelling of NC metals is the
proper selection of the constitutive laws to correctly represent the peculiarities
of NC materials and of all their possible deformation mechanisms. A large
panel of deformation mechanisms has been envisaged to model NC materials,
from conventional crystal plasticity to diffusive accommodation mechanisms
and discrete slip events. Moreover, the complex competition or cooperation
interactions between these mechanisms and their grain size dependence are
difficult to observe and are not yet fully understood despite the insights given
by atomistic/ MD simulations and inverse analysis.

2.6 Modelling of plastic localization
The prediction of plastic localization is of prime interest for industrial metal
forming processes but plays also a central role in the design of flexible elec-
tronics or thin films technologies. The localization of plasticity is an instability
which leads to a transition from a uniform to a non-uniform mode of deforma-
tion while the loading remains uniform. Two types of instabilities are distin-
guished: diffuse necking an localized necking (or localized band). According to
Barata da Rocha et al. (1985), ductility (i.e. the maximum allowable strain)
in industrial stamping processes is not determined by diffuse but by localized
necking. Upon loading, diffuse necking initiates when geometric softening due
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to local area reduction of the sheet overcomes strain hardening. The neck de-
velops progressively and considerable extension is still possible after the onset
of diffuse necking. Upon additional deformation, the necking region further lo-
calizes until a sharp localized band starts to form. The length of the localized
band is of the order of the sheet thickness while the length of the diffuse neck
scales with the sheet width. The scaling factor for the length of the diffuse
neck can evolve with deformation and can depend on the stress state as well,
see (Pardoen et al., 2004).

In the past sixty years, various theoretical necking models have been de-
veloped that focus either on diffuse or localized necking. These necking mod-
els successfully predicted the formability of metallic sheets, characterized by
the so-called forming limit diagram (FLD), representing the major and minor
strains corresponding to necking for any monotonic proportional strain paths.
In practice, the FLD is a very useful tool because necking usually occurs prior
to failure in ductile metals. The first models for diffuse and localized neck-
ing under biaxial loading were respectively proposed by Swift (1952) and Hill
(1952) for rigid plastic and defects-free materials. The onset of diffuse necking
is predicted when an increment of deformation no longer corresponds to a rise
in the load dFi = 0 for i = 1, 2 simultaneously, see Figure 2.9(a). This is the
maximum force criterion, frequently attributed to Swift (1952). Several years
later, Hill (1991) has raised issues with the original work of Swift and pro-
posed a slightly different formulation. Diffuse necking can be expected when
the major strain reaches εinst11 given by

εinst11 = 2n (1 + ρ+ ρ2)
(1 + ρ) (2ρ2 − ρ+ 2) (2.20)

where ρ = ε22/ε11 and n is the strain hardening. For uniaxial loading, the
maximum force criterion reduces to the well-known Considère criterion:

εinst11 = n. (2.21)

For the modelling of localized necking, Hill (1952) assumed that a region of
the sheet is subjected to a proportional in-plane loading, characterized by the
forces per unit width, referred as tension: T1 = σ11h and T2 = σ22h, as depicted
in Figure 2.9(b). The localized necking condition postulates that necking starts
when the major tension reaches a maximum i.e. dT1 = 0. Differentiating the
equation, this condition writes

dT1

T1
= dσ1

σ11
+ dh

h
(2.22)

= dσ11

σ11
+ dε33 (2.23)

= dσ11

σ11
− (1 + ρ)dε11 = 0, (2.24)
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Fig. 2.9: Schematic illustrations of the sheet patch considered by Swift (1952) (a)
and by Hill (1952) (b). The in-plane dimensions of the displayed sheet patch are of
unit length in (b). The sheet patch is subjected to the forces F1, F2 in (a) while
force by unit width called tension, T1,T2 are applied in (b).

leading to
1
σ11

dσ11

dε11
= 1 + ρ. (2.25)

For a purely plastic material following a Hollomon law, the left side of the
equation corresponds to the dimensionless strain hardening and gives

1
σ11

dσ11

dε11
= n

ε11
. (2.26)

Finally, the major and minor strains corresponding to localized necking are
given by

εinst11 = n

1 + ρ
and εinst22 = nρ

1 + ρ
. (2.27)

In uniaxial tension, ρ = −0.5 and

εinst11 = 2n (2.28)

which is twice the strain corresponding to diffuse necking. Hill’s localized
necking model reduces to Swift’s model for plane strain deformation, εinst11 = n.
Hill’s localized necking condition may in fact be obtained from Swift analysis of
diffuse necking if only the thickness decreases to accommodate the elongation
strain when localized necking sets in. As pointed out by Lian and Zhou (1989),
diffuse necking is indeed based on providing extra thickness strain by both in-
plane strain-rates while localized necking is based on providing extra thickness
strain by elongation in the major deformation direction only.

The previous analysis are insensitive to changes in strain rates. Hart (1967)
proposed an instability criteria taking into account both strain hardening and
strain rate sensitivity for uniaxial tension:

εinst11 = n

1−m. (2.29)
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Fig. 2.10: Schematic representation of the imperfection based model developed by
(Marciniak and Kuczyński, 1967). The presence of an initial band with reduced
thickness (zone b) within an homogeneously deforming zone a is assumed. The
sheet is subjected to biaxial loading.

Several researchers such as Ghosh (1977) and Hutchinson and Neale (1977)
have critically reconsidered the work of Hart and have formulated their own
criteria. As a matter of fact, Hart’s approach does not reveal any dependence
on material imperfection and largely underestimates the effect of strain rate
sensitivity on ductility, unable to reproduce the experiments, see the collection
of data of Woodford (1969). Even if Hart addresses these critics in a subsequent
publication (Lin et al., 1981), it seems that how effective strain hardening and
strain rate sensitivity stabilize the localization process is still a matter of debate
(Sharon et al., 2013).

These criteria captured some interesting experimental trends observed in
the FLDs but their use with advanced material models seems limited by neces-
sary and fastidious, analytical developments. To overcome these restrictions,
imperfection based approaches may be a solution. In their original paper,
Marciniak and Kuczyński (1967) postulated the presence of an initial groove
with reduced thickness, of infinite length and oriented perpendicular to the
major strain direction, in which localized necking is supposed to occur dur-
ing loading. It is assumed that the region outside the groove deforms under
proportional deformation and some geometrical compatibility conditions are
imposed. Note that in general, localized necking in the groove does not cor-
respond to a plane strain deformation mode due to geometrical compatibility
conditions. They prevent the groove from undergoing plane strain deforma-
tion, except if a plane strain state is explicitly imposed outside the groove.
However at the onset localized necking, the deformation mode is very close to
plane strain because the strain rate along the major strain direction becomes
much larger than in the minor strain direction.

Hutchinson and Neale (1978a) extended the Marciniak-Kuczinsky (MK)
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model by considering all the possible initial orientation of the groove. This
is essential to obtain realistic predictions for the negative minor strain re-
gion of the FLD. For the positive minor strain region, the minimum strain at
instability always corresponds to the groove orientation normal to the load-
ing direction and the original MK approach applies which saves unnecessary
computation time. Using the extended MK approach, Hutchinson and Neale
(1978b) have again demonstrated that the strain rate sensitivity effect on duc-
tility is significant even for low strain rate sensitivity exponents. Their studies
on rate- independent and dependent materials have revealed that the onset of
plastic instability is affected by the constitutive model. J2 deformation and
flow theory give distinct results.

Since the seventies, the extended MK framework has been extensively em-
ployed to better understand the localized necking and predict the formability
of sheets. Barlat (1987) extended the MK model to take into account any
anisotropic yield locus and so to study the influence of the yield locus on
the ductility of metallic sheets. Different yield surfaces described either by a
phenomenological Von Mises equation or by the procedure of Taylor/Bishop
and Hill (TBH) for polycrystalline aggregates were investigated. The Taylor-
Bishop-Hill yield locus predicted quite realistic FLD while the Von Mises yield
locus resulted in overestimation. The impact of the yield surface shape has
been further explored by Lian et al. (1989). Their study demonstrated that
the shape of the right-side of the FLD is strongly affected by the yield surface
shape between plane strain deformation and equibiaxial stretching. Yao and
Cao (2002) pointed out that formability is also affected by kinematic hard-
ening by considering both isotropic and kinematic hardening within the MK
framework.

Compared to classical continuum plasticity models, crystal plasticity mod-
els allow a better agreement between experimental FLDs and numerical predic-
tions by taking into account the evolution of crystallographic texture. However
several studies have shown that depending on the initial texture, the formabil-
ity may or not be influenced by texture evolution. Different crystal plasticity
models and homogenization scheme have been successfully used: rate inde-
pendent crystal plasticity (Tóth et al., 1996; Knockaert et al., 2002) and rate
dependent crystal plasticity (Inal et al., 2005) under Taylor assumption, or
viscoplastic self consistent model (Signorelli et al., 2009). The MK model has
been recently extended by Eyckens et al. (2009, 2011) to take into account
through thickness shear encountered in single point incremental forming.

Other types of localization model include bifurcation type model and per-
turbation type model. Bifurcation analysis gives a general framework to obtain
criteria without requirement of initial imperfection or threshold value at which
localized necking occurs. According to this approach, a criterion for diffuse
necking is given by the loss of positivity of the second order work (Hill, 1957).
Localized necking or shear banding is predicted by the loss of ellipticity of the
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governing differential equations (Rudnicki and Rice, 1975; Hill and Hutchinson,
1975). As soon as softening occurs in rate-independent materials, the equilib-
rium equations lose ellipticity and the problem becomes ill-posed in a conven-
tional continuum framework. As an example, FEM simulations of localized
necking may result in a high mesh sensitivity due to the occurrence of strain
jumps along discontinuity lines/planes (Sluys, 1998). For a proper formulation,
enhanced (regularized) theories are necessary, by means of higher-order time
derivatives (viscoplasticity) or higher-order spatial derivatives (strain gradient
models). For viscoplastic material, the ellipticity is indeed preserved and strain
fields remain continuous even in the presence of strain softening (Needleman,
1988).

When plastic localization starts, very large plastic gradients develop, lead-
ing to strain gradient plasticity effects. A very large density of geometrically
necessary dislocations (GNDs) is indeed required to accommodate the plastic
gradients associated to the development of a neck or a localized band in metal
sheet. The accumulation of GNDs leads to an additional strain hardening
source compared to a purely isotropic hardening contribution dictated by the
accumulation of statistically stored dislocations only. This kind of stabiliza-
tion effect has been studied by Niordson and Redanz (2004) and by Niordson
and Tvergaard (2005) using 2D FE simulations relying on the strain gradient
plasticity model of Fleck and Hutchinson (2001).

Significant effort has been devoted to the prediction the FLDs of CG metal-
lic sheets for industrial stamping but little attention has been paid on the duc-
tility of metallic films with UFG or NC grain sizes. A strain gradient plasticity
approach dedicated to metallic thin films with columnar grains has been fol-
lowed by Brugger et al. (2010) in order to investigate the effect of the thickness,
grain shape and surface constraints on ductility. Their study pointed out that
even if a reduction of the film thickness leads to a lower necking resistance
due to higher yield strength, this deleterious effect can be compensated by the
strain gradient effect. Recently, Pardoen (2014) developed an enhanced closed
form 1D imperfection based localization analysis in order to investigate the
mechanics of diffuse necking in metallic films in uniaxial tension. His model
relies on a description of the localization process in a finite length specimen
using either a 2- or 3- zones model, following the linear approach of Hutchinson
and Neale (1977). A strain gradient plasticity contribution to the hardening
of rate sensitive materials was incorporated in the model along with possible
creep or relaxation deformation mechanisms. Linking the plastic flow param-
eters to the microstructure and film thickness, this model showed that the
ductility can dramatically drop for either very small grain sizes and/or film
thickness due to the high strength and to the presence of imperfections. Duc-
tility at small grain size can however be recovered owing to an increased rate
sensitivity resulting from thermally activated mechanisms, in agreement with
experimental observations.
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2.7 Thin film mechanical testing

The last decade has seen a rapid development of a wide variety of testing
methods for the mechanical characterization of thins films, permitting nearly
all types of macroscale mechanical tests to be performed at the nanoscale.
Tensile testing as well as bending, fracture and fatigue experiments are nowa-
days commonly performed. Several reviews have recently covered the topic of
nano-mechanical testing (Gianola and Eberl, 2009; Dehm et al., 2017). This
section summarizes the miniaturized deformation strategies developed over the
last decade and provides some examples of the on-chip approach, following the
short review proposed by Pineau et al. (2016).

When testing freestanding thin films, the main difficulty is the extraction,
manipulation and positioning of the samples. The characterization methods
can be roughly classified in three categories. In the first approach, thin films
are removed from a patterned template, attached to a nanomanipulator and
transferred to the testing frame where they are glued or welded at anchors.
The second opposite approach consists in bringing the loading device to the
test specimen still attached to the original frame. The last category is generally
referred as the "on-chip" approach. On-chip means that the material is directly
characterized on the test platform on which it is deposited, with the loading
devices and the measurement sensors partially or totally embedded on the
testing frame. Other conventional techniques devoted to the measurement of
mechanical properties of thin films are nanoindentation or the wafer curvature
measurement method under thermal cycles (Nix, 1989) but these techniques
are not adapted for freestanding thin films. Figure 2.11 represents a series
of nanomechanical testing methods which have been successfully applied to
freestanding thin films. Various experimental set ups transpose a miniaturized
version of macroscopic tensile tests. The first microtensile mechanical test-
ing systems have been imagined by Sharpe et al. (1997) and Tsuchiya et al.
(1998) (see Figure 2.11(a)). Electrostatic and piezoelectric external actua-
tors have been used to pull on the films. As depicted in Figure 2.11(b), the
nano-manipulator used to transfer thin ribbons can also actuate the force for
deforming the test material, while gluing or welding the opposite side of the
sample to a force sensor (Prakash et al., 2011). After focus ion beam (FIB)
machining, specimens are connected to specific gripper or AFM equipments
which pull them in tension (Kiener et al., 2008; Jang and Greer, 2011). Such
set ups allow direct in situ observations within a scanning electron microscope
(SEM). Similar approach has been developed by Kang and Saif (2010) for thin
films. One of the major difficulties in the techniques (a-c) cited above is the
proper connection between specimens and external loading devices. A small
misalignment of the specimen induces off-axis loading and invalidates indeed
the accurate extraction of stress and strain (Kang et al., 2010).

Microelectromechanical systems (MEMS) can be advantageously used to
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circumvent these issues as specimens, actuators and strain sensors can be di-
rectly integrated on the testing frame. Figures 2.11(d-f) provides examples of
tensile testing methods based on MEMS fabrication techniques. Figure 2.11(d)
show the MEMS-based testing approach proposed by Haque and Saif (2002).
An external piezo-actuator is still required to pull on the sample which is
directly deposited on a supporting beam structure, specially designed to min-
imize misalignment. Espinosa et al. (2007) have proposed a fully integrated
MEMS based method with both actuation and sensing embedded on the test
stage. The technique illustrated in Figure 2.11(e), relies on electrostatic or
electrothermal actuators. These testing stages enable transmission electron
microscope (TEM) imaging as the back etching of the wafer under the spec-
imen allows in situ characterization, see e.g. (Hosseinian et al., 2016). On-
chip actuation of elementary tensile testing structures has been proposed at
UCLouvain. The underlying idea of this technique, schematically represented
in Figure 2.11(f), is to use internal stress generated in one film to deform an-
other film. Chapter 3 extensively describes this technique as it is the main
testing technique used in this thesis. All previous on-chip methods require
micro- and nano-fabrication techniques as lithography and etching in order to
prepare the samples and the associated testing stage.

Other loading configurations have also been suggested. Espinosa et al.
(2004) have developed a nanoindentation based method, represented in Figure
2.11(g), to test free-standing clamped beams under purely uniaxial tensile
conditions within the gauge sections. The stress is related to the nanoindentor
load while interferometry measurement is used to extract the strain. The bulge
test, shown in Figure 2.11(h) consists in deflecting a thin membrane by means
of a pressurized fluid and involves biaxial loading conditions which can vary
from plane strain to equibiaxial stretching depending on the aspect ratio of
the membrane, see e.g. (Xiang and Vlassak, 2006; Nicola et al., 2006).
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Fig. 2.11: Various set ups for testing the mechanical properties of freestanding thin
films: (a) tensile stage by Tsuchiya and co-workers, (b) nanomanipulator directly
used to apply deformation, (c) FIB machined micro grips, (d) MEMS based test
frame by Haque and Saif, (e) MEMS tensile stage by Espinosa and collaborators,
(f) the UCLouvain on-chip testing laboratory, (g) tensile loading through deflection,
(h) bulge test configuration. Image reproduced from Pineau et al. (2016).
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Contribution to the UCLouvain

on-chip nanomechanical test
method

The continuous progress in micro- and nano-fabrication techniques has opened
new fields of applications for nanoscale objects such as sub-micron thin films.
For several years, major effort has been devoted to the understanding of the
mechanical behaviour and deformation mechanisms of materials at such small
scale. The impact of these researches also concerns other fields like coatings
and thin membranes. For supporting this new research domain, the scientific
community has designed new testing devices able to extract the mechanical
behaviour of nanoscale objects.

The versatile on-chip MEMS-based method, developed at UCLouvain in
the year 2007-2008, is devoted to the deformation behaviour of freestanding
thin films. It relies on micro-fabrication techniques used to produce MEMS.
In this chapter, the basic concept of the technique is briefly presented and the
data reduction scheme is subsequently detailed. Then, some contributions of
the present thesis are presented. First, I have adapted the fabrication pro-
cess to the specific application on nickel films. Next, the UCLouvain on-chip
technique is for the first time analysed through finite element modelling. The
aim of this analysis is to answer the following question: how does the chosen
design influence the extracted stress and strain as well as the loading path?
Errors between the real and the extracted mechanical behaviour are computed
and some design guidelines are given. Afterwards, improved data reduction
schemes are proposed in order to precisely extract the strain and the stress
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in the specimen. Finally, the effect of plasticity and viscoplasticity is investi-
gated and the last subsection aims at providing an estimate of the strain rate
undergone during the release of the specimen.

3.1 The concept
The underlying idea of the on-chip technique is to use internal stress generated
during the deposition of an "actuator" beam in order to pull on another thin
material sample (see Figure 3.1). When the underneath sacrificial layer is
etched away, the actuator is free to contract and thus to stretch the sample
until force equilibrium is reached (Gravier et al., 2009). The present testing
method differs from the majority of techniques presented in the literature (see
section 2.7) as hundreds of elementary tests are simultaneously carried out on
a single 3 inch silicon wafer; each elementary structure providing one point
of the stress-strain curve. Using the micro- and nano-fabrication techniques,
it is easy to reproduce a high number of elementary structures. It also gives
the possibility to control and progressively vary the deformation state inside
different specimens without the need to build a complex multi-purpose testing
stage. The main drawback of the technique is that the sample cannot be
analysed in situ due to process requirement. So some relaxation might already
occur between the time of release and the first measurement.

Fig. 3.1: Elementary internal stress actuated uniaxial tensile test structure, (a)
before release, (b) after release. Direct measurement of the cursor displacement
allows to recover one point of the stress-strain curve.

An elementary tensile testing structure, called "micromachine", is built on
top of a silicon wafer (see fig 3.2). First, a sacrificial layer is deposited over the
entire substrate without patterning. The actuator layer is deposited on top of
the sacrificial layer. The material of this layer involves high tensile internal
stresses in order to provide the actuating force. This actuator layer is patterned
by lithography techniques. Then, the specimen layer is deposited and also
patterned, see Figure 3.2(f). The sacrificial layer is etched away to release the
structure. The specimen beam is deformed in tension owing to the contraction
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of the actuator, see Figure 3.2(g). During the release step, the actuator beam
relaxes elastically acting as a spring while the force in the specimen beam force
raises until force equilibrium is reached. The stress and the mechanical strain
in the specimen can be directly inferred from the displacement u measured
between dedicated cursors (see Figure 3.1(b) and section 3.2). Different levels
of stress can be imposed by changing the length or the width of the actuator
and/or of the test specimen, allowing the determination of a full stress strain
curve from small strain elastic behaviour up to fracture.

Fig. 3.2: Processing steps used to prepare tensile structures. (a) substrate, (b)
deposition of the sacrificial layer, (c) deposition of the actuator, (d) patterning of
the actuator, (e) deposition of the specimen layer, (f) patterning of the specimen
and (g) release

The selected material of each layer has to fulfil some specific requirements.
The actuator layer has to contain a high level of tensile internal stress and the
internal stress gradient through the thickness has to be negligible to avoid out-
of-plane deformation. The actuator has to be a though material which only
deforms elastically without any visco-elastic or plastic effects to provide an
accurate mechanical analysis. The choice of the specimen layer is dictated by
scientific or practical interest. The specimen can contain tensile or compressive
internal stresses. Under these conditions, the specimen and the actuator can
actually be made of the same material if it respects all the requirements. The
sacrificial layer has to be easily removed by a selective etching solution without
harming the actuator nor the specimen layers. The selection of the material
of each layer, envisaged in this thesis, is presented in section 3.3.

3.2 Mechanical analysis
In the case of uniaxial tension, the stress σs and the mechanical strain εsmech
in the specimen can be directly inferred from the displacement u measured
between a moving and a fixed cursor using scanning electron microscopy, from
the knowledge of the Young’s modulus of the actuator, and from the mismatch
strain of both the actuator εamis and the test specimen εsmis. These mismatch
strains result from the fabrication process and from the deposition steps. The
experimental approach is presented in this section. The mechanical analysis
starts by considering the actuator. Then, the analysis of the stress state in the
specimen subjected to uniaxial tension is presented. The characteristic dimen-
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sions and properties of actuator and sample layers are respectively denoted by
the subscript ()a and ()s.

The total strain in the actuator εa is assumed to be the sum of the me-
chanical strain εamech and the mismatch strain εamis:

εa = εamech + εamis. (3.1)

By convention, a contraction of the actuator is associated to a positive dis-
placement u > 0. The strain in the actuator εa writes:

εa = ln

(
lanom − u
lanom

)
' −u
lanom

(3.2)

where lanom is the nominal initial length (i.e. before release) of a constrained
actuator and u is the displacement measured at the actuator cursor after the
release. As the actuator remains elastic during deformation, the stress σa is
directly determined from Hooke’s law:

σa = Eaεamech (3.3)

where Ea is the Young’s modulus of the actuator. Using equation (3.3), it
is possible to calculate the load F corresponding to a constrained actuator of
cross section area, Aa:

F = Aaσa = AaEaεamech = AaEa (εa − εamis)

= AaEa

(
−u
lanom

− εamis

)
. (3.4)

If we now consider uniaxial tension in the specimen, the total deformation
of the specimen εs which can deform up to large deformation is given by:

εs = εsmech + εsmis = ln

(
lsnom + u

lsnom

)
(3.5)

where lsnom is the nominal length (i.e. before release) of the specimen. The
stress inside the specimen of cross section area, As, can be inferred directly
from the force equilibrium, i.e. F = σaAa = σsAs. This leads to:

σs = F

As
= Aa

As
Ea

(
−u
lanom

− εamis

)
. (3.6)

Equations (3.5) and (3.6) provide one point of the specimen stress-strain
response. By varying the geometrical dimensions of the elementary test struc-
ture, it is possible to cover a large range of stresses and strains in the specimen,
giving access to the full stress-strain curve of the specimen. As a consequence,
the design includes micromachines with varying dimensions. Specifically, long
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Fig. 3.3: Rotating sensor (a) and free beam (b) structures before release. The red
(green) arrows represent the motion of the structure after the release of a film with
compressive (tensile) internal stress.

specimens and short actuators provide small stress, deforming only elastically
the sample while short specimens and long actuators involve higher stress,
possibly leading to plasticity in ductile materials. The effect of width and
thickness ratio is similar. Typical widths are 10-15 µm and 1-6 µm for the
actuator and specimen beams, respectively. The total length of the structure
(actuator and specimen) is between 500 and 2000 µm.

The design and error analysis have been detailed in Gravier et al. (2009).
The most important sources of error on the stress extraction comes from the
errors on the measurement of u and εmisa . While u is measured by direct
SEM observation, the mismatch strain of the actuator and of the specimen is
calculated from the analysis of free beam structures, auto-actuated structures,
rotating sensors or by the measurement of internal stresses. These dedicated
structures are located close to the tensile testing structures, giving locally
access to the internal stress and allowing the evaluation of its homogeneity on
the substrate.

Before patterning, the mismatch strain can be determined using wafer cur-
vature measurements in order to compute the internal stress σStoney and then
recover the mismatch strain:

σStoney = 1
6

Esub

1− νsub

(
hsub

)2

hf
∆κ. (3.7)

where Esub/(1 − νsub) is the biaxial modulus of the silicon substrate, hsub is
the substrate thickness, hf the film thickness and ∆κ is the variation of the
sample curvature (due to equibiaxial stress), measured by profilometry. The
corresponding deformation is given by:

εamis = σStoney
1− νa
Ea

. (3.8)
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Using for instance free actuators consisting in a beam connected to an
anchor on one side (see Figure 3.3(a)), the mismatch strain inside the actuator
can be probed after the release and εamis writes:

εamis = ln
(

1− ufree

lfreenom

)
(3.9)

where ufree is the displacement measured at the actuator cursor after the re-
lease of a free actuator (u < ufree) and lfreenom is the nominal length a free
actuator. As a matter of fact, in the case of a free actuator, as no external
loading is applied, the mechanical stress is zero. After the release and sub-
sequent total relaxation of the internal stress, the total strain is thus exactly
equal to the mismatch strain.

Another kind of structures used to locally measure the internal stress are
the rotating sensors. As depicted in Figure 3.3(a), these structures consist
of a central beam perpendicular to two clamped arms. When the structure
is released from the substrate, the arms contract or extend. The mismatch
strain is then inferred from the deviation of the central beam using analytical
formula or FE simulations (He et al., 2008).

In the case of auto-actuated structures, the test devices are designed identical
as the uniaxial tensile testing structures but the actuator and specimen beams
are constituted of the same material. εamis is derived from the cursor displace-
ment as for classical uniaxial tensile testing structures. Assuming that both
the actuator and the specimen remain elastic, force equilibrium conditions lead
to

εamis =
As ln

(
lsnom+u
lsnom

)
+ Aa u

lanom

As − Aa
. (3.10)

The accuracy on u is considered to be less than 50 nm when using high
magnification FEG SEM micrographs. The current accuracy estimation of the
mismatch strain is about 5% using dedicated test structures near the set of
tensile structures, such as free actuators and self-actuators. This leads to an
error on the stress of around 10%. Regarding the measurement of the strain,
only the error on u is critical, resulting in less than 5% relative error on the
strain.

3.3 Contribution to the fabrication process
and material selection

In the last decade, there has been a growing interest towards the use of
nanocrystalline nickel films for their potential applications in micro-mechanical
switches and actuators due to their mechanical and catalytic properties. Nanocrys-
talline nickel present also high corrosion and wear resistance properties.
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(a) After deposition (b) After 1 min etching of HF 73%

Fig. 3.4: Plane view of the Ni films before and after HF 73% etching during 1 min.
Note the surface heterogeneity after HF etching.

In the present thesis, specific layers and fabrication steps have been inves-
tigated to adapt the lab-on-chip technique to Ni. Despite several attempts,
no viable fabrication process for Ni on-chip structures has been found. Nev-
ertheless, the details of the proposed process used to produce test structures
dedicated to Ni are described in this section as a way to keep memory of the
critical aspects for future developments. Figure 3.2 illustrates the fabrication
process. The whole process has been performed in the WINFAB class 100
cleanroom facilities.

Substrate selection. The substrates used in WINFAB cleanrooms are pure
{100} monocrystalline Si wafers with a diameter of 3 inches and a thickness
equal to 380 µm, polished on the front face. Wafers with monotonic curvature
are selected by profilometry in order to accurately measure the radius of cur-
vature of the substrate and get a precise value of the internal stresses using
equation 3.7.

Sacrificial layer. This layer has to be etched away by wet or dry etching
without damaging the actuator nor the specimen layer. The first attempt
was to use 1 µm thick silicon dioxide sacrificial layer and a wet release using
hydrofluoric acid, HF 73%. The best compromise between layer quality and
etching time is to use plasma enhanced chemical vapour deposition (PECVD)
to deposit the SiO2 layer. The precursor gases were composed of 100 sccm of
SiH4, 700 sccm of N2O and 350 sccm of N2. The deposition was made at 300◦C
and was densified during 20 minutes at 800◦C. Nevertheless the selectivity of
HF etchant for the Ni layer (i.e. the ratio of the etching rate of the sacrificial
layer and of the specimen) was low. HF etching profoundly modified the
surface state and the roughness of the Ni layer as shown in Figure 3.4. A
second successful attempt was to use the silicon substrate itself as sacrificial
layer and TMAH or XeF2 etching. For TMAH etching, 〈100〉 directions were
oriented at an angle of 45◦ with respect to the Si flat.
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Fig. 3.5: Illustration of the overetching of the Si sacrificial layer due to the selectivity
of SF6 gas. The overetching was such that the Ni layer does not overlap the actuator,
resulting in no anchor between the 2 layers.

Actuator layer deposition and patterning. As previously mentioned,
the actuator dimensions and mechanical properties are the key elements to
load the specimen and to extract its mechanical behaviour. This layer has to
present a high level of tensile internal stress and to be as uniform as possi-
ble over the entire wafer. Hence, a low pressure chemical vapour deposition
(LPCVD) Si3N4 layer was deposited at 800◦C on top of the sacrificial layer
in a Koyo VF-1000LP. The precursor gases were 30 sccm of SiH2Cl2 and 120
sccm of NH3 at a pressure of 35 Pa in the tube. The induced tensile internal
stresses were observed to be thickness independent and around ∼1 GPa. The
thickness uniformity was very good, varying by approximately 1 − 3 nm over
the entire wafer. As the LPCVD method was used, Si3N4 was deposited on
both sides of the substrates. Prior to the actuator patterning on the front
face, this layer was totally etched on the back face by dry etching with SF6
and internal stress was measured by profilometry. Then a positive photolithog-
raphy was used for the patterning of the actuator layer. A positive photoresist
(AZ6612) was deposited on the actuator layer. After prebaking at 110◦C for
90s, the photoresist is exposed to UV light with a patterning mask during 3.4s.
The exposed photoresist is then dissolved in a TMAH-based solution (AZ 726
MIF) during 60s. A post-exposure bake of 90s at 130◦ densified the remain-
ing photoresist. The photolithography was followed by a SF6 plasma etching,
patterning the Si3N4 layer. To prevent overetching of the Si sacrificial layer
due to the low selectivity of SF6 (as illustrated in Figure 3.5, the last 20 nm of
Si3N4 were etched by CHF3 plasma. The remaining photoresist was removed
with acetone.

Specimen layer deposition and patterning. Only pure Ni films have
been investigated in this thesis. The Ni films were patterned using lift-off pho-
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tolithography. In contrast to the positive lithography of the actuator, a nega-
tive photoresist (AZ5214E) was first deposited and patterned. After prebaking
at 110◦C for 90s, the photoresist was exposed to UV light with a patterning
mask during 2s. A post-baking of 40s at 120◦C was then performed, followed
by a flood exposure without mask during 6s. The negative photoresist was
then developed in the AZ 726 MIF solution. The Ni was then deposited non-
conformally over the resist. The material deposited on the photoresist was then
lifted off by dissolving the resist in acetone within an ultrasonic bath while the
material deposited between the resist remains on the substrate. Ni films were
first deposited using e-beam evaporation. The intrinsic magnetic field of Ni
deviates the electron beam and thus did not allow a proper control of the depo-
sition rates. High internal tensile stresses1 were generated over 1 GPa, leading
to cracking issues in many locations (e.g. at corners, see Figure 3.6). In order
to circumvent these difficulties, 300 nm thick Ni thin films were fabricated by
direct current magnetron sputtering in a chamber from AJA under an argon
(Ar) plasma pressure of 6 mTorr, at room temperature. To ensure a good
uniformity, the samples were rotated at 45 rpm and put at a relatively large
sputtering distance (122 mm) from the high purity Ni target (99.99% purity).
Deposition time was 120 min while the sputtering power was 50W. To ensure
the adhesion of the overlapping region between the Ni and the Si3N4 beams,
Ni was deposited on top of a thin TiO2 adhesion layer deposited by RF sput-
tering (chamber pressure 2 mTorr and sputtering power 50W during 15 min).
The Multi-beam Optical Stress Sensor (MOSS) technique, described in Figure
3.7, was used to evaluate the internal stress during and after the deposition.
A CCD camera, mounted inside the AJA deposition chamber, continuously
detects the position of an array of 3×4 parallel laser beams, reflected off the
cantilevered sample. The variation of sample curvature is given by:

∆κ = Y
D −D0

D0
(3.11)

where D is the average distance between the reflected spots, D0 is the initial
average distance between the spots and Y is an optical parameter equal to 0.68
m−1 for the AJA chamber. The curvature variation is related to the internal
stress by the Stoney’s equation:

Esub

1− νsub

(
hsub

)2

6 ∆κ = hfσMOSS =
∫ hf

0
σincr(h)dh. (3.12)

σMOSS is the average internal stress in the film. When hfσMOSS is plotted
as a function of hf , its derivative is the incremental internal stress in the film
σincr(h), describing the evolution of the internal stress during deposition and

1 The internal stresses of the evaporated Ni films were determined by wafer curvature
measurement on a non-patterned wafer of the same deposition batch. Patterned layers lead
indeed to high inaccuracies in the determination of the wafer curvature.
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Fig. 3.6: Illustration of the underetching of the Si sacrificial layer due to the selec-
tivity of SF6 gas. The underetching was such that the Ni layer does not overlap the
actuator, resulting in no anchor between the 2 layers.

Laser

Substrate

Beam 

splitter

dCCD camera

Fig. 3.7: Sketch of the Multi-beam Optical Stress Sensor (MOSS). If internal stresses
are generated during the deposition process, the substrate curvature will change.
The stress inside a thin film can be computed from the variation of substrate curva-
ture via equation (3.12). To measure the curvature accurately, parallel laser beams
are reflected on the substrate and continuously detected by a CCD camera. When
the substrate bends, the mean spacing between the spots in the CCD varies and the
variation of curvature is directly proportional to the spots distance variation.

possible subsequent relaxation. At the end of the deposition, the mean internal
stress inside the Ni layer σMOSS was around 400 MPa which is a significant
reduction compared to the stress level of the first attempts (1 GPa). It is
worth to mention that the patterning masks used in this thesis did not allow
an in situ monitoring of the internal stress. As the whole wafer was patterned,
no sufficiently large plane surface was indeed available for the laser beams
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reflection and the internal stress was thus measured on plain wafers. The
new mask design proposed in 2017 includes now a dedicated area for MOSS
measurements.

Release. The final step of the process allows the loading of the Ni specimens
after etching of the sacrificial layer. The release was conducted in a TMAH
(Tetrametylammonum hydroxide) solution (10% vol) at a fixed temperature of
90◦C. The TMAH solution dissolves selectively the Si substrate without any
alteration of the Ni and Si3Ni4 layers. The etching rate for the 〈100〉 direction
was 1µm/min. Note that the TMAH etching is an anisotropic etching which
depends on the atomic densities of the Si crystalline planes. This means that
freestanding beams can be obtained only if they are oriented along the (100)
planes which is at an angle of 45◦ with respect to the flat of the wafer. Once the
etching was completed, the sample was immersed for 10 minutes in deionized
water at 50◦C to stop etching and to reduce thermal gradient. Afterwards, the
sample was left for 2×10 minutes in water at room temperature. As the release
was performed in a wet environment, a supercritical drying was required to
avoid the stiction of the structures on the underneath substrate. Release by
XeF2 has also been investigated. As XeF2 etching is inhibited by silicon dioxide
and altered by water, a HF 2% cleaning was therefore performed followed by
a drying at 110◦C during 20 min. The sample was then subjected to 15 pulses
of 3s cycle of 2 Torr of XeF2 etchant.

Even if these two release techniques were successful, no viable microma-
chines were obtained, except for some samples with very small lanom/lsnom ratio
corresponding to the elastic domain. Fracture at the overlap or in the sample
was systematically observed, as illustrated in Figure 3.8. The critical aspects
for future Ni micromachines development and some possible solutions are listed
hereafter but have not been implemented due to the extended unavailability
of some equipments in the clean rooms facilities.

• The control of internal stress in the Ni thin film is of prime importance.
Adeline Delvaux has recently deposited 100 nm thick Ni thin films ex-
hibiting nearly no internal stress (less than 50 MPa) by magnetron sput-
tering at room temperature. A sputtering power of 50W under an Ar
plasma pressure of 2 mTorr was imposed.

• An adhesion layer between Ni and Si3N4 should not be omitted to ensure
adherence between the two layers.

• A complete CHF3 etching of the Si sacrificial layer is advised.

• XeF2 release is recommended. This dry etching prevents the supple-
mentary CPD step and the temperature variation associated to TMAH
etching, affecting mechanical response and delaying the first observation.
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(a)

(b)

(c)

Fig. 3.8: SEM images of Ni micromachines after XeF2 release. Figure (a) shows
a viable micromachine characterized by very small lanom/lsnom ratio, leading to an
elastic loading of the sample. Figures (b) and (c) illustrates the systematic rupture
at the overlap (b) or in the sample (c).
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3.4 Finite element modelling

The basic data reduction scheme for the extraction of the stress and strain of
freestanding beams subjected to uniaxial tension has been exposed in the pre-
vious section. In this formulation, an elementary test structure is modelled as
two adjacent rectangular beams perfectly connected and perfectly clamped on
two external fixed parts. In reality, geometry is not so simple. The specimens
are dog-bone shaped: such design ensures uniaxial tension condition along the
gauge length and avoids stress concentration at the edges of the gauge. Fur-
thermore, isotropic etching of the sacrificial layer induces the under-etching
of the actuator and specimen fixed parts which become partly freestanding.
The contribution of all these freestanding parts on the measured displacement
u can lead to non-negligible errors on the extracted stress and strain as well
as an increase of the experimental dispersion. Despite the awareness of these
issues, the impact of the dog-bone and under-etched parts on the extracted
value of stress and strain has never been quantified even if Vayrette et al.
(2015) and Ghidelli et al. (2017) have proposed some improved data reduction
schemes. In order to address these issues, lab-on-chip experiments are per-
formed through finite element simulations. The main objectives of this study
are: (i) to quantify the error induced by the under-etched parts and the dog-
bone on the stress and strain inferred from the cursor displacement through
the original data reduction scheme (Gravier et al., 2009), (ii) to evaluate the
relevance of an analytical correction approach on the measured displacement,
(iii) to assess the robustness of the structures allowing the determination of
the mismatch strain εmis which is the main source of error on the stress.

In this section, finite element models are used to simulate the test struc-
tures from internal stress generation to the progressive release process and
the eventual subsequent relaxation. FE simulations are performed using the
software ABAQUS while 2D models of the on-chip structure are developed on
GMSH (Geuzaine and Remacle, 2009). The present FE modelling focusses on
the latest generation of on-chip structures in which the dog-bone shape differs
from the previous generations (Vayrette et al., 2015). The dimensions of the
structure vary as follows in the new generation: specimen length lsnom =50-100-
200-400 µm, specimen width ws =1-0.5,2.5-4 µm, actuator length lanom, thirty
values ranging from 50 to 1500 µm, widths of the tapered actuator: wamin =10
µm and wamax =14 µm. Test structures are grouped in instances for which ws
and lsnom are constant. Nine instances are simulated and model dimensions are
limited to the following values tabulated in Table 3.1. As depicted in Figure
3.9, half structures are meshed with second order plane stress triangular ele-
ments and the bottom line of the mesh has zero displacement along its normal,
corresponding to mirror symmetry conditions. The cursors present on the ac-
tuator are not represented here and the displacement of the cursor is instead
monitored by the displacement of the interface between the actuator and the
specimen in the FE model (see Figure 3.9).



50 Chapter 3 - Contribution to the UCLouvain on-chip method

u
e1

e2

Fig. 3.9: 2D-model of an on-chip structure. Actuator material is represented in blue
whereas the specimen material is in orange. The mesh is generated with GMSH.
The displacement u is monitored by the displacement of the interface between the
actuator and the specimen.

lsnom [µm] ws [µm] lanom [µm]
50 1.5 050 100 200
200 2.5 250 280 360
400 4 450 550 650

750 850 950
1075 1225 1500

Table 3.1: Dimensions of the actuator and specimen FE models

As the underlying idea of the lab-on-chip technique is to use the internal
stress created during the deposition of the actuator to pull on another specimen
film, biaxial internal stresses are generated by thermal loading while all the
nodes of the mesh remain fixed. Even if the origin of the internal stress in the
specimen and actuator layer are not precisely known, the present FE model
assumes only thermal stresses. Thermal expansion coefficient and temperature
variation are chosen such as to build a equibiaxial stress corresponding to
the 1075 MPa typically, measured experimentally after the deposition of the
actuator. The elastic properties of the actuator have been taken from the
measurement performed on the LPCVD Si3N4, with a Young’s modulus Ea

and a Poisson coefficient νa equal to 250 GPa and 0.3, respectively.

During the etching step, the different parts of the on-chip structure are
progressively released and free to deform: the specimen and actuator beams,
the specimen dog-bone shapes, the under-etched specimen and actuator an-
choring parts due to the isotropic etching of the underlying sacrificial layer.
The etching of the sacrificial layer is simulated by progressively releasing ini-
tially blocked node sets. It is assumed that the etching front progresses at
constant velocity υ, corresponding to the etching rate, from the edges towards
the center of the sample. The progressive release process can be visualized
in Figure 3.10 for υ = 0.181µm/s. The total etching time is decomposed in
several time intervals tk - tk+1. The node set NSETk associated to the etching
time interval tk - tk+1, contains all nodes nj of the mesh which have met the



51

(a) t = 28s: the specimen is fully released and freestanding.

(b) t = 32s

(c) t = 38s: the actuator is fully released and freestanding.

(d) t = 50s: the under-etching of the anchoring part further increases.

Fig. 3.10: Visualization of the progressive etching process on the undeformed mesh
by successive release of initially blocked node sets. Colors red and blue correspond
respectively to released and blocked mesh nodes.
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etching front during this laps of time:

NSETk = {nj} | υtk < dnj
≤ υtk+1. (3.13)

The distance dnj
associated to the jth mesh node of coordinate (xnj

, ynj
) is the

minimum distance of the node to the periphery of the unreleased structure,
consisting of the infinitely many points (xi, yi) along its length:

dnj
= min

i

(√(
xnj
− xi

)2
+
(
ynj
− yi

)2
)
. (3.14)

dnj
is computed using the Python package Shapely dedicated, to the analy-

sis and manipulation of planar geometries. The simulation includes an over-
etching time, corresponding to supplementary etching occurring still after com-
plete release of the actuator. As depicted in Figure 3.10(a), the specimen is
earliest released. In Figures 3.10(b) and 3.10(c), the etching front further
progresses and the actuator becomes fully released after a laps of time cor-
responding to wamax/2υ. Additional time increases the under-etching of the
anchoring parts of the specimen and actuator, see Figure 3.10(d).

3.5 Results
The lab-on-chip method is a versatile technique which can be used for the
mechanical characterization of elastic material or elasto-(visco)-plastic mate-
rial. Nowadays, oxide layers such as silicon, vanadium or zinc oxides are ac-
tively studied at UCLouvain for possible applications in coating technologies
while previous experimental campaigns have successfully characterized the me-
chanical behaviour of Al (Coulombier et al., 2010), Pd (Colla, 2014) and Cu
(Lapouge et al., 2016) thin films.

Elastic and (visco)-plastic materials are thus investigated in the next sub-
sections. The elastic, plastic and viscoplastic material response are charac-
terized by the material parameters tabulated in Table 3.2. The lab-on-chip
experiment is carried out by performing 15×9 FE simulations corresponding
to the 9 instances described in Table 3.1. A silicon oxide sacrificial layer is
assumed and the etching rate of silicon oxide is set equal to υ = 0.181 µm/s,
corresponding to an HF 47% etching process. A total etching time of 50s is
imposed and subdivided into 50 time intervals. An over-etching time of 12s is
assumed. The total etched distance is equal to υt ∼ 9µm, typically observed
at the under-etched anchoring parts during experiments. The mean stress and
strain in the gauge region are recovered by volume averaging of the stress and
strain in the gauge region. The macroscopic stress and strain are also inferred
from the cursor displacement u following the original data reduction scheme
(Gravier et al., 2009) using equations equations (3.5) and (3.6). For the sake
of simplicity, the mean stress and strain in the gauge will be referred to from
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Actuator

Elastic Ea = 250 GPa
νa = 0.3

Specimen

Elastic Es = 120 GPa
νs = 0.3

Plastic σf = σ0(1 + kSp)nS

σ0 = 400 MPa
kS = 250
nS = 0.1

Viscoplastic σf = σ0(1 + kSp)nS (ṗ/ṗ0)m
σ0 = 400 MPa
kS = 250
nS = 0.1
m = 0.05
ṗ0 = 0.001

Table 3.2: Material parameters used for the simulation of the elastic, plastic and
viscoplastic materials.

now as σs and εs whereas the stress and strain extracted from the measured
displacement u will be denoted σs|u and εs|u. In order to evaluate the impact
of the simplified data reduction scheme, relative errors ε on the stress and the
strain are computed as

εε = εs − εs|u
εs

and εσ = σs − σs|u
σs

. (3.15)

The nominal stress is used to compute εσ in order to avoid the propagation of
the error related to the strain.

3.5.1 Purely elastic material
A model material with a linear elastic behaviour is studied first. Internal
stresses of 1075 MPa and 171.5 MPa are generated respectively within the
actuator and the specimen. As equibiaxial internal stresses are considered,
the mismatch strain of the actuator and of the specimen are obtained using
equation (3.8): εamis = −0.00301 and εsmis = −0.001 respectively. The sim-
ulation results are presented in Figure 3.11(a). The continuous orange curve
represents the mechanical behaviour extracted from the gauge region while
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the marked lines represent the stress-strain curve (εs|u, σs|u) from 4 different
instances. As expected, the stress state analysis reveals that the initial trans-
verse stress along the direction e2 vanishes after the complete release of the
specimen, corresponding to uniaxial tensile loading in the e1 direction. Please
refer to Figure 3.9 for the definition of the axes. As the initial stress state
in the actuator is equibiaxial before the release, the validity of equation (3.6)
may be questioned. During the etching, the actuator is progressively released.
Whereas the material remains constrained along the direction e1, the actuator
width is free to contract in order to relax the internal stress along the direction
e2. This contraction along e2 hinders elongation along e1 (due to the Poisson
effect) and this lowers the initial tensile internal stress:

σa0 = σabiaxial − νaσabiaxial = −Eaεamis, (3.16)

corresponding to the tensile stress at zero strain in equation (3.6). Further-
more, the evolution of σa with εa in the FE simulations, follows equation (3.6).

The simplified data reduction scheme clearly underestimates the real stress
σs (volumetric average). The stress-strain curves (εs|u, σs|u) deviate from
linearity at small strains and vary from an instance to another, highlighting
the influence of the specimen geometry. Note that the deviation from linearity
originates only from the measured displacement and not from any viscous
relaxation. Such dispersion in the results is also observed experimentally, see
e.g. (Vayrette et al., 2015). As represented in Figure 3.11(b), very large
relative errors on the stress, up to εσ =10, are observed for lanom < 500µm. As
lanom increases, εσ can decrease down to ∼1%. The relative error on the strain
εε ranges between 0.1 and 10% as depicted in Figure 3.11(c). εε decreases with
increasing specimen width ws while the specimen length lsnom does not really
influence the precision. The actuator length has a limited impact on εε: after
some variation below lsnom = 500µm, the relative error remains constant. As
a matter of fact, the precision of (εs|u, σs|u) varies with the dimensions of the
actuator and of the specimen.

Careful analysis of the stress state within actuators with lsnom < 500µm
indicates that the stress field is not uniform and that Saint Venant’s Principle
may thus not apply in such cases. This principle states that: The stresses and
strains in a body at points that are sufficiently far from points of application of
load depends only on the static resultant of the loads and not on the distribution
of loads. The extraction of the σs should thus be limited to actuator sufficiently
long in order to minimize the influence of the non-uniform actuator field. The
actuator anchoring part is under-etched, leading to a distribution of load along
a distance around wamax+2ww+2υt ∼ 50µm for the present simulations (ww will
be defined in section 3.5.1.2 and is represented in Figure 3.14). lanom = 500µm
appears to be a relevant lower bound for the actuator length.

The precision errors can lead to misinterpretation of the experimental data.
A common procedure for determining the Young’s modulus of a material pre-
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senting the stress-strain curve in Figure 3.11(a), is to exclude the data points
below ε = 0.005 and to obtain the slope of the linear regression of the data
points. Such approach leads to the determination of an apparent Young’s
modulus ranging from 105 GPa to 135 GPa whereas Es = 120 GPa.

3.5.1.1 Structure for the determination of the mismatch strain

The determination of the mismatch strain in the actuator is a critical issue
as it directly impacts the extracted stress level inside the specimen. Differ-
ent methodologies have been presented in section 3.3 to extract the mismatch
strain from dedicated structures. The robustness of these structures for the
determination of the proper mismatch strain is assessed through FE simula-
tions. The first approach consists in the measurement of the displacement of
a trapezoidal free beam which is anchored at one of its edges. The case of an
Si3N4 free beam with equibiaxial internal stresses equal to 1075 MPa is inves-
tigated. The release of free beams of different lengths is simulated during 50s
up to complete relaxation of the internal stress. εamis|u is then computed from
equation (3.9). Figure 3.12(a) represents the variation of εamis as a function of
the free beam length lfreenom. εamis|u decreases with increasing free beam length
but is overestimated for any free beam length. Note again the dramatic influ-
ence of lfreenom < 500µm on the extracted values. Figure 3.12(b) illustrates the
influence of the over-etching time tover on the extracted εamis|u. As the over-
etching time decreases, the contribution of the under-etched part decreases,
leading to εamis|u almost equal to its true value for long free actuator beams
(relative error is less than 3%). This approach is however not suitable for all
materials due to possible stress gradient over the layer thickness. The free
beams lie no more in a plane but present an out of plane curvature, making it
difficult to accurately measure the displacement.

Another possibility is to use auto-actuated structures in which the specimen
and the actuator consist of the same material. These dedicated structures are
characterized by a specimen length lsnom = 1000µm, a specimen width ws= 1.5
or 2.5 µm and actuator length lanom varying from 1000 to 1500 µm. εamis|u is
given in this specific configuration by equation (3.10) and the corresponding
values for the actuator and the specimen simulated in the previous paragraphs,
are reported in Figures 3.12(c) and 3.12(d) as a function of lanom. The long
actuators allows reaching an excellent precision of ∼ 3× 10−3 for the averaged
εamis|u.

3.5.1.2 Corrected data reduction scheme

In order to precisely determine the stress and strain inside the specimen,
Vayrette et al. (2015) and Ghidelli et al. (2017) have proposed corrected data
reduction schemes on their own. This section presents their correction mod-
els and outlines their limitations. A new analytical correction model is then
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curves for 4 different instances; (b-c) relative errors on the extracted stress εσ and
strain εε for the case of a purely elastic material.
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Fig. 3.12: Predicted mismatch strains extracted from dedicated structures: free
beam structures and auto-actuated test structures.

presented and compared to the FE predictions.

Vayrette et al. (2015) considered the contributions of all the freestanding
parts of the test structures as illustrated in Figure 3.13. A elementary struc-
ture is decomposed into seven sub-regions: the actuator beam, the specimen
dogbone region and gauge length, the overlap region and the under-etching
zones due to the underlying sacrificial layer. A full 1D description of the sys-
tem taking into account the influence of each deforming part of the structure
is formulated by modelling the 8 sub-regions in series. The measured displace-
ment u is expressed as the sum of discrete displacement associated to each
freestanding sub-region i at the same side of the cursor:

u = − (uaue + ua) (3.17)
u = usover + usdgL

+ usgauge + usdgR
+ usue. (3.18)
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Fig. 3.13: Schematic representation of the correction model proposed by Vayrette
et al. (2015) for one elementary uniaxial tensile testing structure.

Using the small strain formalism, the mechanical strain of sub-region i writes

εimech = εi − εimis = ln
(

1 + ui

li

)
− εimis ≈

ui

li
− εimis. (3.19)

Once force equilibrium is reached after the release, the force F in each subre-
gion i is equal: F = |σiAi|. The accurate extraction of F is fundamental for a
precise determination of the stress in the gauge specimen. The contribution of
the overetched region of the actuator, uaue has to be removed. As the actuator
layer behaves like a linear spring, Hooke’s law gives

F = AiEa

(
ui

li
− εimis

)
. (3.20)

Assuming that the geometrical features of the two actuator sub-regions are
known, the force equilibrium leads the following expression of the displacement
beam ua:

ua =
laueε

a
mis

(
Aanom
Aaue

− 1
)
− u

Aanom
Aaue

laue
lanom

+ 1
(3.21)

where Aaue is estimated equal to wfha (see figure 3.13 for the definition of wf ).
F is then computed using equation (3.20), giving access to each value of the
stress σi.

The strain in the gauge length is finally determined by a dichotomy method.
The specimen Young’s modulus Es is iteratively adapted until the sum of the
computed displacement of all the specimen sub-regions matches with the mea-
sured displacement u. A key limitation of this approach is that the identified
Es varies from an on-chip structure to another, loosing the intrinsic uniqueness
of the Young’s modulus definition. This approach may also not be practical
for plastic and visco-plastic materials.
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In the same vein, Ghidelli et al. (2017) recently proposed a simpler corrected
data reduction scheme where the effect of under-etching and of the change of
thickness along the specimen width are included. The under-etching leads to
an effective beam length longer than the nominal value. The effective actuator
length laeff is the sum of the nominal actuator length lanom and of the under-
etching length laue, estimated to distance υt covered by the etching front during
the release :

laeff = lanom + laue. (3.22)
The measured displacement u can be decomposed into two contributions: the
contraction of the actuator beam ua and a displacement related to the under-
etched zone contraction uaue:

u = ua + uaue (3.23)

in which uaue is estimated as the displacement of a free beam of equivalent
length laue:

uaue = −εmisa laue. (3.24)
The displacement change corresponding to the contraction of the actuator
beam can be extracted by combining equations (3.23) and (3.24).

Neglecting the overlap region, the measured displacement is decomposed
on the specimen side as follows

u = usgauge + usdb + usue (3.25)

where usgauge is the true displacement imposed to the gauge section of the
specimen, usdb is the displacement of the dogbone parts of the specimen and
usue is the under-etching displacement associated to the specimen. According
to Vayrette et al. (2015), usdb and usue can be estimated by a simple 1D isoforce
approach for an elastic material as:

usdb = u

(
ws

weffdb

)(
lsdb
ltot

)
(3.26)

usue = u

(
w

weffue

)(
lsue
ltot

)
(3.27)

where weffdb and weffue are, respectively, the effective width of the dogbone and
the effective width of the under-etching zone while lsdb is the dogbone length
and ltot = lsnom + lsdb + lsue, the total length of the specimen. Direct estimation
of weffdb and weffue is avoided by simplifying equations (3.26) and (3.27). The
displacement imposed to the gauge length writes finally:

usgauge = u− uΩ(lsdb + lsue)/lstot with Ω = ws/wseff (3.28)

where wseff is the effective width of the specimen. Ghidelli et al. (2017) select
Ω = 0.3 in order to ensure that the elastic regime in the computed stress-
strain curve intersects the origin (εs = 0, σs = 0). The mechanical strain and
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stress in the specimen can finally be calculated by replacing respectively u by
usgauge in equation (3.5) and u by ua in equation (3.6) where As can also be
corrected to take into account the possible thickness variation of the specimen
induced by shadow effect of the photoresist during the specimen deposition by
sputtering. This approach needs again some extension for plastic and visco-
plastic materials.

In this thesis, the data reduction scheme has been improved by integrat-
ing all the geometrical features of the freestanding test structures in a more
systematic way, excluding any fitting approach. Correction factors are pro-
posed based on force equilibrium. Following Vayrette et al. (2015), a on-chip
structure is decomposed in several subregions i: the actuator, the actuator
under-etched region, the specimen gauge, the specimen dogbones, the speci-
men under-etched regions and the specimen region linking the dogbone to the
actuator. The influence of the overlap region is neglected. Assuming small
strains, the elastic strain εimech of geometrical subregions i of the actuator or
of the specimen can be determined by

εimech = F

Eihiwi (x) (3.29)

where F is the applied force, hi the layer thickness and wi(x) is the width of
each region i as a function of x, which is the distance between the boundaries
of each region i. The corresponding displacement is obtained by integrating
the deformation εimech over the characteristic length of the region, li

uimech =
∫ li

0
εimechdx. (3.30)

The width corresponding to the dog-bone region of the specimen, wsdg writes

wsdg (x) = ws + 2R− 2
√
R2 − (R− x)2 (3.31)

while the width characterising the under-etched region of the specimen wsue is
assumed to span all the etched surface

wsue(x) = min
(
ws + 2R, 2

√
(υt)2 − (υt− x)2

)
+ 2

√
(υt)2 − (υt− x)2 + 2ww.

(3.32)
For the sake of simplicity, the etch front near the specimen dog-bone is sup-
posed to be circular. The width of the under-etched region of the actuator is
given by

waue(x) = min
(
wamax, 2

√
(υt)2 − (υt− x)2

)
+ 2

√
(υt)2 − (υt− x)2 + 2ww

(3.33)
and the trapezoidal shape of the actuator leads to

wa(x) = wamin + (wamax − wamin)
lanom

x. (3.34)
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Fig. 3.14: Schematic representation of a test structure indicating the characteristic
dimensions used in the correction model proposed in this thesis.

Thereupon, the ratio of displacement of the geometrical subregions of the
specimen to the specimen gauge zone πs is given by

πs =
usue,mech + usdg,mech + usdga,mech

usmech
= lsnom

ws

[
2
∫ R

0

dx

wsdg(x) +
∫ υt

0

dx

wsue(x) +
lsdga
wsdg

]
(3.35)

and the ratio of displacement associated to the elasticity of the under-etched
region of the actuator to the gauge zone πs is

πa =
uaue,mech
uamech

= lanom
(wamax − wamin) ln(wamax/wamin)

∫ υt

0

dx

waue(x) . (3.36)

The dga region corresponds to the rectangle linking the dog-bone to the ac-
tuator (see Figure 3.14). Parameters πs and πa are geometrical coefficients,
independent of the applied force and of the material properties. However, the
total deformation is the sum of mechanical and mismatch strain which leads
to:

εimech = εi − εimis (3.37)

By integrating equation (3.37) over each li and introducing the coefficients πi,
the displacement of the actuator and of the specimen are finally obtained:

ua = u− εamisυt+ πaεamisl
a
nom

1 + πa
, (3.38)

us = u− εsmis (2R + ldga + υt) + πsεsmisl
s
nom

1 + πs
(3.39)



62 Chapter 3 - Contribution to the UCLouvain on-chip method

where u is the measured displacement of the cursor, corresponding to the sum
of the displacement of all the subregions of the actuator or of the specimen. The
present approach needs further extension for plastic and visco-plastic materials.

The present correction and the ones proposed by Vayrette et al. (2015)
and Ghidelli et al. (2017) are compared to the FE predictions for the lab-on-
chip simulations presented in Figure 3.11. The relative errors εσ and εε are
computed and represented in Figure 3.15 as a function of actuator length for
an instance with lsnom = 50µm and ws = 1.5µm. As depicted in Figure 3.15,
the three correction procedures improve the precision on the extracted stress
and strain. For lanom > 500µm, the correction model presented in this thesis
gives the best results for σs. The relative error εσ is improved by more than
one order of magnitude (see Figure 3.15(a)). Note that the uaue = −εmisa laue
assumption of Ghidelli et al. (2017) is not confirmed by FE analysis: in the
under-etched actuator part, the stress is not fully relaxed and the mean strain
in this zone is not equal to εamis. In Figure 3.15(b), the corrections on εs

computed from the present model and from Ghidelli et al. (2017) are similar
while the correction factor of Vayrette et al. (2015) was not computed due to
its physical irrelevance. The relative error εε decreases by a factor 3 to 5. The
previous observations remain valid for each instance. The impact of the under-
etched actuator regions is not properly captured for small actuator length as
any analytical correction model relies on Saint Venant’s Principle.

3.5.2 Elasto-plastic material
Metallic thin films are often studied using the lab-on-chip technique and one
may wonder what is the influence of plasticity on the accuracy of the measure-
ments. A plastic material is now investigated. The strain hardening follows a
Swift law:

σf = σ0(1 + kp)n (3.40)
where σf is the flow stress and p is the accumulated plastic strain. The material
parameters are listed in Table 3.2. The lab-on-chip simulations are performed
and the results of the simulations are depicted in Figure 3.16(a). The internal
stress reaches 405 MPa within the specimen and plasticity takes place before
the release of the actuator. Nevertheless, the elastic regime is accessible as
observed in Figure 3.16(a). This is due to the fact that the stress along the
width direction e2 relaxes during the release. Consequently, the initial stress
along the specimen length direction e1 reduces and becomes lower than the
stress after thermal loading. The (εs|u, σs|u) data are spread and strongly
differs from an instance to another, as observed experimentally by Colla et al.
(2012). The relative errors on the stress are above 3% for any instance and
reaches more than 10 % for the smallest ws, as represented in Figure 3.16(c).
The relative error on the strain is limited to less than 1% (see Figure 3.16(e)).
Plastic deformation occurs mainly in the specimen gauge which exhibits the
narrowest section, limiting the influence of the dog-bone and the under-etched
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Fig. 3.15: Relative errors on the stress (a) and strain (b) as a function of the actuator
length lanom, computed based on the original data reduction scheme (Gravier et al.,
2009), the new correction procedure, the correction of Ghidelli et al. (2017) and of
Vayrette et al. (2015) for a purely elastic material. lsnom = 50µm and ws = 1.5µm.
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specimen anchoring parts. Auto-actuated structures gives a mean mismatch
strain εsmis ∼ 0.0037 while its true value is equal to 0.00237, indicating that
such dedicated structures are not suitable for the extraction of εsmis in an
elasto-plastic material.

As depicted in Figures 3.17(a) and 3.17(a), any correction model worsens
εε in comparison with the original data reduction scheme while the same con-
clusions as in the previous section can be drawn for εσ. The actuator remains
indeed purely elastic.

3.5.3 Elasto-viscoplastic material
Thin films are often subjected to creep and relaxation due to their magnified
strain rate sensitivity which can be detrimental in applications. Previously, Al,
Cu and Pd thin films were experimentally characterized in relaxation using the
lab-on-chip technique. Due to process requirement, the first displacement was
generally recorded after 2 or 3h. The question to be examined in this section
is what is the impact of viscoplasticity on the extracted stress and strain?

A viscoplastic material is studied with the following viscoplastic law:

σf = σ0(1 + kSp)nS (ṗ/ṗ0)m (3.41)

where ṗ is the accumulated plastic strain rate. The material parameters are
listed in Table 3.2. The release of the on-chip structure is simulated and af-
terwards, the simulation continues for 3 hours. The results are presented in
Figure 3.16(b) with the corresponding errors in Figure 3.16(d) and 3.16(f).
The stress and strain curves of 2 elementary structures are represented. The
points marked with a red dot correspond to the first data measured experi-
mentally. Important stress relaxation takes place before the first measurement.
The extracted (εs|u, σs|u) are not representative of the release. Each elemen-
tary structure underwent a different tensile loading and subsequent relaxation
paths. As can be seen in the graph, the four structures exhibit different yield
strengths indicating that they have undergone different loading rates. In previ-
ous studies, the strain hardening capacity of metallic thin films was quantified
in terms of the incremental strain hardening exponent,

nincr = d ln σ
d ln p (3.42)

and in terms of the strain hardening rate

Θ = dσ

dp
. (3.43)

based on a "stress-strain" curve corresponding to the measurements obtained
3 hours after release. So the incremental strain hardening exponent and the
hardening rate reported by Colla et al. (2012) do not have the anticipated
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Fig. 3.16: (a) Comparison between the real behaviour and the extracted stress-strain
curves for 4 different instances; (b) Influence of 3 hours relaxation on the extracted
stress and strain; Relative errors on the stress (c-d) and strain (e-f) as a function of
the actuator length lanom.
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Fig. 3.17: Relative errors on the stress (a) and strain (b) as a function of the actuator
length lanom, computed based on the original data reduction scheme (Gravier et al.,
2009), the new correction procedure, the correction of Ghidelli et al. (2017) and
of Vayrette et al. (2015) for an elasto-(visco)plastic material. lsnom = 50µm and
ws = 1.5µm.

meaning. The analysis of strain hardening in viscoplastic materials requires
indeed careful thoughts as each elementary structure experiences a different
loading rate and a different relaxation rate. The stress relaxation slope is
quiet sharp and this is due to the fact we impose the same thickness for the
actuator and the specimen. Experimentally, the specimen is between 2 and 6
times thicker than the actuator, leading to more compliant relaxation rates.
As observed in Figure 3.16(b), it is worth to mention that the spring-like
relaxation is not purely linear. After the complete release of the actuator,
etching still continues during a laps of time tover = 12s and the under-etching
of the anchoring parts keeps increasing, leading to a non-linear relaxation
behaviour. Extrapolation of the linear relaxation behaviour will thus not allow
to recover the mechanical behaviour during loading.
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As reported in Figures 3.16(d) and 3.16(f), the correction procedure leads
to the same observations as for elasto-plastic material and confirms the inad-
equacy of an elasticity based correction approach for plastic materials.

3.5.3.1 Strain rate

Modelling of the mechanical behaviour of thin films represents a logical con-
tinuation of the lab-on-chip experiments. If representative volume elements or
homogenization techniques are employed, strain rate constitutes an input data
of prime importance for viscoplastic models. The strain rate undergone by a
specimen in an test structure was found to vary with the length of the actuator
and the specimen. This section aims at quantifying the strain rate undergone
by the specimen during the release step and comparing the analytical models
proposed by Vayrette et al. (2015) for elastic materials to the FE predictions.
Before that, the evolution of the actuator shape design and its influence on
the strain rate are presented.

The original design of lab on-chip structures involves rectangular actuator
beams. For a constant sacrificial layer etching rate υ, a perfect rectangular ac-
tuator beam of width wa becomes instantaneously freestanding after a etching
time equal to wa/2υ. In reality, the deposition of the sacrificial layer is not
uniform over the whole substrate, leading to local variation of the chemical
composition and density of the sacrificial layer. During the release step, some
regions of the actuator beam subjected to higher local etching rates become
freestanding while others remain attached to the substrate. The release of the
actuator beam and the specimen mechanical loading are then sequential, un-
controlled and probably very fast. In order to solve these issues, Vayrette et al.
(2015) have introduced structures with a tapered shape actuator. Figure 3.18
is a schematic drawing of such structure with a tapered actuator of maximum
width wamax, minimum width wamin and length lanom .

Fig. 3.18: Schematic illustration of tapered actuator proposed by Vayrette et al.
(2015) for controlling the strain rate.

The mechanical loading starts at time tmin while the actuator is fully re-
leased at time tmax which are the durations required to etch a length of, re-
spectively, wamin/2 and wamax/2. For t > tmin , the in-plane dimensions of the
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freestanding part of the tapered actuator, wamax(t) and la(t), increase linearly
with time:

wamax(t) = 2υt, (3.44)

la(t)
lanom

= 2υt− wamin
wamax − wamin

. (3.45)

This simple design modification allows a controlled progressive release of the
actuator beam avoiding excessive release rates in some sections. As the actu-
ator width evolves linearly from wamin to wamax , the specimen strain and stress
during the release can be computed using equations (3.5) and (3.6), respec-
tively. As the actuator has a trapezoidal shape and the force is constant along
the actuator, the actuator cross-sectional area Aa injected in equation (3.5) is
the product of the actuator thickness ha and the average freestanding actuator
beam width, wa(t) = (wamax(t) + wamin)/2.

Relying on a small strain formulation,Vayrette et al. (2015) considered two
extreme cases in order to estimate the strain rate imposed during the release
step. The upper limit of the strain rate is derived by considering that the
actuator has fully relaxed its internal stress at the end of etching step, leading
to εa = εamis). Based on the associated displacement, the upper limit of the
strain rate writes

ε̇max = 1
lsnom

du
dt = −εamis

lanom
lsnom

(
2υ

wamax − wamin

)
. (3.46)

In this case, the strain rate is time independent. ε̇max linearly increases with
increasing εamis , υ, lanom/lsnom and is inversely proportional to wamax − wamin .

The second approach consists in expressing the specimen strain rate from a
purely elastic formalism of the mechanical equilibrium between the sample and
the actuator at each time t. Assuming elastic strains and combining equations
(3.5) and (3.6) leads to:

u = lsnom

(
σs

Es
+ εsmis

)
(3.47)

= lsnom

(
F

EsAs
+ εsmis

)
(3.48)

= lsnom

(
EaAa

EsAs

(
− u

la(t) − ε
a
mis

)
+ εsmis

)
(3.49)

u

(
lsnom
la(t)

EaAa(t)
EsAs

+ 1
)

= lsnomε
s
mis −

lsnomE
aAa(t)

EsAs
εamis. (3.50)

The actuator area is given by

Aa(t) = ha (2υt+ wamin) /2. (3.51)
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Introducing (3.45) and (3.51) in (3.50), the strain rate finally writes:

ε̇ = 1
lsnom

du
dt = 1

lsnom

BdA− AdB
B2

with u(t) = A

B
= EsAsεsmis − εamisEaha [υt+ wamin/2]
EsAs

lsnom
+ Eaha

wamax − wamin
lanom

υt+ wamin/2
2υt− wamin

(3.52)

In this case, the strain rate evolves with time as well as with the geometrical
and material features of the actuator and specimen beams.

Figure 3.19 depicts the variation of strain rate as a function of lanom/lsnom
and as a function of time for the force equilibrium based approach for 170 nm
thick copper films. The HF etching rate of LPCVD silicon oxide is equal to
υ = 0.181 µm/s. The actuator thickness is equal to ha = 100nm and the beam
widths are: wamin = 8µm, wamax = 10µm and w = 1.4µm.
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Fig. 3.19: Variation of the strain rate as a function of lanom/lsnom for 170 nm thick
copper films, following equations (3.46) and (3.52) (a) and as a function of time (b).

The strain rate undergone by the elastic material in section 3.5.1 and by
the viscoplastic material in section 3.5.3 are computed for different actuator
and specimen dimensions. Strain rates are determined by the derivative of a
cubic spline interpolating the strain as a function of the release time. Figure
3.20 represents the strain rate obtained by FEM simulations and by equations
(3.46), denoted ε̇max, and (3.52), denoted by Vayrette. In the elastic case, the
strain rate decreases with release time while the strain rate is relatively con-
stant for the viscoplastic material. The force equilibrium approach of Vayrette
et al. (2015) are in concordance with the elastic FE results but slightly over-
estimated the strain rate. This can be explained by the contributions of the
dogbones and the under-etched parts which are not taken into account. Even
if the approach of Vayrette et al. (2015) relies on elasticity, the strain rates
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Fig. 3.20: Comparison of the strain rate applied to the specimen during the re-
lease obtained by FEM simulations and by equations (3.46) and (3.52) proposed by
Vayrette et al. (2015) for different actuator and specimen dimensions. The case of
an elastic and an elasto-viscoplastic material are considered.



71

in the viscoplastic case lie always between the minimum and maximum values
predicted by (3.52).

3.6 Conclusion
This chapter has introduced the on-chip microtensile testing method devel-
oped at UCLouvain. The fabrication process has been detailed to the specific
application of Ni thin films. All the lab-on-chip production attempts were
unsuccessful and consequently, the critical aspects for future Ni lab-on-chips
development have been listed. Nevertheless, the on-chip method will remain
central in the rest of the thesis as several questions have arisen from the pre-
vious characterization campaigns on metallic thin films.

Lab-on-chips have for the first time been modelled using FEM and the
whole on-chip experiment has been simulated from the generation of internal
stresses to the release of the structure and eventual subsequent relaxation.
The structure design has been found to profoundly influence the stress and
strain extracted from the basic data reduction scheme.The contribution of the
dog-bones and the under-etched anchoring parts of the actuator and of the
specimen have a non negligible impact on the measured displacement, result-
ing in a large scatter of the data from an instance to another and in possible
erroneous determination of material characteristic such as Young’s modulus.
Small actuator lengths lead to the most significant errors on the stress, due to
the violation of the Saint Venant’s Principle. The analysis has revealed that
long actuator and wide specimen beams are best suited to lower the uncer-
tainties on the displacement. In the same vein, the structures dedicated to the
determination of the mismatch strain εmis have been simulated and the impact
of the dimensions on the extracted εmis has been investigated. Auto-actuated
structures have to be privileged to ensure the proper characterization of εmis
of pure elastic material while free beams are more suitable for (visco)plastic
materials. Also limiting the over-etching time increases the accuracy of the
measure. A new analytical correction model has been proposed and the limi-
tations of previous improved data reduction schemes have been outlined. The
present correction model improves the precision on the stress and on the strain
by a factor 10 and 3-5 respectively. However the new correction procedure is
strictly limited to elastic deformation. If the use of small specimen beams is
needed (in order to avoid buckling of films with compressive internal stresses),
FE simulations should be performed to recover the correct displacement. Vis-
coplasticity has finally been studied and the influence of the on-chip structure
dimensions on the strain rate has been revealed, highlighting the fact that
each elementary test structure follows a specific loading path and revealing
the impact of over-etching time on the relaxation behaviour.

Through the last years, the evolution of the elementary on-chip structure
has been driven by user "appreciations" and experiences. The very long auto-



72 Chapter 3 - Contribution to the UCLouvain on-chip method

actuated structures dedicated to the determination of εmis present in oldest
generation have been for instance, replaced by shorter structures in the last
generation and the shape of the dog-bone has been modified. From the present
analysis, it is recommended to systematically couple further design develop-
ments with FE simulations to prevent issues with the data reduction scheme
but also stress concentration leading to premature failure of the specimen.
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Dislocation and back stress
dominated viscoplasticity in
freestanding sub-micron Pd

films

In contrast with the insights given by MD simulations, Colla et al. (2015)
have observed that dislocation storage occurs in nanocrystalline Pd thin films
and that hardening by dislocation interactions cannot be excluded. In this
chapter, a dislocation-based crystal plasticity model is developed in order to
study the mechanical and creep/relaxation behaviour of polycrystalline metal-
lic thin films and investigate whether or not the experimental observations
can be explained based solely on dislocations. The model accounts for the
confinement of plasticity due to grain boundaries and for the anisotropy of
individual grains, as well as for the significant viscoplastic effects associated to
dislocation dominated thermally activated mechanisms. Numerical predictions
are assessed based on experimental tensile test followed by relaxation on free-
standing Pd films, gathered using an on-chip test technique. The dislocation-
based mechanism assumption captures all the experimental trends, including
the stress-strain response, the relaxation behaviour and the dislocation den-
sity evolution, confirming the dominance of a dislocation driven deformation
mechanism for the present Pd films with high defects density. The model has
also been used to address some original experimental evidences involving back
stresses, Bauschinger effect, backward creep and strain recovery.
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This chapter reproduces the following article (with minor additions):

Lemoine, G., Delannay, L., Idrissi, H., Colla, M.S., Pardoen, T., 2016. Dis-
location and back stress dominated viscoplasticity in freestanding sub-micron
Pd films. Acta Materialia 111, 10–21. doi:10.1016/j.actamat.2016.03.038.

4.1 Introduction
Creep and relaxation in nanocrystalline (NC) metallic thin films is a major is-
sue in many applications such as in micro- or nano-electromechanical systems
(MEMS/NEMS) devices (Modlinski et al., 2004a,b), in flexible electronic sys-
tems and in thin membrane technology. NC metals usually present excellent
mechanical performance in terms of strength and fatigue resistance but they
often suffer of a lack of ductility (Meyers et al., 2006; Dao et al., 2007; Pineau
et al., 2016). Many NC systems show also, owing to their very fine microstruc-
ture (grain sizes in the range of ∼ 10-20 nm to ∼ 100-200 nm), moderate to
high strain rate sensitivity at room temperature (Jonnalagadda et al., 2010)
which may help restoring the ductility (Pardoen, 2014) but can lead to detri-
mental creep / relaxation effects in applications. These viscoplastic effects are
also reinforced by the high internal stress levels induced by high stress hetero-
geneities during deformation (Van Petegem et al., 2006; Rajagopalan et al.,
2007; Lonardelli et al., 2009).

Rate dependent plasticity mechanisms, controlled by either dislocation slip,
diffusion or grain boundary (GB) motion are magnified in sub-micron and NC
metals (Kumar et al., 2003b). Other advanced models including non equilib-
rium grain boundaries and GB defects have been reviewed by Mishnaevsky
and Levashov (2015). Due to the large amount of internal interfaces combined
to large local stress and small volume available for dislocation accumulation,
thermally activated mechanisms substitute the regular forest dislocation type
plasticity in NC metals. The same applies to thin films which are usually
not only NC but are also affected by their free surface. At sub-micron scales,
the well-known Hall - Petch strengthening involving intragrain nucleation and
propagation of dislocations breaks down. As the grain size decreases, differ-
ent thermally activated mechanisms involving GB rotation (Liu et al., 2011),
GB sliding (Ivanisenko et al., 2009), grain growth (Gianola et al., 2006; Legros
et al., 2008), GB dislocations (Mompiou et al., 2013) or GB migration (Rupert
et al., 2009), can cooperate or compete with regular dislocation-based mecha-
nisms. Several analytical or mesoscopic computational models have been de-
veloped, based on phase mixture assumptions (Gürses and El Sayed, 2011b; Li
and Weng, 2013; Kim et al., 2001) or on dislocation and/or GB based deforma-
tion (Brandl et al., 2011; Li et al., 2009b; Shi and Zikry, 2009; Li et al., 2009a;
Ertürk et al., 2014). Different composite models are based on the so-called
grain boundaries affected zones (GBAZ) approach, as worked out for instance
by Schwaiger et al. (2003), conceiving NC material as a two phase composite
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of a stronger grain interior and softer grain boundaries, see also (Gürses and
El Sayed, 2011b; Li and Weng, 2013). Zhu et al. (2005) have developed a
polycrystal model based on the Asaro-Krysl-Kad model (Asaro et al., 2003;
Asaro and Suresh, 2005) with mechanisms including the emission of perfect
and partial dislocations and grain boundary sliding, and with thermal activa-
tion and grain size dependent transition between these mechanisms. Brandl
et al. (2011) suggest also that dislocation-mediated rather than GB-mediated
plasticity is the rate-limiting process determining the flow stress when thermal
activation of dislocation mechanisms is considered. All these models capture
fairly well the enhanced strain rate sensitivity of NC metals and the inverse
Hall-Petch effect.

It is still debated to which extent plasticity can be dominated by dislocation
glide in NC metals. Nevertheless, experimental investigations pointed out that
the deformation seems to be controlled by dislocation interactions with pinning
points, as for coarse metals (Van Petegem et al., 2006). However, no pile-ups
and very little dislocation debris are generally found after deformation in such
materials (Dalla Torre et al., 2002; Kumar et al., 2003a). In-situ TEM (Hugo
et al., 2003; Kumar et al., 2003a) as well as molecular dynamics simulations
(Van Swygenhoven et al., 2006) have shown that once nucleated, dislocations
cross the grain and are absorbed and/or transmitted at the opposite grain
boundary. Grain boundaries act thus as source and sinks for dislocations.
Depending on the grain size distribution and on the distribution of dislocation
density from one grain to another, a transition between classical dislocation
activity and GB dislocation nucleation plasticity progressively occurs. Recent
investigations found nevertheless significant dislocation accumulation in NC
Ni (Wu et al., 2009; Lee et al., 2013), Pt (Wang et al., 2010) and NC Pd thin
films (Colla et al., 2015). The typical deposition processes of the latter Pd
films can lead to a high densitiy of defects in terms of e.g. growth twins, GBs,
vacancies. The presence of pre-existing dislocations or growth twins in the as-
deposited films presumably favours additional dislocation storage by providing
the necessary pinning sites for further accumulation.

Thin films, especially when freestanding, offer a system of fundamental in-
terest owing to nanograined columnar microstructures frequently involving a
single grain along the film growth direction and sharp crystallographic tex-
tures (Nix, 1989). Some Pd and Al films exhibit a significant strain hardening
capacity and a significant increase in the strength with decreasing thickness
(Haque and Saif, 2003; Colla et al., 2012). The large apparent strain harden-
ing at the onset of plasticity is shown to be a gradual elastic-plastic transition
(Haque and Saif, 2003; Rajagopalan et al., 2010). The largest grains yield
much earlier than the smallest ones, inducing a significant kinematic harden-
ing contribution. This Bauschinger effect, due to internal stresses, is revealed
also by backward creep during interrupted unloading experiments on NC Ni
(Van Petegem et al., 2006). These experiments also demonstrate high values
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for the effective stress and for the internal stress as compared to coarse grained
metals. Recent experimental and numerical studies on Al and Au thin films
have also shown that plastic strain can be recovered under zero applied stress
conditions (Rajagopalan et al., 2007; Lonardelli et al., 2009; Rajagopalan et al.,
2008; Koslowski, 2010). The experimental results conducted by Rajagopalan
et al. (2007, 2008) and Lonardelli et al. (2009) reveal that time dependent
strain recovery results from significant internal stress generated by highly het-
erogeneous stress distribution.

In this chapter, a dislocation-based crystal plasticity model is developed.
The model accounts for the confinement of plasticity due to grain bound-
aries and for the anisotropy of individual grains, as well as for the significant
viscoplastic effects associated to dislocation dominated thermally activated
mechanisms. The goal of this study is to capture the grain size and exter-
nal dimensions effects and provide a better quantitative understanding of the
experimental mechanical behaviour of nano-grained Pd films with different
thickness in terms of dislocation density, strain rate sensitivity or activation
volume evolutions and back stresses. The model is identified and validated
based on experimental measurements obtained by the on-chip test method
(Gravier et al., 2009; Coulombier et al., 2012). The specific tensile and relax-
ation results used in this study are original (except for the data on the thinnest
film), confirming earlier data (Colla et al., 2012). The following issues are ad-
dressed:

1. Is it possible to reproduce the experimental mechanical behaviour of the
Pd NC films, assuming only dislocation-based mechanisms as suggested
from the TEM characterization (Colla et al., 2015; Wang et al., 2012a) ?

2. Is a crystal plasticity model with simple phenomenological description of
the rate sensitivity and only dislocation-based hardening rich enough to
capture: the film thickness effect, the dislocation density evolution and
the relaxation behaviour of NC metallic thin films?

3. Does the model generate a sufficiently heterogeneous stress distribution,
able to induce backward creep or even strain recovery?

4. What is the influence of the texture on the creep/relaxation behaviour?

The outline of the chapter is the following. In section 2, the lab-on-chip
tests results on Pd are presented, motivating the main assumptions of the
model. The model and the crystal plasticity framework are described in section
3. Section 4 contains the results and discussion with parameter identification
and validation. Finally a parametric study is presented in section 5 in order
to widen the scope of the study.
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4.2 Lab-on-chip uniaxial tensile test results
The present study is motivated by the uniaxial tension response of three NC e-
beam evaporated Pd films with thicknesses equal to 90, 200 and 480 nm. The
experimental campaign was performed by Colla (2014) using the on-chip test
method (Gravier et al., 2009) and additional characterization tools (see Colla
et al. (2015); Idrissi et al. (2011); Wang et al. (2012a). As shown in Figure
4.1, the latter technique relies on self-actuated micromachines created by the
deposition, etching and partial release of several layers on a silicon substrate.
Tensile internal stress is generated during the deposition of the actuator. Then,
the underlying sacrificial layer is etched away and the actuator pulls on the Pd
specimen which can deform up to large plastic strains whereas the actuator
remains elastic. Indeed its cross section area Aactu is larger than the sample
cross-section area Asample. Hence, the tensile stress inside the Pd sample may
be deduced from the contraction of the actuator ∆L, the Young’s modulus
of the Si3N4 actuator Eactu = 240 GPa and the initial lengths of the sample
Lsample0 and actuator Lactu0 . The tensile stress in the test specimen is given by
(see Vayrette et al. (2015) for a more detailed mechanical analysis):

σsample11 = Aactu

Asample
σactu11 ' Aactu0

Asample0

(
1 + ∆L

Lsample0

)
E

∆L
Lactu0

. (4.1)

Here, we have assumed a constant actuator cross-section and we have assumed
that the sample deformation is mostly plastic so that volume is preserved. The
loading of each micromachine is varied by using different Lactu0 /Lsample0 ratios.

Etching of the sacrificial layer is fast and the initial loading rate is around
3 10−3 s−1 for 10 s, with a dependence on sample length. Then, the actua-
tor behaves as a linear spring which slowly contracts while the sample (still
loaded in tension) undergoes viscoplastic elongation. Due to process require-
ments, the first experimental measurement of ∆L is made 3 hours after the
release, in a scanning electron microscope. Measurements are then repeated
after relaxation times varying from a few hours to several months. At all times,
the actuator follows a linear force-displacement relationship and equation (4.1)
remains valid. These conditions thus correspond to a creep test performed on
a sample attached to a linear spring (Coulombier et al., 2012).

Based on transmission electron microscopy observations (Colla et al., 2015,
2012; Colla, 2014), the thinnest and the thickest of the three Pd films were
found to have similar distribution of the in-plane grain diameter D. The grain
size distribution is represented in this study using a log-normal distribution,
as commonly used in numerical approaches (Zhu et al., 2005; Gürses and El
Sayed, 2011a; Zhu et al., 2006). The probability density function P (D) of a
log-normal grain size distribution is given by:

P (d) = 1√
2πσD

exp
−1

2

(
log(D/D0)

σ

)2
 (4.2)
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Fig. 4.1: Description of the Lab-on-chip technique and the equivalent simulation
setup.

where σ and D0 are determined based on the mean grain size D̄ and the
variance V ar[D] using

D̄ = D0 exp σ
2

2 V ar[D] = D2
0 exp(σ2)

(
exp(σ2)− 1

)
. (4.3)

The experimental grain size distribution is correctly reproduced with D̄ =
30 nm and V ar[D] = 100 nm2.

The initial dislocation density in the as-deposited film was measured by
counting extra half planes on inverse fast Fourier transforms (IFFTs) generated
from high resolution TEM (HRTEM) images using masks applied on each g
vector (Colla et al., 2015). The method for counting the dislocations is based
on a number of [110] HRTEM images of selected regions taken at different
defocus. Furthermore, because dislocations could exhibit edge component in
different planes, special attention was paid to avoid multiple counting of the
same dislocations in IFFTs images obtained with different g vectors. Using
this method, the initial dislocation density measured in the as-deposited films
was found equal to 4± 0.7 1016 m−2 (see Colla et al. (2015) for more details).
It is worth noting that some nanograins were almost free of dislocations as can
be seen in the HRTEM of Figure 4.2.
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Fig. 4.2: HRTEM image of one nanograin with a lateral diameter of 21 nm obtained
in as-deposited 310 nm thick Pd film. Note the homogenous contrast free from
dislocations. Only one dislocation in the upper left part can be observed (see the
high magnification insert).

4.3 Model

4.3.1 Modelling of dislocation glide
It is assumed that plasticity is produced in the Pd films only by dislocation
glide, which occurs in a jerky manner (Kocks, 2001). Dislocations spend most
of their time trapped at pinning points: the time spent gliding between two
successive obstacles is negligible. The strain rate is hence controlled by the
rate at which dislocations are released from pinning points, and this is trig-
gered either by thermal activation or by a change in applied stress. When
the effective shear stress τα resolved onto the αth slip system is low, disloca-
tions may undergo backward jumps over activation barriers. Then, the usual
Arrhenius-type rate equation does not apply. Instead, following Kocks et al.
(1975) and Frost and Ashby (1982), the dislocation slip rate on the slip system
may be expressed as:

γ̇α = γ̇0 exp
(
−∆G
kBT

){
1− exp

(
−τ

αba

kBT

)}
. (4.4)

Here, kB is the Boltzman constant, T is the temperature, γ̇0 is a reference
slip rate and ταba is the difference between the free enthalpy available for,
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respectively, forward and backward jumps. ∆G is the free enthalpy allowing a
mobile dislocation to overcome short-range obstacles:

∆G = F0

{
1−

(
τα

τ̂

)p}q
. (4.5)

The constant F0 is of the order of 0.2 − 2µb3 whereas selecting p = 1/2 and
q = 3/2 has been demonstrated by Ono (1968) to correctly describe a variety
of short-range glide resistance profiles.

In the present study, τα remains below the mechanical threshold τ̂ , which
corresponds to the jerky glide regime. We do not consider the high stress
regime in which dislocations glide is hindered by viscous drag forces. A sim-
plified strain hardening law is adopted (Kocks and Mecking, 2003) according
to which τ̂ evolves as a function of the total dislocation density ρ:

τ̂ = τnucl + 0.5µb 1
deff

+ 0.3µb√ρ. (4.6)

In (4.6), the term τnucl has been introduced in order to account for the much
larger effective yield stress of grains that are initially free from any mobile
dislocation. For instance Bei et al. (2008) have shown experimentally that
dislocation-free Mo single crystal have a yield strength approaching the theo-
retical strength, independent of their size, same as for whiskers (e.g. Brenner
(1956)) . Molecular dynamics simulations on Cu single crystal have revealed
that the stress required for dislocation nucleation from an interface (heteroge-
neous nucleation) in the absence of traditional dislocation sources is controlled
by the theoretical shear strength (Spearot et al., 2009; Tschopp et al., 2007).
Hence, we use τnucl = µ/10 = (C11 − C12 + 2C44)/40 when grains are initially
dislocation-free and τnucl = 0 otherwise.

In the present samples, the small effective grain size deff is the initial mean
spacing between dislocation pinning points. The stress needed to bow dislo-
cation segments is assumed to scale with 1/deff (Sinclair et al., 2006; Delincé
et al., 2007). With the increase of the dislocation density inside plastically de-
forming crystals, the mean free path of gliding dislocations is soon determined
by dislocation interactions, i.e. by the last term in the previous equation.

Following e.g. Estrin and Mecking (1984) and Kocks and Mecking (2003),
the dislocation density evolves as a function of the accumulated plastic slip
according to:

ρ̇ =

k1
√
ρ− k2

1−
(
kBT

F0
ln
(

Γ̇0

Γ̇

))1/q
−1/p

ρ

 Γ̇ (4.7)

where Γ̇ = ∑
α |γ̇α|. The rate of dislocation storage increases proportionally to

the square root of ρ whereas the recovery term is strain rate and temperature
dependent (Kocks, 2001; Kocks and Mecking, 2003). k1 and k2 are constants.
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4.3.2 Micro-to-macro modelling of crystal plasticity
Before presenting the scale transition modelling from individual crystal to
the macroscopic response, the fundamental hypothesis of the crystal plasticity
framework are recalled. Experimental observations underlying the theory of
crystal plasticity in metals deforming solely by dislocation slip can be sum-
marised as follows (Delannay et al., 2006):

• Dislocation slip is a stress-driven process which occurs along well-defined
crystallographic planes and directions.

• As dislocation sweep through the crystal lattice, the material is sheared,
the volume remains constant and the crystal lattice is globally unaffected.

• Lattice deformations are elastic and the related amplitude is two orders
of magnitude lower than plastic strains.

• In addition to elastic stretches, the crystal lattice rotates so as to fulfil
local kinematic constraints.

To distinguish elastic and plastic strains, it is common to rely on a multiplica-
tive decomposition of the gradient tensor F :

F = R?UelFp. (4.8)

Fp transforms the initial configuration into a fictitious intermediate configu-
ration corresponding to a crystal deformed by slip only (see Figure 4.3). The
subsequent transformation may in turn be decomposed into a symmetric ten-
sor, Uel representing elastic stretch and an orthogonal tensor R? representing
lattice rotation. The latter rotation is a state variable of the model. It is
important, on the one hand, because it determines the macroscopic texture
development; on the other hand because the stress tensor is attached to the
crystal lattice and a proper account of the lattice rotation ensures objectivity
of the the theory.

In all metals, elastic strains are infinitesimal which implies Uel = I + εel
(with ‖εel‖ � 1). Under this assumption, the velocity gradient tensor L is
expressed as follows:

L = Ḟ F−1 ' R?

(
Ω̇? + ε̇el +Lp

)
RT
? , (4.9)

where Ω̇? = RT
? Ṙ? is the lattice spin. The plastic velocity gradient Lp is

considered as the sum of the shear rates along the different slip systems:

Lp =
∑
α

(bα ⊗mα) γ̇α (4.10)

where bα is the normalized Burgers vector, mα is the slip plane normal of the
αth slip system. The dislocation slip rates are computed based on the rate
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Fp

F R?Uel

Fig. 4.3: Decomposition of a crystal’s deformation into the elastic and the plastic
components.

equation (4.4) while considering that the Cauchy stress σ evolves proportion-
ally to the elastic strain rate but also due to the lattice rotation:

C : ε̇el = σ̇ + σΩ̇? − Ω̇?σ. (4.11)

Both the elastic stiffness operator C and εel are considered to rotate with
the crystal lattice. The lattice spin Ω̇? is obtained by a fully-implicit time
integration of the skew-symmetric part of the velocity gradient L which in-
volves an iterative solution of the plastic velocity gradient Lp. Note that
equation (4.11), obtained from the time derivative of second Piola-Kirchhoff
stress demonstrates that the lattice rotation and the objectivity are constitu-
tively prescribed in the crystal plasticity framework.

The deformation of individual grains still remains to be defined since it
is different from the known macroscopic deformation. The so-called Multisite
homogenization scheme is used in the present study. This model is a “2-site”
grain interaction framework derived from the ALAMEL model suggested for
the prediction of cold rolling textures by Van Houtte et al. (2005). Scale tran-
sition based on such “2-site” modelling of grain interactions was also proposed
by Evers et al. (2002) (see Roters et al. (2010) for a complete review). As
illustrated in Figure 4.4, we consider pairs of (sub-)grains interacting across a
planar grain boundary of normal nGB. Stress balance across the interface is
achieved by allowing some heterogeneity of strain: the two subregions undergo
opposite relaxations relative to the macroscopic deformation. In the present
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study, where grains have columnar shape across the film thickness, the velocity
gradient tensors of the two subregions are expressed by:
LI = Lmacro+ γ̇(R1)

(
tGB ⊗ nGB

)
+ γ̇(R2)

(
nfilm ⊗ nGB

)
+ γ̇(R3)

(
nGB ⊗ nGB

)
,

(4.12)
LII = Lmacro−γ̇(R2)

(
tGB ⊗ nGB

)
−γ̇(R2)

(
nfilm ⊗ nGB

)
−γ̇(R3)

(
nGB ⊗ nGB

)
,

(4.13)
where nfilm is the film normal direction and tGB = nGB×nfilm is the tangent
to the grain boundary that is inside the plane of the film. Hence, the local
strain heterogeneity is averaged out over every cluster of two subregions. The
amplitude of the relaxation rates, represented by γ̇(R1), γ̇(R2) and γ̇(R3), is
computed by minimizing the deformation energy of the two subregions. This
is approximately fulfilled by requiring that:(

σI − σII
)

:
(
tGB ⊗ nGB

)
=
(
σI − σII

)
:
(
nfilm ⊗ nGB

)
=
(
σI − σII

)
:
(
nGB ⊗ nGB

)
= 0,

(4.14)

where σI and σII represent the Cauchy stress, which is assumed uniform
inside one of the two subregions. Details about the numerical implementation
of the model can be found elsewhere (Bardel et al.). The orientation of the
planar interface is different for each cluster. The sampling of grain boundary
normals nGB is generated randomly and isotropically inside the plane of the
film. The lattice disorientation of adjacent grains is considered to be random.
Starting from a large sampling of grain orientations that is representative of
the initial texture (Melchior and Delannay, 2006), the lattice orientations of
the subregions are randomly selected and associated in pairs at the onset of
the simulation. In section 4.5.3, an alternative hypothesis is tested about the
partitioning of stresses and strains throughout the polycrystalline aggregate.
In this second approach, we rely on the Taylor assumption, according to which
all grains undergo the same deformation. This induces a different stress within
each grain so that the equilibrium equations are not satisfied across grain
boundaries.

4.4 Results

4.4.1 Parameters identification
The value of k1 and k2 should be determined by comparison of the simulations
and experiments. Here, three different experimental results of Pd thin films are
used for determining the parameters. To this end, freestanding unpassivated
thin films are considered. When the film is freestanding and unpassivated, the
results are representative of the film behaviour alone, free of constraints. Oth-
erwise, artefacts may come from the confinement of the film by the substrate
or by the passivation layers acting as obstacle to deformation glide.
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Fig. 4.4: Illustration of the multisite model considering short-range interaction of
adjacent grains.

The 90 nm, 200 nm and 480 nm thick Pd films are considered. Note that
the results for the 200 nm and 480 nm are original and different from those in
Colla et al. (2012). The difference lies in the layer that is used in the process
to ensure adhesion between the Pd and Si3N4. In the present tests, Ti layer
is used and etched away with the sacrificial layer, avoiding the artefact due to
an adhesion layer. The creep/relaxation response was also characterized for
these tests . Microstructure parameters have been determined from extensive
TEM observations (Colla et al., 2015, 2012; Colla, 2014). It has been observed
that the in-plane grain size distribution is the same for each film, indepen-
dent of thickness. They exhibit grains with columnar morphology and involve
generally only one grain across the thickness. As previously mentioned, some
nanograins are free of dislocations (see Figure 4.2). Following Duhamel et al.
(2010), we assume that the probability of having no mobile dislocation inside
a columnar grain of volume V = πD2H/4 may be expressed as a Poisson law:
exp (−ρ0V/l0) where ρ0 is the initial polycrystalline average of the dislocation
density and the characteristic dislocation length, l0, is set equal to the length
of the largest circular loop inside a sphere of volume V :

l0 = πdeff where deff = 3

√
6
4D

2H. (4.15)

According to equation (4.15), the effective mean grain size increases thus with
increasing film thickness and is equal to 48 nm, 63 nm and 85 nm for respec-
tively 90 nm, 200 nm and 480 nm thick films. The grain size distributions for
the considered film thickness are depicted in Figure 4.5. The initial disloca-
tion density ρ0 is assumed to be equal to 4 1015 m−2. TEM observations have
revealed a larger initial dislocation density but all the dislocations with edge
component have been included in these measurements. This means that im-
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mobile dislocations which are not contributing to the plasticity such as dipoles,
locks or dislocations pinned at the grain boundaries or twin boundaries have
been taken into account in HRTEM measurements. Hence, it is thus reason-
able to use a smaller ρ0 for crystal plasticity simulations. The effective grain
size distributions of a film exhibiting a log-normal in-plane grain size distri-
bution are illustrated in Figure 4.5, for different films thickness: 90, 200 and
480 nm. Different probability functions of having no dislocation inside a grain
are also represented in Figure 4.5. From this figure, it can be seen that the
proportion of grains free from dislocations increases with decreasing thickness.
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Fig. 4.5: Effective grain size distribution (continuous lines) and probability of having
no dislocation inside a grain (dashed lines) as a function of the effective grain size.
The gaussians correspond to, from left to right, film thicknesses of 90, 200 and 480
nm.

The following characteristic material parameters apply to the Pd films.
Elastic constants are: C11 = 227.1 GPa, C12 = 176 GPa and C44 = 71.7 GPa.
The actual Young’s modulus of a polycrystalline film depends on texture, which
in turn tends to depend on its thickness. However, no marked texture has
been observed in these Pd films. The viscoplastic parameters are chosen as
follows: p = 0.5 and q = 1.5 as suggested by Ono (1968). The activation
energy F0 requires 0.5µb3 to overcome the short range obstacle without any
aid from external stress for pure FCC metals (Frost and Ashby, 1982). The
parameter γ̇0 has been estimated to be 108 s−1 (Kocks et al., 1975) which is in
agreement with the value used by Wang et al. (2013) in their study of creep
in NC metals. The remaining model parameters k1 and k2 have been adjusted
to fit experimental stress-strain curves.

The loading path undergone during a on-chip tensile test (moderately fast
loading and subsequent 3h relaxation) is applied to a representative polycrystal
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Table 4.1: Material parameters used in this work

Description Value Unit References
C11 Elastic constant 227.1 GPa (Freund and Suresh, 2003)
C12 Elastic constant 176.0 GPa (Freund and Suresh, 2003)
C44 Elastic constant 71.7 GPa (Freund and Suresh, 2003)
µ Shear modulus 45 GPa -
b Burgers vector

length
0.275 nm -

p Glide resistance
profile parameter

0.5 - (Ono, 1968)

q Glide resistance
profile parameter

1.5 - (Ono, 1968)

F0 Activation energy 0.5µb3 J (Frost and Ashby, 1982)
ρ0 Initial dislocation

density
4 1015 m−2 -

γ̇0 Reference slip rate 108 s−1 -
Γ̇0 Reference slip rate 12γ̇0 s−1 -
kB Boltzmann con-

stant
1.38 10−23 J/K -

a Area swept out for
reverse jump

3000 b2 m2 (Kocks et al., 1975)

k1 Fit parameter 15.7 nm -
k2 Fit parameter 27.24 - -

consisting of 1000 grains with random crystallographic texture. The optimized
parameters for dislocation evolution were obtained in such a way as to fit at
best the three experimental stress-strain curves depicted in Figure 4.6. The
same parameters are used for each film thickness, see Table 4.1. Only the
effective grain size and the proportion of grains having no dislocation vary in
accordance with the experimental distribution (Figure 4.5).

The results shown in Figure 4.6 demonstrate that the model, based on
dislocation accumulation and recovery, and on the main microstructural fea-
tures measured experimentally is able to reproduce the experimental trends
with only realistic parameter values. The yield strength of each film thick-
ness is well captured, except for the 480 nm thick film where the yield stress
is slightly overestimated. The experimental uncertainty is the largest for the
thinnest film so that tuning parameters for this case would not be justified.

The relaxation results are compared to the predictions of the model which
was subjected to fast loading and subsequent relaxation under the constraint of
the spring as in the experiments, in Figure 4.7. Experimental relaxation/creep
responses too are also fairly well captured by the model. This shows that relax-
ation/creep is well predicted with the same set of material parameters and thus
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Fig. 4.6: Comparison between the experimental and predicted stress-strain curves
for 90, 200 and 480 nm thick Pd films after moderately fast loading and subsequent
3h relaxation. The symbols represent the experimental data.

without adoc fitting based on the relaxation/creep results or on the dislocation
evolution. For the 480nm thick film, the accuracy of the relaxation/creep pre-
diction increases with the amplitude of the pre-strain. When ε3h = 0.023 and
ε3h = 0.012, the simulation creep rate is smaller than the experimental one. If
we consider the mean value of the creep rate during the whole process, both
simulations and experiments indicate that (i) for a fixed initial pre-strain, the
mean creep rate decreases when the film thickness increases; (ii) for a fixed
film thickness, the mean creep rate increases with the amplitude of the pre-
strain. When analysing the results, we must keep in mind that experiments
involve increase of strain under a decreasing stress and the dependence of such
mixed relaxation/creep response on the ratio of the sample and the actuator
lengths makes it difficult to quantitatively compare the responses of films with
different thicknesses.

As shown in Figure 4.8, the polycrystalline averaged dislocation density
increases when deformation is applied, keeps increasing during the three first
hours of relaxation and finally decreases upon relaxation. The dislocation den-
sity raises by a factor 9 for the 90 nm thick film with ρ0 = 4 1015m−2. This
feature is qualitatively compatible with the experimental observations of dislo-
cation density increase during loading and dislocation density decrease during
subsequent relaxation (Colla et al., 2015). The qualitative experimental trend
is depicted in Figure 4.8. If ρ0 = 1016m−2 is assumed, the dislocation density
increases by a factor 2.5 which is more in agreement with the experimental
value.
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Fig. 4.7: Comparison between the experimental and predicted relaxation response
for 90 and 480 nm thick films at different initial relaxation pre-strains ε3h. The
symbols represent the experimental data.
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The relaxation pre-strain is 0.02. (b) Mean activation volume V ∗ as a function of
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like relaxation. The relaxation starts after 10 s.
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A side result of this modelling effort is in the data extraction from experi-
mental measurements which are only available after 3 hours of relaxation. In
reality, the film experiences first a fast loading at an estimated strain rate be-
tween 5 10−4 and 5 10−3 s−1, taken here ε̇ = 3 10−3 s−1, as depicted in Figure
4.9. The films creep then for 3 hours following the behaviour imposed by the
elastic actuator. These results highlight the predominance of relaxation/creep
on the experimentally measured mechanical behaviour. Depending on the ac-
tuator length, the magnitude of the creep strain varies and a large strain is
reached during relaxation of the 480 nm thick film for instance.
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Fig. 4.9: Comparison between the predicted stress-strain curves after 3 hours relax-
ation and during the loading and the subsequent relaxation for 90 and 480 nm thick
Pd films

4.4.2 Discussion
The results shown in Figure 4.6, 4.7 and 4.8 demonstrate that the present
crystal plasticity model is able to reproduce, with a limited number of tuning
parameters, the relaxation/creep behaviour, the dislocation density evolution
and the film thickness effect. Conforming to TEM observations, the model
includes a description of the main microstructural features and it assumes
that dislocation-based mechanisms dominate. Furthermore, valid predictions
can be obtained without resorting on a gradient plasticity formulation (see e.g.
(Brugger et al., 2010)). The only length scale that enters the present model is
the grain size in the mechanical threshold expression (4.6).

Plasticity of NC metallic films has been modelled with different approaches.
However most of the previous studies involved GB-mediated plasticity mecha-
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nisms. They often assumed a composite material with a thick grain boundary
phase (Gürses and El Sayed, 2011b; Li and Weng, 2013; Kim et al., 2001) and
considered the competition of several plasticity mechanisms (Kim et al., 2001;
Shi and Zikry, 2009; Zhu et al., 2005, 2006). The present model assumes that
plasticity is achieved by dislocation slip only, which is an assumption used also
in the quantized crystal plasticity (QCP) approach (Li et al., 2009a, 2012) The
assumption that kinematic hardening results form the interaction of soft and
hard grains was already suggested by Li et al. (2009a, 2012) who considered
widely scattered critical resolved shear stresses in order to capture experimen-
tal trends. The originality of the present contribution may be summarized as
follows: (i) the distribution of soft and hard grains is here directly correlated to
the grain size distribution and the dislocation density distribution; (ii) thermal
activation is here taken into account through the physics-based rate equation
(4.4); (iii) the scale transition based on the ALAMEL model is for the first
time successfully applied to thin films with columnar grains.

The validity of a dislocation based crystal plasticity model at such small
grain size can be questioned. As presented in section 4.3.2, the present crys-
tal plasticity framework assumes that deformation occurs by dislocation slip
only. Such model may also be extended to include other mechanisms such as
mechanical twinning or phase transformation. A fundamental assumption is
that the Burgers vector is really small compared to the grain size, allowing
to consider the effects of dislocation slip averaged over time and space as a
continuum shear. Based on the mechanism of dislocation nucleation and prop-
agation through the entire grain proposed by Van Swygenhoven et al. (2006)
for NC metals, the QCP theories of Li et al. (2009a) and Yuan et al. (2015)
rely also on the crystal plasticity framework. In contrast to the repeated state-
ments in the literature that NC metals do not accumulate dislocations during
deformation (Hugo et al., 2003; Van Swygenhoven et al., 2006), Colla et al.
(2015) have observed an huge dislocation activity and storage. The scien-
tific community has sometimes expressed scepticism with respect to such high
observed dislocation density. Apart from experimental errors, the measured
dislocation densities are nevertheless not in conflict with a simplified approach
of the Taylor equation σ = Mτ̂ = Mαµ

√
ρ during relaxation if a Taylor factor

M = 3 and α = 0.3 are considered. ρ0 ∼ 1016 has also been observed by Wang
et al. (2010) in NC Pt and by Lee et al. (2013) in NC Ni. As the stress is
maintained during in situ TEM characterization (as employed these authors
and Colla et al. (2015)), loss of dislocations by recovery during full unloading
of the sample prior to TEM observation is avoided and higher ρ may be found
than usual. In contrast to the discrete single slip events of the QCP mod-
els, such high dislocation density allows a continuous treatment of dislocation
interactions at a grain scale. For grains initially free from dislocations, the
stress required for dislocation nucleation τnucl is assumed to reach the theo-
retical shear strength. This nucleation stress was found to vary between µ/30
and µ/10 as a function of the Schmid factor (Spearot et al., 2009). Such lim-
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ited impact on τnucl is neglected in the present model. Still, the nucleation
of a dislocation is predominantly triggered by the local stress concentrations
in the GBs (Bitzek et al., 2008). The corresponding nucleation stress can be
considerably reduced albeit such effect is not considered in this work.

In this chapter, the mechanical response of Pd thin films is investigated
using a micro-macro averaging scheme based on the ALAMEL model. This
choice was made because the ALAMEL model is much more computationally
efficient than CPFEM which was tested first. When starting this research,
other scale transition schemes were considered such as a crystal-plasticity-
based finite-element method (CPFEM) allowing full-field calculations over
large samplings of grains constituting representative volume elements (RVEs)
of the microstructure and texture (e.g. (Delannay et al., 2006; Segurado and
Llorca, 2013)). In order to reproduce the experimental grain size distribution,
the proposed model microstructure consisted of a periodic Laguerre-Voroinoï
tessellation (100 grains), which was meshed adaptively so that grain bound-
ary regions were finely discretized. As the experimental stress-strain curves
were obtained after 3h relaxation due to process requirement, moderately fast
loading and subsequent spring-like relaxation was applied to the RVE. Each
experimental point in Figure 4.6 represents a specific loading path such that
every iteration of the fitting procedure based on the Nelder algorithm (Nelder
and Mead, 1965) consisted of 36 FEM simulations (12 by film thickness). From
a computational viewpoint, such procedure was not efficient and efforts have
then been devoted to the Multisite scale transition method. More efficient
optimization procedure by means of CPFEM can nevertheless be applied to
circumvent the time consuming approach followed in this thesis. An inverse
optimization strategy based on the Levenberg-Marquardt method was recently
proposed by Segurado and coworkers to determine the single crystal proper-
ties from the experimental mechanical behaviour of polycrystals under various
loadings (Herrera-Solaz et al., 2014). The iterative optimization process be-
gan using simple RVE containing less than 100 grains in which each grain is
represented by one element and changed progressively to more realistic RVEs
once the optimization algorithm has reached the optimum solution for this
RVE. This hierarchical approximation was shown to be very efficient to reduce
the computational effort. Furthermore, this Levenberg-Marquadt optimization
strategy was found to be robust with respect to the chose of the initial guesses
while a minimum critical input information has to be provided in order to
ensure the validity of the results (Herrera-Solaz et al., 2015).

In addition to the grain size dependent plasticity, thickness size effects have
been reported for face-centered cubic (FCC) metallic thin films: flow strength
increases with decreasing thickness, see e.g (Venkatraman and Bravman, 1992).
The influence of Pd film thickness is successfully captured by our model. This
external geometric size effect can be attributed to the reduced number of grains
across the thickness (one or a few) and to the presence of free surfaces. The
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dislocation-based crystal plasticity model does not take into account the pres-
ence of free surfaces and the dislocation starvation mechanism. The observed
film thickness effect originates in our model only from the definition of the
equivalent effective grain size and the associated proportion of grains free from
dislocations. In other word, even though the crystal plasticity model misses
several discrete deformations mechanisms such as intragrain back stress, these
are not dominating the mechanical response of the film.

The strain rate sensitivity is often quantified by the apparent strain rate
sensitivity exponent or by the apparent activation volume. The apparent strain
rate sensitivity exponent m is defined by

m = ∂ ln σ
∂ ln ε̇p

(4.16)

where σ is the stress and ε̇p, the plastic strain rate. Regardless of the involved
mechanisms, the apparent activation volume may be defined as

V = MkBT
∂ ln γ̇
∂σ

(4.17)

with M , the Taylor factor, kB, the Boltzmann constant, T , the temperature
and γ̇, the slip rate. The apparent activation volume is commonly computed
from the macroscopic measurement of σ and ε. During the last decade, the
strain rate sensitivity of NC metals has been extensively studied by strain rate
jumps, nanoindentation or on-chip technique. These studies reported a variety
of rate sensitivity exponents, m, for NC and ultrafine grained fcc metals, such
as Ni (Schwaiger et al., 2003; Wang et al., 2006; Dalla Torre et al., 2002; Maier
et al., 2011; Liu et al., 2014), Cu (Duhamel et al., 2010; Cheng et al., 2005;
Lu et al., 2005; Wang and Ma, 2003), Al (Gianola et al., 2006; Coulombier
et al., 2012), Au (Jonnalagadda et al., 2010; Emery and Povirk, 2003) and Pd
(Coulombier et al., 2012), most of which are of the order of 0.015-0.07 except
for Au which can reach 0.15. The data compiled by Wei (2007) clearly shows
a monotonical increase of m with decreasing grain size. Different values for m
and V can arise for different initial strains indicating a change of relaxation
mechanism and/or of the energy barrier to overcome short range obstacles.
V is indeed related to the pinning distance (see equation (4.19)). The strain
rate sensitivity exponent and the activation volume are directly related to the
plastic deformation mechanisms. Due to the dense grain boundaries network
in NC materials, enhanced strain rate sensitivity is not surprising because bulk
dislocation forest based mechanisms (V ∼ 100 − 1000b3 and m ∼ 0 − 0.005)
are progressively replaced by thermally activated grain boundary-dislocation
interaction mechanisms (V ∼ 1− 10b3 and m ∼ 0.1− 1) (Meyers et al., 2006).

On the basis of the variation of εp and σ with time during relaxation,
one can determine the apparent activation volume using equation (4.17). As
a first simple means to analyse the plastic strain and stress versus time t
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data, a logarithmic variation is assumed. An imposed logarithmic variation
of εp and σ with t leads to a constant average apparent activation volume V
independent of time (Caillard and Martin, 2003). IfM is taken equal to

√
3 as

proposed for FCC NC materials (Asaro and Suresh, 2005), V ranges from 21
to 32 b3, depending on the relaxation pre-strain. These values are consistent
with the values reported by Colla et al. (2015) for NC Pd, again confirming
the predominance of dislocation-based mechanisms in these films. The true
activation volume for recovery, V ∗ i.e. for a relaxation mechanism based on
the depinning of dislocations, can be expressed by (Argon, 2008):

V ∗ = bλ∆y∗ (4.18)

where λ is the distance between the pinning points and ∆y∗ is the activation
distance, i.e. the distance over which a dislocation has to jump to overcome
the energy barrier which retains it trapped at its pinned position. The distance
between pinning points is related to the dislocation density ρ:

λ = βρ−1/2, (4.19)

where β is a geometric factor approximately varying between 1 and 2. Acti-
vation volume is thus a microscopic local quantity which is better defined as
the derivative of the activation energy with respect to the effective stress at
constant temperature:

V ∗ = −
(
∂∆G
∂τα

)
T

= F0
pq

τα

(
τα

τ̂

)p {
1−

(
τα

τ̂

)p}q−1
. (4.20)

Equation (4.17) can be recovered by assuming a simple Arrhenius-type rela-
tion between the slip rate and the activation energy. Note that the grain size
dependence of τ̂ introduces a similar effect for the activation volume which
in turn magnifies the strain rate sensitivity at small grain size, due to the
inverse proportionality between V ∗ and m. On the basis of equation (4.20),
the variation of the true activation volume with time is determined for each
grain. The stress used here is the mean resolved shear stress on the 12 octa-
hedral slip systems. Figure 4.8(b) represents the variation of the mean true
activation volume with time, calculated for the 90 nm thick film loaded up
to 2% deformation. The activation volume decreases with increasing plastic
pre-strain. This agrees with the idea that V ∗ depends on dislocation density.
After the ten first seconds of deformation, V ∗ tends to increase with subse-
quent plastic strain during relaxation as observed experimentally. A moderate
increase of V ∗ by a factor ∼1.5 is observed upon the 40 days of relaxation.
This increase can thus be associated to a decrease in ρ, again in accordance
with the dislocation evolution obtained by simulation (see Figure 4.8(a)) and
with the experimental observations (Colla et al., 2015).
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4.5 Parametric study
Now, starting from the identified set of parameters, the effects of strain rate,
grain size distribution and texture will be studied.

4.5.1 Strain rate effect
As previously discussed, the deformation mechanisms are thermally activated
and the strain rate sensitivity is taken into account by the generalized rate
equation with a phenomenological description of the activation energy. Figure
4.10(a) depicts the strong strain rate sensitivity of 200 nm thick NC Pd film,
even at room temperature.

For the simulations, the loading strain rate is assumed to be equal to
3 10−3 s−1. During the first step of the on-chip test, the loading rate is dic-
tated by the release rate of the rectangular actuator which is progressive but
not completely controlled. The realistic range of strain rate is in between
5 10−4 to 5 10−3 s−1. The influence of the strain rate can be seen in Figure
4.10(a) and (b) where the realistic range of stress and strain have been shaded.
Figure 4.10(b) represents the evolution of the relaxed strain (ε− εpr with εpr,
the strain reached before relaxation) as a function of the loading strain rate.
The influence of strain rate on the measured strain after 3 hours of relaxation
is really limited. In order to overcome this limitation, test structures with
tapered shape actuators have been produced in the last generation of on-chip
test structures (Vayrette et al., 2015).

4.5.2 Grain size distribution and texture effect
In NC metals, the grain size distribution is of prime importance. Plastic
deformation is not only affected by the mean grain diameter but also by the
grain size distribution, see e.g. (Koslowski, 2010). The smallest grains can
indeed be extremely resistant to glide while larger grains can deform by more
conventional dislocation mechanisms, leading to stress heterogeneities, huge
levels of back stress and long elasto-plastic transition (Saada and Kruml, 2011).
Furthermore, in thin films or when dimensions are reduced, the probability
of finding dislocations sources becomes low and they are harder to activate
(Benzerga and Shaver, 2006). The grain size distribution was shown to be a key
parameter for the generation of stress heterogeneities, allowing strain recovery
upon unloading. To understand the effect of grain size distribution, fast loading
and subsequent relaxation simulations on 200 nm thick film with in-plane mean
grain size D̄ = 30 nm are performed with varying variance V ar[D]. Inversely
to Zhu et al. (2006) who did not take into account a proportion of grains having
initially no dislocation, the ultimate tensile strength increases with increasing
variance, see Figure 4.11. Despite the fact that the proportion of large grains
increases, a larger number of grains are free of dislocations, resulting in an
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Fig. 4.10: (a) Effect of the strain rate sensitivity on the mechanical response of 200
nm thick Pd film with mean in-plane grain size D̄ = 30 nm and variance V ar[D] =
100 nm2 when subjected to uniaxial tension. (b) Effect of the strain rate sensitivity
on the relaxed strain of 200 nm thick Pd film when subjected to uniaxial tension
and subsequent relaxation.
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Fig. 4.11: Effect of the grain size distribution on the mechanical response of 200
nm thick Pd film with mean in-plane grain size D̄ = 30 nm when subjected to fast
loading and subsequent three hours relaxation.

improved strength. For V ar[D] = 150, this tendency wipes off and the grain
size influence becomes dominant, resulting in a lower strength due to the higher
proportion of large grains.

Metallic thin films are usually characterized by the presence of very sharp
crystallographic texture whereas the films tested experimentally present nev-
ertheless no marked crystallographic texture. A slight fibre texture is still
observed with the (011) direction oriented parallel to the 90 nm thick film
normal, with no in-plane preferential orientation. An increased Pd deposition
rate weakens the possible (011) texture component, leading to a more random
texture as for the 200 nm and 480 nm thick films (Colla, 2014). Texture de-
velopment can occur during thickening of the film and during post-deposition
annealing. It can also depend on the deposition method, see (Wang et al.,
2012b). For instance, Pd deposition by sputtering can lead to a slight (011)
fibre through the thickness. Different insights on texture development in thin
films can be found in the literature (Thompson and Carel, 1995). The choice
of the substrate and of the deposition conditions is of prime importance. Thin
film textures can roughly be classified into random textures and fibre tex-
tures for which one crystallographic direction of all the grains are aligned with
the substrate normal (Suwas and Ray, 2014). The influence of such perfect
crystallographic fibre texture on the mechanical behaviour is shown in Fig-
ure 4.12 for films with different thickness. Texture has limited impact on the
mechanical response of the film during loading or after relaxation. In-plane
crystallographic desorientations do not affect such sub-micron film subjected to
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σytextured/σ
y
random r Etextured/Erandom

480 nm
(001) 0.83 0.26 0.85
(011) 1.04 2.05 1.03
(111) 0.97 3.82 1.08

200 nm
(001) 0.85 0.32 0.85
(011) 1.03 2.16 1.03
(111) 0.98 3.88 1.08

90 nm
(001) 0.89 0.45 0.85
(011) 1.04 1.63 1.03
(111) 0.97 2.53 1.08

Table 4.2: Yield strength σytextured, averaged Lankford coefficient r and effective
Young’s modulus Etextured of three different fibre textures for each film thickness.

uniaxial tension. In order to evaluate the plastic anisotropy, the yield strength
σytextured and the Lankford coefficient r defined by

r = ε̇p22
ε̇p33

, (4.21)

are evaluated for (001),(011) and (111) fibre textures. The tangent modulus
approach is used here to determine the yield strength due to the long elasto-
plastic transition (Rajagopalan et al., 2010): σytextured is defined as the stress
at which the strain hardening rate Θ becomes smaller than one third of the
Young’s modulus. The results tabulated in Table 4.2, reveal a high plastic
anisotropy. The averaged Lankford coefficients strongly differ from 1, cor-
responding to a purely isotropic response (rrandom ∼ 1.5 for the three films).
The softest grains have a (001) direction perpendicular to the loading direction
while the hardest grains present a (011) direction parallel to the film normal.
The influence of the texture on the effective Young modulus is also marked, in
agreement with the Zener ratio AR:

AR = 2C44

C11 − C12
= 2.81 (4.22)

which quantifies the degree of elastic anisotropy and suggests that Pd is highly
anisotropic.

4.5.3 Internal stress and recovery
In order to evaluate the internal stress levels, stress reduction simulations are
performed on the 90 nm thick Pd films with grain size distribution character-
ized by a mean in-plane grain size, D̄ = 30 nm and a variance, V ar[D] = 100
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Fig. 4.12: Effect of the crystallographic texture on the mechanical response of Pd
film with different film thickness, constant mean in-plane grain size D̄ = 30 nm and
variance V ar[D] = 100 when subjected to fast loading and subsequent three hours
relaxation. Random, (011) and (111) fibre textures are considered.

nm2. The polycrystal is loaded up to 3 % strain using a constant strain rate
10−3 s−1. The specimen is then unloaded very rapidly by an amount ∆σ, fol-
lowed by a subsequent creep period of 3 minutes. As can be seen in Figure 4.13,
forward and backward creep are observed as experimentally shown on NC Ni
by Van Petegem et al. (2006) and Sun et al. (2015). This figure represents the
mean creep rate normalized by the loading strain rate as a function of the hold
stress normalized by the maximum stress reached during the loading. This
significant kinematic hardening contribution results from the heterogeneity of
deformation leading to high internal stress levels. Internal stress in single
phase pure polycrystals results from the anisotropy of individual crystals and
the obstacles to dislocation motion. Microstructural features play thus a key
role in the plastic response of NC metals. The kinematic hardening contri-
bution in this model arises from the difference of crystallographic orientation
and from the initial dislocation density within grains. As mentioned already
in Section 4, No intragrain back stresses are considered in this model. The
Taylor and ALAMEL assumptions have been compared in Figure 4.13. The
Taylor model assumes that each grain undergoes the macroscopic applied de-
formation. This results in higher stress heterogeneities to accommodate the
imposed strain and leads to backward creep at higher positive hold stress after
unloading. Following Van Petegem et al. (2006), both effective and internal
stresses have been evaluated. In a simplified picture, the stress applied to de-
form plastically a crystal can be decomposed into an effective stress σ∗ and an
internal athermal stress σi. The ratio σ∗/σi ∼ 0.5 is in qualitative good agree-
ment with experimental evidence but slightly larger than what is measured in
nc Ni ( σ∗/σi ∼ 0.3) (Van Petegem et al., 2006), indicating a lower internal
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Fig. 4.13: Normalized creep rate as a function of the normalized hold stress after
unloading for 90 nm thick Pd films using Taylor and ALAMEL model.
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unloading for Pd films with mean in-plane grain size D̄ = 30 nm and variance
V ar[D] = 100, and different thickness



101

stress level. Viscoplastic effects are thus predominant in this dislocation-based
model. Note also that the high internal stress level and the backward creep
observed in the simulation results are in qualitative agreement with the exper-
imental strain recovery results on the Pd films obtained in collaboration with
the group Prof. T. Saif, which showed a small Bauschinger effect at positive
stress upon unloading and a small strain recovery after 2 hours, see in (Colla,
2014). More characterizations on Pd films under unloading conditions should
be made to confirm this trend.

Recent experimental and numerical studies on Al and Au thin films have
shown that plastic strain can be recovered under zero applied stress condi-
tions (Rajagopalan et al., 2007; Lonardelli et al., 2009; Rajagopalan et al.,
2008; Koslowski, 2010). These experimental results reveal that time depen-
dent strain recovery results from highly heterogeneous stress distribution. Suf-
ficiently small and large grains are required in order to generate the stress
heterogeneity and to allow recovery. Such recovery experiment has been simu-
lated in the present study. Small and slow strain recovery is indeed predicted
by the model. The influence of the film thickness on recovery is depicted in
Figure 4.14. Thinner films result in higher proportion of grains initially free of
dislocation. This induces higher stress heterogeneity, leading to the initiation
of backward creep for higher hold stress after unloading.

4.6 Conclusion
The dislocation-based crystal plasticity model presented in this chapter for
metallic thin films takes into account the strain rate sensitivity, the effects of
grain size distribution and assumes only dislocation-based thermally activated
deformation mechanisms. The model has been assessed against experimental
data on sub-micron Pd films gathered using the lab-on-chip technique. Not
only the effect of the film thickness is captured but also the relaxation response
and the dislocation density evolution are correctly captured.

The dislocation-based deformation mechanism assumption allows the proper
reproduction of all the experimental trends, highlighting the dominance of a
pure dislocation controlled deformation mechanism for thin films with high
defects density. The log-normal grain size and free dislocation grain distri-
butions, combined with the crystallographic anisotropy, generate sufficiently
heterogeneous stress distribution to observe backward creep and strain recov-
ery, without any complex kinematic hardening formulation. One of the key
element is the presence of hard grains initially free of mobile dislocations. Ac-
cording to the model, texture created during the deposition of a thin film does
not significantly influence the creep behaviour and the stress heterogeneity.
Furthermore, the model can be used to the data reduction analysis from the
on-chip test technique.
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According to the model, texture created during the deposition of a thin
film does not significantly influence the creep behaviour and the stress hetero-
geneity.
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conditions

5.1 Introduction

From a reliability viewpoint, ductility in nanocrystalline metallic thin films is a
critical issue in many applications such as in micro- or nano-electromechanical
systems (Spearing, 2000; Iker et al., 2006), in thin membrane technology and
in flexible electronics (Lacour et al., 2003; Béfahy et al., 2007). NC metals
and thin films generally suffer of a lack of ductility. Nevertheless, counter-
examples of large ductility in NC thin films have been reported in the lit-
erature and presented in section 2.4. Despite the increasing yield strength,
necking can be delayed in NC materials by strain hardening or strain rate sen-
sitivity enhancement. Additional source of necking stabilization is the storage
of a geometrically necessary dislocation (GND) density. Numerical simulations
relying on a strain gradient plasticity (SGP) theory have shown that the incor-
poration of plastic strain gradients can very significantly delay the occurrence
of strain instabilities when the characteristic dimension of the specimen is on
the order or below the characteristic length of the gradient model (Niordson
and Redanz, 2004; Niordson and Tvergaard, 2005; Pardoen, 2014).

As a summary, in small scale systems, an important synergy exists between

103
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film thickness and mechanical properties. As the film thickness decreases,
the grain size decreases proportionally, resulting in a larger yield stress, a
lower strain hardening capacity unless SGP become significant too, and an
increased strain rate sensitivity due to thermally activated mechanisms. All
these interconnected effects can affect positively or negatively the ductility of
freestanding films. Necking can also be delayed due to delocalization effects
resulting from the presence of a soft underlying substrate (Lacour et al., 2003;
Lambricht et al., 2013) but this is not addressed here as the present chapter
only focus on freestanding films.

In this chapter, an enriched Marciniak-Kuczynski (MK) type imperfection
based plastic localization model is developed to address necking issues during
static loading or time dependent relaxation which can be both met in applica-
tion. 3D finite element (FE) simulations on tensile samples with rectangular
sections performed by Tvergaard (1993) have shown that specimens with a
width over thickness ratio higher than 3 are prone to localized necking without
the emergence of diffuse necking. The notions of diffuse and localized necking
have been defined in section 2.6. When the thickness is small compared to the
width, the specimen is more sensitive to perturbations allowing deformation
to easily concentrate over a length comparable to the thickness. The influence
of geometry on necking behaviour is well-known for coarse-grained metals and
it holds also in the case of ultrafine grained or nanocrystalline metals see e.g.
(Espinosa et al., 2004) or (Zhao et al., 2008). Espinosa et al. (2004) have
reported localized necking with no clear diffuse necking in freestanding submi-
cron FCC films involving width over thickness ratio between 5 and 20 which
are commonly encountered in thin films applications. Compared to the earlier
analysis of Hutchinson and Neale (1978a), devoted to the synergy between
imperfection, strain hardening and rate sensitivity, the present study aims at
accounting also for SGP effects, for grain size dependent strength and rate sen-
sitivity, for elasticity and for the possible contributions of creep mechanisms.
Comparisons will be made with experimental data with the aim, either to vali-
date the approach, either to help the interpretation of experimental data. The
objective of this study is to provide a better understanding of the complex
interplay between different competing or cooperating mechanisms. The model
is devoted to localized necking in which the length of the neck scales with the
thickness of the specimen. The problem of diffuse necking has been addressed
in an earlier study by Pardoen (2014) relying on a simpler 1D imperfection
model, thus not adapted to study the localization process in thin inclined neck-
ing bands. This chapter is organized as follows: the imperfection based model
is first presented, followed by the constitutive laws. The SGP model is then
validated towards the FE simulations of Niordson and Tvergaard (2005) and
the experimental results of Jonnalagadda et al. (2010). A parametric study is
finally carried out with a special attention to the prediction of instability for
copper thin films tested using the Lab-on-chip technique.
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5.2 MK model
The localized necking analysis is based on the Marciniak and Kuczyński (1967)
model that postulates the existence of a material imperfection such as a groove
or a narrow band with slightly diminished thickness, across the width of the
film as depicted in Figure 5.1(a). In its modified form proposed by Hutchinson
and Neale (1978a), the band is oriented at an angle φ with respect to the tensile
direction e1 . The quantities inside and outside the band are here denoted by
the superscripts ()in and ()out, respectively. The imperfection factor f is defined
as the ratio of the initial thicknesses inside and outside the band f = hin0 /h

out
0 .

e1

e2

n
t

out in

φ

(a)

lin

(b)

Fig. 5.1: (a) A thin solid with an initial thickness imperfection band (in) oriented
at an angle φ with respect to the main loading direction and (b) zoom on the band
for the definition of the band length lin.

The present model considers the localization process in a finite length spec-
imen with a volume fraction of the band fb given by

fb = αf

1/η − α + αf
(5.1)

where α is the ratio of the initial length of the band over the initial specimen
thickness and η is the specimen thickness over length ratio. The band orienta-
tion φ differs from its initial state, φ0 and varies with the deformation outside
the band which is assumed homogeneous.

tan(φ) = Fout11
Fout22

tan(φ0) (5.2)

where the deformation gradient tensor F is computed from the velocity gra-
dient tensor L = ḞF−1. The velocity gradient tensors components of the two
zones are expressed by:

Lout = Lmacro − fb
1− fb

(
γ̇nn (n⊗ n) + γ̇tn (t⊗ n) + γ̇33 (e3 ⊗ e3)

)
, (5.3)

Lint = Lmacro +
(
γ̇nn (n⊗ n) + γ̇tn (t⊗ n) + γ̇33 (e3 ⊗ e3)

)
, (5.4)
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where e3 is the film normal direction, n is the band normal direction and
t = n× e3 is tangent to the band. The heterogeneity of the velocity gradient
is thus introduced using three variables: γ̇nn, γ̇33 and γ̇tn while ensuring that

Lmacro = (1− fb)Lout + fbLin (5.5)

The components of Lmacro and the γ̇nn, γ̇33 and γ̇tn variables are determined
by enforcing that the film out-of-plane stresses are nil, σout33 = σin33 = 0, and by
balancing forces across the planar interfaces between zones in and out:(

hinσin − houtσout
)

: (n⊗ n) = 0 (5.6)(
hinσin − houtσout

)
: (n⊗ t) = 0 (5.7)

where the thickness of each zone evolves according to the out-of-plane deforma-
tion: hout = hout0 Fout33 and hin = hin0 Fin33. When the macroscopic loading mode
corresponds to uniaxial tension along e1, σmacro22 = (1 − fb)σout22 + fbσ

in
22 = 0 is

enforced as well.

If a symmetric Lmacro is imposed, if follows that the spin tensorWmacro =
1/2(Lmacro−(Lmacro)T ) = 0 while the strain rate tensorDmacro = 1/2(Lmacro+
(Lmacro)T ) = Lmacro . Note that inside and outside the band, the skew part
of the velocity gradient is non zero. More specifically, the velocity gradient
tensors components of the two zones write:

Louttn = Dmacro
tn +Wmacro

tn − fb
1− fb

γ̇tn, (5.8)

= Dmacro
tn − 1

2
fb

1− fb
γ̇tn︸ ︷︷ ︸

Dout
tn

+Wmacro
tn − 1

2
fb

1− fb
γ̇tn︸ ︷︷ ︸

W out
tn

(5.9)

Linttn = Dmacro
tn +Wmacro

tn + γ̇tn, (5.10)

= Dmacro
tn + 1

2 γ̇tn︸ ︷︷ ︸
Din
tn

+Wmacro
tn + 1

2 γ̇tn︸ ︷︷ ︸
W in
tn

(5.11)

The onset of localized necking is assumed to occur when the thickness
strain rate is much larger inside the band than outside. The following necking
criterion is used:

|Din
33|/|Dout

33 | > 1000. (5.12)
This point of instability is characterized by a given value of the macroscopic
elongation Fmacro11 which is expected to depend on the initial inclination of the
band φ0. All initial band orientation φ0 between 0◦ and 90◦ are considered and
the localization strain is defined as the earliest occurrence of necking εins =
minφ0Fins11 .

The localization model is solved numerically using an implicit time inte-
gration procedure.
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5.3 Constitutive laws
The total strain rate D is assumed to be the sum of two parts: an elastic
strain rateDel and an inelastic strain rateDp including the (visco-)plastic and
creep/relaxation contributions. The Cauchy stress σ is computed assuming
isotropic elasticity:

5
σ = C : Del (5.13)

with C being the isotropic elastic tensor which depends on the Young modulus
E and the Poisson’s ratio ν. 5

σ is the Jaumann rate of the Cauchy stress
which allows properly dealing with rigid-body rotation to satisfy the objectivity
requirement at large plastic strains, defined as

5
σ = σ̇ −Wσ + σW . (5.14)

As J2 plasticity is assumed, the plastic yielding behaviour is independent of
hydrostatic pressure and the plastic flow rule governs the evolution of the
inelastic strain:

Dp = λs (5.15)
in which the scalar λ is called the plastic multiplier and s is the deviatoric
part of the Cauchy stress:

s = σ − 1
3(tr σ)1 (5.16)

The plastic multiplier is given by:

λ = 3
2
ṗ

σeq
(5.17)

where σeq is the von Mises equivalent stress defined by

σeq =
√

3
2s : s (5.18)

and ṗ is the accumulated inelastic strain rate

ṗ =
√

2
3Dp : Dp. (5.19)

The scalar p is the accumulated plastic strain defined by:

p(t) =
∫ t

0
ṗ dT. (5.20)

As several deformation mechanisms are considered, the material constitu-
tive law is solved in an incremental manner using a modified return mapping
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algorithm. The total strain incrementD∆t is imposed. The values of the vari-
ables at time tn are known and the goal is to find the values of the variables
at tn + ∆t. In the first step of the calculation, the increment is assumed to be
purely elastic. The elastic predictor at time t+ ∆t, σtrial is defined as

σtrial = σ|tn + (C : D|tn +Wσ|tn − σW |t) ∆t. (5.21)

For the classical (visco-)plastic deformation mechanism with accumulated plas-
tic strain pdislo, a yield function F is defined by:

F = σeq − σf (5.22)

where σf is the flow stress. If F trial|tn+∆t > 0, this plasticity mechanism is acti-
vated and plasticity develops during the increment such as to fulfil F |tn+∆t = 0.
The choice of the yield function requires specific attention as it reflects the de-
formation mechanisms. A survey of the viscoplastic physics-based yield stress
models suggests that as a good approximation, a threshold exists to activate
plastic deformation. This suggestion is also in agreement with experiments.
Uniaxial tensile tests at different strain rates, generally reveal a saturation of
the mechanical response around a master curve at low strain rate, at least at
low homologous temperature.

The first elastic predictor is incorrect because creep mechanisms involve no
threshold stress and plastic correction phase is subsequently imposed. Using
the plastic flow rule, the problem reduces to solving the following equation:

σtrialeq − 3G∆p− σeq = 0 (5.23)

where the accumulated inelastic strain increment ∆p is the sum of the contri-
butions of all the deformation mechanisms:

∆p = ∆pdislo + ∆pother. (5.24)

As these contributions vary with the applied equivalent stress, equation (5.23),
the hardening and creep laws are solved iteratively using Newton’s method to
find the values of ∆pdislo, ∆pother and σeq.

Plastic strain gradients result in the storage of geometrically necessary dis-
locations (GNDs) (Fleck et al., 1994). Plastic strain gradients arise either in
response to either inhomogeneous loading (bending for instance), or because
the plastic response of the material is inhomogeneous due to its heterogeneous
microstructure or its multiphase nature. GNDs are then required to accommo-
date the lattice curvature associated to non-uniform plastic strain fields while
they act also as obstacles for the mobile dislocations, contributing to the de-
formation. Following Pardoen (2014), the strain gradient plasticity effects are
taken into account through the introduction of the phenomenological general-
ized plastic strain rate ṗ∗dislo. ṗ∗dislo is a combination of the conventional plastic
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strain rate ṗdislo and of the plastic strain gradients ṗdislo,k. Both linear and
quadratic forms have been proposed for ṗ∗dislo as well as different decomposi-
tions for the gradients. A single parameter theory closely related to the strain
gradient theory initially proposed by Aifantis (1984), has been selected here:

(ṗ∗dislo)
2 = (ṗdislo)2 + (l∗)2 ṗdislo,k ṗdislo,k (5.25)

where the material characteristic length l∗, required for dimensional consis-
tency, sets the scale at which the gradients and thus the density of GNDs,
start to significantly contribute to hardening (Fleck and Hutchinson, 2001;
Evans and Hutchinson, 2009). The physical meaning of the material length
scale l∗ is still an open question (Kuroda and Tvergaard, 2010). Furthermore,
l∗ has no exact physical interpretation as the selected constitutive model is
purely phenomenological in contrast for instance with other SGP models with
a more physical background (Gao et al., 1999). Appropriate value of l∗ can be
obtained by fitting experimental results such as Fleck et al. (1994); Evans and
Hutchinson (2009). In the framework of crystal plasticity, Geers et al. (2007)
have suggested length scales which evolve with the dislocation densities.

Plastic strain gradients essentially develop inside the band. Outside the
band, the accumulated generalized plastic strain pout,∗dislo is equal to the classical
accumulated plastic strain poutdislo. The plastic gradient ṗdislo,k is assumed normal
to the band and is approximated by the difference in plastic strain rate between
zone out and in over a geometrical characteristic length corresponding to a part
of the current length of the neck, lin/β. The length of the band, illustrated in
Figure 5.1(b), is defined as the smallest in-plane dimension of the band (i.e.
along the n direction). Based on equation (5.25), the quadratic form of the
generalized plastic strain rate is then estimated by

(
ṗin,∗dislo

)2
=
(
ṗindislo

)2
+
(
βl∗

lin

)2

(ṗoutdislo − ṗindislo)2 (5.26)

where β is a fitting parameter. Hence, there is only one non dimensional
parameter affecting the contribution of the gradient which writes

βl∗

lin
= β

α

l∗

hin0

f

F in
nn

(5.27)

where α is the ratio between the initial length of the neck and the initial thick-
ness. When modelling localized necking, it is common to take α = 1. Inside
the band, the strain hardening contribution is controlled by the accumulated
generalized plastic strain p∗,bdislo as given by integrating the generalized plastic
strain rate (5.26).
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5.4 Model assessment

5.4.1 Assessment of the band orientation
The present model has been validated first based on the results obtained by
Hutchinson and Neale (1978a) for a rate-independent rigid plastic material
following an Hollomon type hardening law:

σf = kHp
nH (5.28)

In their model as well as for Marciniak and Kuczyński (1967), an infinite
metallic sheet is considered and the velocity gradient outside the band reduces
to

Lout = Lmacro. (5.29)

The velocity gradient inside the band when fb tends to zero, reduces to:

Lin = Lout +
(
γ̇nn (n⊗ n) + γ̇tn (t⊗ n) + γ̇33 (e3 ⊗ e3)

)
. (5.30)

Figure 5.3 shows the strains outside the band at instability for a material
behaving following equation (5.28) with nH = 0.22 as a function of the initial
band orientation, and compares the results obtained by Hutchinson and Neale
(1978a) and by the present model. There is a good match between the two
models. Furthermore, the minimal strain at necking corresponds to a current
band orientation of ∼ 34◦ for the two models. Note that the criterion used by
Hutchinson and Neale (1978a) for the occurrence of plastic localization differs
from the one assumed in the present model and this can explain the slight
differences:

dpout

dpin
= 0. (5.31)

5.4.2 Assessment towards SGP finite element
simulations

The SGP model is identified and validated based on the FE simulations of
Niordson and Tvergaard (2005). The latter simulations consist of a 2D plane
strain model of a tensile test on a rectangular specimen with a material de-
scribed by a finite version of the Fleck and Hutchinson (2001) SGP theory
(details of the constitutive model can be found in Niordson and Tvergaard
(2005)). The hardening is described by a rate dependent Swift law:

σf = σ0 (1 + kS1p
∗
dislo)

nS (1 + kS2 ṗdislo)
mS (5.32)

with, for the calculations of interest here, E/σ0 = 250, kS1 = kS2 = 250, and nS
equal to 0.05, 0.1 or 0.2. A small strain rate sensitivity mS = 0.005 is imposed.
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Fig. 5.2: Strains at instability εins as a function of the initial band orientation φ0
for the present model and the work of Hutchinson and Neale (1978a).
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Fig. 5.3: Comparison between the strain at instability for nS =0.05, 0.1 and 0.2 and
various l∗ normalized by the initial thickness hout0 . f = 0.995 , E/σ0 = 250, β = 6.
The discrete points are the results of Niordson and Tvergaard (2005).
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Figure 5.3 compares the sample averaged necking strains versus l∗ (normalized
by hout0 ) of Niordson and Tvergaard (2005) and the results obtained with the
present model in plane strain tension for different values of nS, with the same
imperfection, i.e. f = 0.995. In plane strain tension, the minimum value of the
localized necking strain is obtained for an initial angle φ0 = 0 corresponding to
the imperfection orientation used by Niordson and Tvergaard (2005). The only
adjustment parameter β was set equal to 6. The present model captures the
same tendency as the SGP FE simulations. The difference in necking strain
can be attributed to the difference of geometry. In the modelling approach
of Niordson and Tvergaard (2005), the width over length is imposed to 1/3
while here the thickness over length η = 0.01 is imposed. The present model
captures quite well the stabilizing effect caused by SGP.

5.4.3 Comparison to experimental results on Au thin
films

Jonnalagadda et al. (2010) have reported the stabilization of the necking pro-
cess in 0.85 µm and 1.76 µm thick nanograined freestanding Au films at low
strain rates. The strain at necking was small, below 2 % except for the low-
est strain rates equal to 6 × 10−5 s−1 and 9 × 10−6 s−1, reaching up to 6 %
elongation. The strain rate sensitivity was found to increase for strain rates
below 10−4 s−1 from 0.01 and 0.05, highlighting a transition in the domi-
nant deformation mechanism. Low strain rate allowed indeed the activation of
a primary creep type deformation mechanism which progressively dominates
the mechanical response. These tensile tests have been simulated with the MK
model, assuming a rate dependent Swift hardening law

σf = σ0 (1 + kS1pdislo)
nS (1 + kS2 ṗdislo)

mS (5.33)

and the contribution of one creep mechanism. The selected creep law is given
by:

ṗother = KσNeq (5.34)
where N andK are the creep exponent and the creep parameter. The following
parameters have been selected to quantitatively fit the experimental data:
E = 60 GPa (a reasonable value for NC Au films (Sim and Vlassak, 2014;
Hosseinian et al., 2016)), σ0 = 850 MPa, kS1 = 250, kS2 = 200, nS = 0.01,
mS = 0.01 as measured by the authors. The rate sensitivity of the creep law is
taken according to the experimentN = 20, and a value forK = (1/1300MPa)N
is used. The specimen has a thickness over length ratio η = 0.00085 as in the
experiments. No strain gradient plasticity effect is taken into account, and an
imperfection equal to f =0.98 is imposed. The predicted strain at necking are
shown in Fig 5.4 as a function of strain rate.

The transition in resistance to instability at strain rates below 10−4 s−1 is
well captured. The fact that the predicted necking strain at low strain rates
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is larger than the experimental values could be corrected by setting a slightly
larger imperfection (f ∼ 0.96−0.97). The influence of strain rate sensitivity on
ductility of material deforming solely by one specific deformation mechanism
will be studied in section 5.5.1.

5.4.4 Biaxial loading and forming limit diagram
In various technologies from MEMS applications to purification processes,
metallic films are used as membranes undergoing biaxial loading conditions.
If the film is sufficiently resistant to cracking by damage accumulation, the
failure limiting mechanism will often be localized necking as in macroscopic
forming operations. In this section, some trends are showed through forming
limit diagrams, unveiling the localization instability for any proportional load-
ing conditions. In order to construct the monotonic forming limit curve, the
macroscopic strain mode ρ is imposed :

ρ = Dmacro
22

Dmacro
11

(5.35)

ρ is a constant in the range −0.5 ≤ ρ ≤ 1. The predicted FLD of a Al film
with f = 0.999 is presented in Figure 5.5. The flow properties are described by
the rate dependent Swift law (5.32) with E/σ0 = 125, nS = 0.05, mS = 0.05
and kS1 = kS2 = 250. The influence of SGP on the delay of necking is also
addressed for different characteristic lengths l∗. For any proportional loading,
the resistance to plastic instability increases with increasing l∗. This effect
is more pronounced in the negative ρ domain, see for example the difference
between uniaxial tension ρ = −0.5 and biaxial stretching ρ = 1. Note that
the shape of the simulated FLDs is comparable to the results of earlier works
relying on a MK approach (Hutchinson and Neale, 1978a; Eyckens et al., 2009).

5.5 Parameter study

5.5.1 Size independent response
The role of the initial imperfection, strain hardening capacity and rate sensitiv-
ity on the resistance to plastic localization, without size effects are illustrated
in Figure 5.6 for uniaxial tension. These results are essentially similar to the
predictions of localized necking presented by Hutchinson and Neale (1978a,b)
or Hosford and Caddell (2011) and in line with the predictions of diffuse neck-
ing of Pardoen (2014) but with a factor 2. Indeed diffuse necking, if allowed,
occurs at strain twice smaller than localized necking. The flow properties are
described by the rate independent Swift law with E/σ0 = 250 and kS1 = 250.
The effect of imperfection is analyzed in Figure 5.6(a) for a rate-independent
material with different strain hardening exponent nS and η = 0.0001. The
hardening capacity has a profound impact on the occurrence of flow instabil-
ities. Moreover, localized necking has strong dependence on the magnitude
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of the imperfection. This is a critical point regarding the problem of necking
in thin films: grain boundary groove, roughness, lateral lithography error or
conformal deposition defect is not unusual, resulting in an imperfection on the
order of 1–10 nm which is 1% or more of the typical thin films thickness (be-
tween 100 and 500 nm). Material inhomogeneities or nano-porosity can also
generate local imperfections.

It is evident from Figure 5.6(b) where a small imperfection f = 0.999 is
imposed, that strain rate sensitivity strongly delays plastic localization. A
fundamental difference between rate-dependent and rate-independent materi-
als arises from Figures 5.6(b) and 5.6(a). Whereas the necking strain of a
rate-independent material is bounded by the well defined limit for localized
necking, εins = 2n when f tends to 1, the ductility is unbounded for rate-
sensitive material. Even a moderate strain rate sensitivity of 0.01 induces an
increase of the ductility by a factor 2 or more. These effects are well docu-
mented in the literature, see for example, the wide selection of ductile alloys
compiled by Woodford (1969).

In section 5.4.3, the competition between two rate dependent mechanisms
leads to a variation of m with strain rate, which in turn improves the ductility
at slow strain rates. In this specific case, the interesting point is that the
rate sensitivity can significantly vary with strain rate. If the strain rate is
slow enough, thin films can be prone to diffusional creep due to the small
grain size and large surface area (see e.g. Coulombier (2012)) even at room
temperature. Specific attention must be paid to this marked transition in
ductility between slow and large strain rates when designing thin film based
systems. These competitions between different relaxation mechanisms must
be taken into account as a function of the type and rate of loading experienced
under operation in order to ensure reliability and avoid detrimental creep.

5.5.2 Generic strain gradient plasticity effect
Strain gradients act as an additional source of strain hardening that delocal-
izes the incipient necking region and postpones unstable flow. The effect of
SGP on necking retardation is addressed in Figure 5.7 for a rate-independent
material loaded in pure uniaxial tension with a Swift type hardening law (5.33)
(E/σ0 = 250, kS1 = 250 and nS = 0.1). The value of strain corresponding to
instability is given as a function of the imperfection f for l∗/hout0 =0, 0.5, or 1.
The parallelism between these results and the results of Figure 5.6 is marked.
SGP is equivalent to an extra source of strain hardening. Physically, the strain
gradients come from the accumulation of GNDs inside the band which accom-
modate the deformation. SGP effects can thus improve the ductility of a film
if the structural length scale of interest is on the order of the characteristic
length l∗. The results obtained by Pardoen (2014) are very similar but with a
factor 2 (see section 5.5.1).
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Fig. 5.6: Variation of the strain at necking as a function of the flow properties
and imperfection for a Swift hardening law (E/σ0 = 250, kS1 = 250). (a) effect of
imperfection f on necking strain for various nS (mS = 0.0001), (b) effect of rate
sensitivity mS on strain at necking for f = 0.999 (kS2 = 250)
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pure uniaxial tension. E/σ0 = 250, β = 6 and nS = 0.1.

5.5.3 Effect of the film thickness on the ductility
In this section, the phenomenological flow parameters are connected to the
microstructure of metallic films in which film thickness mostly scales with the
grain size. Several parameters of the model vary with the microstructure. The
effect of grain size on the strain rate sensitivity, the hardening capacity and
the yield strength is depicted in Figure 5.8 for aluminium. In order to study
the interplay between increasing yield strength, enhanced strain rate sensitivity
and decreasing strain hardening with decreasing grain size, a three step analysis
is performed without SGP effects. Firstly, the influence of the grain size on
the yield strength is investigated at constant n and m. Then, the effect of
grain size on the strain rate sensitivity is introduced while n remains constant.
Finally, the grain size dependence of n is included. A Ludwig hardening law
is used here in order to differentiate the effect of the grain size on the yield
stress and on strain hardening:

σf = σ0 + kL1 (pdislo)nL (1 + kL2 ṗdislo)
mL . (5.36)

When SGP effects are considered, it is assumed that the strain hardening part
of the Ludwig law is determined using the generalized accumulated plastic
strain p∗dislo while the viscous part is influenced by the conventional accumu-
lated plastic strain rate ṗdislo. Other formulations can be found in the litera-
ture, see e.g (Borg et al., 2006).

The mean grain size as well as the film thickness have an influence on the
yield strength σ0, especially when the film contains only one grain over the
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thickness. In thin films technologies, the deposited nanograined microstruc-
tures frequently involve one or a few grains along the growth direction. The
motion of gliding dislocations is hindered in metallic films by the high density
of interfaces and by the large surface to volume ratio. In many small scale
systems, passivation or oxyde layers can also act as a barrier to dislocation
motion, see e.g. Xiang and Vlassak (2006) and Brugger et al. (2010). The
strength may also vary with local porosities resulting from deposition. Follow-
ing Venkatraman and Bravman (1992) and de Boer et al. (2008b), the yield
strength can be related to the grain size d and the film thickness hout0 by the
following expression:

σ0 = σ00 + kHP1/
√
d+ kHP2/h

out
0 (5.37)

where σ00 is the Peierls stress, and kHP1 and kHP2 are two empirical param-
eters. As a first approximation, the film thickness hout0 is assumed here to be
equal to the grain size d. The analysis relies on the empirical relation (5.37)
and the following parameters are used σ00 = 10 MPa, kHP1 = 100 MPa

√
µm

and kHP2 = 83 MPaµm as proposed by de Boer et al. (2008b), based on the
experimental data of Venkatraman and Bravman (1992) for Al-0.5% Cu thin
films laying between an SiO2 layer on the substrate and a anodic oxide film
grown on the surface. Note that the increase of the yield strength with de-
creasing grain size is known to reach an upper limit at a grain size in the range
of ∼10-30 nm (Meyers et al., 2006).

For the first analysis, the strain hardening capacity is fixed to typical value
for pure Al, n = 0.1. Figure 5.9 depicts the variation of strain at instability as
a function of the film thickness equal to the grain size, with mL = 0.003. At
constant strain hardening capacity and strain rate sensitivity, the decrease of
ductility when decreasing grain size is significant. The decrease is even more
pronounced if we assume that the imperfection consists of a local dimension
reduction of 5 nm instead of taking an imperfection f = 0.999 while keeping
f = 0.999 for large grain sizes. As explained in the introduction, such imper-
fection can easily appear in sub-micron thin films, resulting from GB grooving,
from lithography defects or from roughness.

As the grain size decreases, classical forest hardening mechanism is pro-
gressively replaced by diffusion and GB meditated mechanisms. These ther-
mally activated mechanisms magnify the strain rate sensitivity. During the
last decade, the strain rate sensitivity of nanocrystalline and ultrafine grained
metals has been extensively studied using strain rate jumps, nanoindentation
or on-chip technique. As listed in section 4.4.2, these studies reported a variety
of rate sensitivity exponents, m, for nanocrystalline and ultrafine grained fcc
metals, most of which are of the order of 0.015-0.15. Data on thin metallic
films is still relatively scarce. The data compiled by Wei (2007) clearly shows
a monotonic increase of m with decreasing grain size, even though the un-
derlying rate dependent deformation mechanisms are probably different from
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Fig. 5.8: (a) Variation of the strain rate sensitivity as a function of grain size for Al.
Marks represent experimental data obtained by Conrad (1965); Hayes et al. (2004);
Höppel et al. (2005); May et al. (2005); Gianola et al. (2006); Miyamoto et al. (2006)
(b) Evolution of the yield strength and the strain hardening exponent as a function
of grain size for Al.
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Fig. 5.9: Variation of the strain at necking as a function of the film thickness hout0
taken equal to the grain size d; n = 0.1 and yield strength varies with d following
equation (5.37): comparison between a constant relative imperfection f = 0.999 and
a variable imperfection resulting from a constant reduction of 5 nm (m = 0.003).

one material to another. Details of the microstructure (purity of the alloys,
stacking fault energy of the alloys, presence of solute atoms at GB, etc.) can
significantly affect the selection of the dominant deformation mechanism and
change the value of m, see for example Tang et al. (2012) and Tian et al.
(2016). In order to account for the enhanced rate sensitivity at submicron
scale, the following phenomenological expression is chosen following Gu et al.
(2007b). Based on the critical stress for the bow-out of an edge dislocation
source, Gu et al. (2007b) derived the following expression for the strain rate
sensitivity m as a function of the grain size d

m =
√

3kBT
0.36µb3

[
log

(
c1
√
d

b

)
− 1.65 c2

]−1

(5.38)

where kB is the Boltzmann constant, T , the temperature, µ the shear modulus,
b the Burger vector and c1 and c2 are fitting parameters. c1 = 0.118

√
nm,

c2 = 1.78, µ = 24 GPa and b = 0.286 nm. m is assumed to saturate at 0.1.

The effective strain hardening capacity varies with grain size too due to
complex dislocation/GB interactions, associated with local recovery, disloca-
tion transmission and significant back stress development, see e.g. Sinclair
et al. (2006); Duhamel et al. (2010); Massart and Pardoen (2010); Sun et al.
(2015); Lemoine et al. (2016). As grain size decreases, the strain hardening
capacity is profoundly modified and dictated by dislocation nucleation mech-
anisms at GBs, replacing the classical forest hardening. These effects are still
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not fully understood and not captured by quantitative models. The strain
hardening capacity is here decomposed into two contributions: a "forest hard-
ening" capacity and a kinematic hardening contribution due for instance to the
storage of dislocation at grain boundaries. When the grain size is larger than
10µm, the effect of back stress vanishes and the "forest hardening" capacity
dominates the hardening capacity, n = nforest. At grain size lower than 50
nm, back stress becomes dominant and the strain hardening capacity is only
dictated by the kinematic hardening, n = nGB. Between these two regimes, n
is assumed to vary linearly with grain size. In order to make the analysis as
realistic as possible, the strain hardening capacity is assumed to be bounded
by the two extrema: nGB = 0.02 and nforest = 0.1.

Figure 5.10 illustrates the variation of the necking strain associated with
the increase of rate sensitivity with decreasing grain size, compared to to no
change in rate sensitivity for constant or varying strain hardening capacity.
The imperfection is taken small f = 0.999 and no SGP effects are taken into
account. For constant strain hardening capacity, the increased strain rate
sensitivity with smaller grain size delays necking formation for any grain size.
As the grain size decreases below 10 µm, the yield strength increase is still too
pronounced and do not allow to compensate the loss of ductility with a higher
rate sensitivity. Below 200 nm, this trend in the evolution of the ductility can
be reversed at least in a limited range of grain sizes. The impact of a decrease
of strain hardening capacity with grain size accentuates even more the decrease
in ductility. Coulombier et al. (2010) found values of strain at instability up to
0.3 for 370 nm thick films for specimens involving the smallest imperfections,
which is in the same range as predicted here.

In real thin films, all these effects of imperfection, of increasing strength and
rate sensitivity, of decreasing strain hardening capacity with decreasing grain
size, and of SGP compete or cooperate all together with relative magnitudes.
The question of the limit of validity of SGP theories at low grain sizes has
not been much discussed in the literature. Nevertheless, if the deformation
mechanism becomes dominated by diffusion, grain growth or grain rotation,
GNDs will no longer dictate the deformation process. SGP effects could then
be excluded. The following scenario emerges from these considerations and
raises two transition lengths l∗ and dc:

• when hout0 = d < dc, strain rate sensitivity increases but SGP are ex-
cluded as GB-mediated mechanisms dictate the mechanical response;

• when hout0 = d > l∗, the only size effect arises from the Hall-Petch effect;

• when dc < hout0 = d < l∗, SGP effects can ductilize the material.

These transitions are addressed in Figure 5.11 for a material involving a grain
size dependent strength, strain hardening capacity and strain rate sensitivity.
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Fig. 5.10: Variation of the strain at localized necking as a function of the film
thickness hout0 taken equal to the grain size d; yield strength varies with d following
equation (5.37); strain rate sensitivity varies with d following equation (5.38) and
nL varies linearly with d.

Five characteristic lengths are considered: l∗ = 0, 0.125, 0.25, 0.5 and 1 µm.
The SGP effects are turned off below a grain size equal to dc = 250 nm at
which the rate dependent thermally activated mechanisms start dominating
the deformation process.

The relevance of imposing hout0 = d can be questioned. Depending on the
deposition techniques, deposition conditions and the melting temperature of
the material, the morphology of the grain can vary between pancaked, equiaxed
to moderately elongated in the thickness direction. By depositing a film step by
step, with interruptions during the process, it is possible to avoid the propen-
sity to create columnar grain and to produce a thin layer with several grains
over the thickness. It is also possible to deposit a thin film with small grain
sizes and then perform an annealing in order to increase the grain size. In
these cases, the film thickness might significantly differ from the grain size.
The trends observed above would remain valid, but the dominant mechanism
of deformation would need to be carefully identified. If the grain size becomes
too small, SGP might indeed not play a role even if the thickness is in the
range of the characteristic length l∗.
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Fig. 5.11: Variation of the strain at localized necking as a function of the film thick-
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with d following equation (5.38) and nL varies linearly with d. The imperfection
is taken small f = 0.999. The SGP effects are turned off below a grain size equal
to dc = 250 nm at which the rate dependent thermally activated mechanisms start
dominating the deformation process.

5.5.4 Impact of internal stress on ductility

Most thin films and coatings involve internal stresses which have various ori-
gins. Thermal stresses develop due to a thermal mismatch between the film
and the substrate as a result of a difference in thermal expansion coefficient
during the cooling phase after film deposition on a substrate for instance (Nix,
1989). Other stresses, such as epitaxial stresses, arise during the growth pro-
cess of the film on the substrate.

Simulations have been designed to check whether or not internal stresses
could internal stresses influence the plastic localization process in thin free-
standing membranes and affect the measured ductility in tension. The stress
state experienced by a thin film during a typical deposition and release pro-
cess followed by an uniaxial tension test is applied to an Al films. The flow
properties are described by the Swift law (5.33) with E/σ0 = 125, nS = 0.05
and kS1 = kS2 = 250. First, biaxial stretching is applied up to a small strain
ε11 = ε22 = ε0. Negative or positive prestrains ε0 are generated respectively
by tensile and compressive internal stress. Then, uniaxial tension is performed
either by imposing σmacro11 = 0, or by imposing the conventional strain mode
ρ = −0.5 used to characterize uniaxial tension in FLD. The influence of the



124 Chapter 5 - Localized necking in nanocrystalline metallic thin films

prestrain ε0 on the occurrence of localized necking is depicted in Figure 5.12
for three different strain rate sensitivity mS = 0.01, 0.005 and 0.001. When
σmacro11 = 0 is applied, elastic ε0 has no influence on the necking behaviour but
as plasticity is generated by the internal stress, plastic instability occurs earlier
during the deformation process. The necking strain decreases with increasing
ε0 for any strain rate sensitivity. When ρ = −0.5, the same trend is observed
while an elastic ε0 already induces a lower resistance to plastic localization.
In the presence of elasticity, ρ = −0.5 does not correspond to a pure uniax-
ial tension as tensile stress develops in the transverse direction to compensate
the constant volume assumption associated to ρ = −0.5. The decay of the
necking strain with increasing magnitude of ε0 is more pronounced for positive
internal stress. At similar magnitude of prestrains, flow becomes unstable at a
same accumulated plastic strain for both tensile or compressive internal stress
and the observed variation of ductility can be attributed to the choice of the
characteristic strain at necking: εins = minφ0 F

ins
11 .
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Fig. 5.12: Influence of the biaxial stretching ε0 on the subsequent uniaxial tensile
strain at necking for differentm and two tensile loading conditions. The flow proper-
ties are described by the Swift law with E/σ0 = 125, nS = 0.05 and kS1 = kS2 = 250.
f = 0.999 is imposed.

Internal stresses can induce different well-known undesirable effects in the
film/substrate system including film delamination, fracture, buckling and cracks
in the film. The present findings add lower necking resistance to this list. The
control of internal stress is thus of primary importance for the production of
reliable industrial devices based on freestanding thin films.
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Fig. 5.13: Variation of the strain at instability εins during creep/relaxation exper-
iment as a function of the prestrain ε0 reached during the loading of 170 nm thick
freestanding Cu films. ε∗ is the necking strain in loading at moderate strain rate.

5.5.5 Lab-on-chip relaxation
The ductility of different thin metallic films in tensile loading and relaxation
has been determined by Coulombier et al. (2010) for Al, by Colla (2014) for Pd
and by Vayrette et al. (2015) for Cu, using the on-chip uniaxial tension tech-
nique. Pd thin films with a thickness between 90 and 480 nm generally show a
resistance to plastic localisation up to 5-6% during tensile loading and exhibit
for the best cases, high ductility up to 12%. The specimen are then stored
for months or even years in clean environment and keep deforming by slow
creep. Necking or failure never appeared during this relaxation stage in the
unbroken samples and this even though some specimen underwent additional
deformation of several percent bringing them to strains larger than 5-6%. 170
nm thick Cu specimens reached more than 5% deformation during the release
of the actuator while large ductility up to 20 % was observed during relaxation,
indicating that localized necking in Cu thin films is significantly affected by the
strain rate. The experimental results of Vayrette et al. (2015) are reproduced
in Figure 5.13. Such behaviour has also been reported by Hosseinian et al.
(2016) in Au thin films during relaxation experiments. After experiencing suc-
cessive stress relaxations, these Au films withstand an elongation about ten
times larger than the fracture plastic strain under monotonic loading, without
failure.

The present section is devoted to the modelling of localized necking under
creep/relaxation conditions and aims to provide a better understanding of the
experimental results of Vayrette et al. (2015) gathered using the on-chip tech-
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nique. The modelling of such on-chip relaxation gives rise to some questions:
what is the influence of the actuator spring? How do we select the proper vis-
coplastic law? based on one or two deformation mechanisms? with a threshold
or not?

The principle of the on-chip technique has been presented in chapter 3
so only some specificities of the Cu thin films are outlined here. The copper
films of Vayrette et al. (2015) are deposited by e-beam evaporation at room
temperature and with a deposition rate of 0.1 nm/s on top of a PECVD SiO2
sacrificial layer. Etching of the sacrificial layer is fast (etch rate is equal to 0.181
µm.s−1) and the initial tensile loading rate is around 5× 10−3 s−1 for 10 s, with
a dependence on sample length. Then, the actuator behaves as a linear spring
which slowly contracts while the sample (still loaded in tension) undergoes
additional viscoplastic deformation. Due to the critical point dryer step, the
first samples are measured three hours after the release. Measurements are
then repeated after relaxation times varying from a few hours to several days.
At all times, the actuator follows a linear force-displacement relationship and
equation (4.1) remains valid. These conditions thus correspond to a creep test
performed on a sample attached to a linear spring: stress decreases while strain
increases. The relaxation/creep behaviour is dictated by lanom/lsnom ratios which
influence the magnitude of the creep strain rates.

The loading path undergone during an on-chip tensile test (moderately fast
loading and subsequent relaxation) is modelled using material parameters cor-
responding to Cu thin films. In order to study the influence of the prestrain ε0
and of stress relaxation on the ductility of thin films, different constitutive laws
are envisaged. First, a purely viscoplastic law corresponding to equation (5.34)
is selected. Necking analysis for such constitutive law reveals a stress and rate
independent resistance to plastic localization. For any prestrain and thus any
stress level reached during the release of the film, the necking strain after re-
laxation is always the same and equal to the strain at instability reached in
loading, denoted ε∗. For a single rate dependent mechanism (and thus a single
m value independent of strain rate), there is no change of strain at instability
with strain rate in monotonic tensile loading or during the spring-like relax-
ation where the strain rate evolution with time is dictated by the lanom/lsnom
ratio and the subsequent decrease of stress. Some combinations of prestrain
and lanom/lsnom ratios do not allow to reach the monotonic necking strain due to
the associated very long relaxation time or because the actuator is too short
to carry the same level of deformation. This last observation fully agrees with
the experiment showing no failure during relaxation. In order to validate the
quite surprising stress and rate independence of the ductility obtained within
the MK framework, a simple force equilibrium approach is used: a sample with
inhomogeneous cross section linked to a purely elastic Si3N4 actuator with con-
stant cross section Aa and Ea = 250 GPa, is considered. Strain hardening and
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elasticity are neglected and the equation (5.34) is rewritten

ε̇ = ε̇0

(
σ

σ0

)1/m
. (5.39)

The sample is divided in two zones, one with an initial cross section Aout0 and
the other Ain0 = fAout0 as for the MK approach. The forces must balance so

σoutAout = σinAin = F (5.40)

where the force F is dictated by the actuator and given by:

F = EaAa/lanom(ufree + u). (5.41)

The displacement u of the actuator is computed based on the strains of zones
in and out:

u = (ltot − (lout0 exp(εout) + lin0 exp(εin))− la0) < 0

and
ufree = la0(exp(εamis)− 1). (5.42)

Finally, the two differential equations to solve are

˙εout =(F/σ0/A
out
0 )1/m exp(εout/m), (5.43)

˙εin =(F/σ0/A
in
0 )1/m exp(εin/m). (5.44)

These ordinary differential equations are solved using an Adams type algorithm
for εamis = −0.00315, m = 0.05, σ0 = 1050 MPa, ε̇0 = 1s−1, lin0 = hout0 =
200 nm and lout0 = 25 µm. Similar tendencies are predicted and the same
conclusions can be drawn, validating the extended MK approach. The same
applies for σf = Kpnṗm. In a second time, a rate dependent Swift law (5.33) is
adopted and the same analysis is performed. At constant force, ε∗ is recovered
for any plastic prestrains. Generally unstable flow never occurs in relaxation
except for prestrains around ε∗ which lead to ductility equal to ε∗. As a
matter of fact, the combined effect of decreasing applied stress and increasing
accumulated plastic strain progressively inhibit deformation upon relaxation.
This effect is furthermore reinforced by the decreasing rate-dependent effective
strain rate sensitivity meff associated to Swift-type laws:

meff = d ln σf
d ln ṗ = mS

kS2 ṗ

1 + kS2 ṗ
. (5.45)

These results have been preliminary validated towards a simpler approach
involving a band normal to the loading. Such band configuration associated
to a rigid plastic material simplifies the equations of the present model and
reduces the number of unknowns to 2. Relying solely on one deformation
mechanism will not allow a proper reproduction of the experimental results
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of Vayrette et al. (2015). As the necking during relaxation never exceeds ε∗,
prestrains and relaxation rates only affect the time at which plasticity localizes
or not inside the band.

So, the deformation in Cu thin films is supposed to be driven by two defor-
mation mechanisms: a dislocation based mechanism, dominating the mechan-
ical response at moderate strain rate and a diffusive relaxation mechanism at
low strain rate. This latter hypothesis is enforced by the diffusion effects ob-
served by Lapouge et al. (2017) for the same Cu thin films. A creep relaxation
law (5.34) with N = 20 and K = (1/1050MPa)N and a rate sensitive Voce
law:

σf =
(
σsat − (σsat − σ0) exp

(
− p

p0

))
(1 + kV ṗ)mV (5.46)

with E = 90 GPa, σ0 = 240 MPa, σsat = 675 MPa, p0 = 0.02, kV = 750 and
mV = 0.02 are used. The optimized parameters for Voce strain hardening and
creep law were obtained in such a way as to fit at best the experimental stress-
strain curve and creep curves depicted in Figure 5.14(a) and Figure 5.14(b). A
rate dependent Swift hardening law was first assumed but the high apparent
strain hardening led to nS = 0.25, predicting unrealistic necking strains. The
strong apparent strain hardening in NC materials is generally attributed to a
long elasto-plastic transition. A Voce hardening is then adopted because such
law limit the apparent hardening by saturating the hardening after p ∼ p0.
The present model with 2 competing parameters reproduce the experimental
trends with realistic parameters. The fitted value of mV and N are consistent
with the literature. The strain rate sensitivity m of nanocrystalline grained
Cu thin films usually varies between 0.05 and 0.1 (Lapouge et al., 2017) under
relaxation conditions. Wang and Ma (2003) reported that for the nanostruc-
tured Cu (d ∼ 190 nm), m is 0.01 at moderate strain rate ε̇ ∼ 10−4 s−1.

The resistance to necking of 25 µm long Cu thin films as a function of the
initial prestrain and the length of the actuator is depicted in Figure 5.15. The
necking strain reached during monotonic tensile loading ε∗ is equal to 0.06 for
a imperfection f = 0.94, corresponding to the experimental value (Vayrette
et al., 2015). Depending on the prestrain and on the lanom/lsnom ratios, either no
instabilities after 1 year of relaxation, either a drastically improved ductility
were predicted. As explained in section 5.4.3, ductility is rate dependent for a
material involving two competing mechanisms. During the monotonic loading
at moderate strain rate, the dislocation based mechanism is dominant. As the
strain rate decreases, the limitation of ductility associated to this mechanism
progressively wipes off and the more viscous mechanism ductilizes the film.
The competition between these two mechanisms is influenced by the initial
prestrain and the actuator length, dictating the decreasing strain rate (see
Figure 5.14(b)) and the associated amount of additional elongation needed to
trigger instability. For example, if the prestrain is equal to 5% and the actuator
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Fig. 5.14: Comparison between between the experimental and predicted stress
strain (a) and the experimental and predicted creep response (b) for Cu thin
films with 2 competing mechanisms: a creep relaxation law with N = 20 and
K = (1/1050MPa)N and a rate sensitive Voce law with E = 90 GPa, σ0 = 240
MPa, σsat = 675 MPa, p0 = 0.02, kV = 750 and mV = 0.02
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is long (lanom = 2500µm), the relaxation strain rate remains nearly equivalent
to the loading strain rate during the first hour. The corresponding small ac-
tivation of the viscous mechanism results in a sightly improved necking strain
εins = 7%, which agrees with the singular experimental data point correspond-
ing to ε0 ∼ 5% in Figure 5.13. When the prestrain is small compared to ε∗,
the relaxed strain needed to reach ε∗ is high enough to let sufficient time to
activate the viscous mechanism and then improve the ductility by at least a
factor 2.5. No necking can even be observed due to low creep rate associated
to long relaxation time or low lanom/l

s
nom ratio, for the sake of simplicity these

data have not been reported in Figure 5.13. A small actuator length allows
also the activation of the viscous mechanisms by imposing a rapid decrease of
the relaxation strain rate. Note that the strain at instability corresponding to
the creep mechanism εviscous is never reached. As the viscous mechanism is
only activated during relaxation, the heterogeneity of deformation generated
during the loading remains present during subsequent relaxation and is higher
than expected for a material deforming solely by creep mechanism.

Now, the model does not capture the linear relation between prestrain and
ductility measured by Vayrette et al. (2015). One may believe that origin of
the discrepancy is the following. Assuming that dislocations participate also
through recovery and through further nucleation of new dislocations to the
relaxation, the activation volume before relaxation should thus be dictated by
the dislocation density. Following Cottrell-Stokes law, the activation volume
is inversely proportional to the mean spacing between pinning points. Hence,
the activation volume decreases with increasing pre-strain, see e.g. chapter
4. Based on the definition of the strain rate sensitivity and the activation
volume, a lower activation volume implies a larger m. Here mV is constant
and independent of ε0. A dislocation based model would intrinsically adapt the
strain rate sensitivitym with the initial prestrain and lead to a better resistance
to necking, see section 5.5.1. To assess this hypothesis, a J2 version of the
dislocation based model developed in chapter 4 has been implemented and an
exploratory work using the same parameters as for Pd has been undertaken.
The strain rate writes

ṗ = ṗ0 exp
(
− F0

kBT

{
1−

(
σeq
σ̂

)pi
}qi
)

(5.47)

with σ̂ = Mαµ
√
ρ while the evolution of the dislocation density ρ is given by

ρ̇ = M

k1
√
ρ− k2

1−
(
kBT

F0
ln
(
ṗ0

ṗ

))1/qi

−1/pi

ρ

 ṗ. (5.48)

The strains at instability εins during creep/relaxation experiment as a function
of the initial nominal strain ε0 of Cu thin films modelled with the dislocation
based approach are presented in Figure 5.16. The linear relation between ε0



131

0 0.01 0.02 0.03 0.04 0.05 0.06 0.07
0

5 · 10−2

0.1

0.15

0.2

0.25

N
ecking

during
loadingε∗

εviscous

N
o

necking
after

1
year

ε∗

εviscous

ε0

ε
in

s

la
nom = 2500

la
nom = 2000

la
nom = 1500

la
nom = 1000

Fig. 5.15: Variation of the strain at instability εins during creep/relaxation experi-
ment as a function of the initial nominal strain ε0 of Cu thin films with 2 competing
mechanisms for different actuator lengths lanom.

0 0.2 0.4 0.6 0.8 1
0

0.2

0.4

0.6

0.8

1

ε0/ε∗

ε
in

s/
ε
∗

Fig. 5.16: Variation of the strain at instability εins during creep/relaxation experi-
ment as a function of the initial nominal strain ε0 of Cu thin films modelled with a
dislocation based approach, normalized by the ductility in monotonic loading ε∗.



132 Chapter 5 - Localized necking in nanocrystalline metallic thin films

and εins is recovered but the ductility never exceeds ε∗. The dislocation den-
sity contributes well to increase the strain rate sensitivity as a function of the
prestrain but does not postpone the occurrence of necking during relaxation.
More research into the competition of rate sensitive and rate insensitive de-
formation mechanisms is still necessary before obtaining a definitive answer to
the origin of the prestrain dependent ductility. One question still unanswered
is also how prestrains around ε∗ can lead to high ductility while all the en-
visaged constitutive laws predict εins ∼ ε∗ in such cases. Imperfections f are
maybe statistically distributed and more precisions on the initial dislocation
density are required to properly set the rate sensitivity of the dislocation based
approach.

5.6 Conclusion
The extended MK based localization model takes into account the effects of
elasticity, isotropic strain hardening, strain gradient plasticity, rate sensitivity
and imperfection. General trends have been reviewed regarding localized neck-
ing in rate independent and dependent materials, with additional effect of SGP.
Then, material parameters have been linked to microstructure features. The
model has revealed the decrease of ductility with decreasing film thickness and
highlighted the possible inversion of this trend when rate-dependent plasticity
mechanisms dominate the deformation. Strain gradients plasticity effects can
also delay unstable flow in thin films. The competition of deformation mech-
anisms in NC metallic thin films has been studied: strain rate has a strong
influence on the dominating mechanisms, profoundly modifying the necking
behaviour. The negative influence of internal stress on the measured ductility
in uniaxial tension has also been unveiled. Finally, attention has been de-
voted to the necking analysis under creep/relaxation conditions but the model
predictions do not allow a proper reproduction of all the experimental trends
observed by Vayrette et al. (2015).
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Conclusion

This thesis, devoted to the study of the mechanical behaviour of metallic face
center cubic thin films under tensile static and creep conditions contributes to
the development of the on-chip technique and to the modelling of these films
within a crystal plasticity framework.

The state of the art related to this work has been presented in chapter
2. The specific deformation mechanisms of nanocrystalline metals have been
reviewed as well as their influence on the mechanical properties, depicting the
complex interplay of dislocation- and grain boundary- based mechanisms. In
the nanocrystalline domain, grain size distributions are such that some grains
may experience several competing mechanisms while other grains may deform
by conventional dislocation based mechanisms. Such demanding conditions
require specific modelling attention and a variety of models relying on various
assumptions have been proposed in the literature. An overview of the existing
modelling approaches has therefore been provided, showing that dislocation
based viscoplasticity models have not been much addressed.

One of the objectives of this thesis was to experimentally study the defor-
mation and the relaxation mechanisms taking place inside nanocrystalline Ni
thin films. The adaptation of the internal stress actuated micro-tensile testing
method has been unsuccessful. Even if no viable and stable fabrication process
has been found, many lessons have been learned. All the aspects of the fabri-
cation process have been detailed in chapter 3. One of the most problematic
issues is the control of the internal stress of Ni specimens and the best couple
of sputtering power and Ar pressure should be found. The combination of Si
sacrificial layer and XeF2 etchant is believed to become a generic process as
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it gives a maximum etching selectivity and avoids temperature variation and
the need for a drying process. The knowledge of this process is still limited
within the UCLouvain cleanroom facilities and required further investigations
in order for instance to prevent undesirable stiction of the structures on the
underneath substrate.

Nevertheless, the present thesis contributes to the improvement of this ex-
perimental technique by simulating the entire lab-on-chip experiment through
finite element modelling. The under-etching of the fixed parts of the specimen
and of the actuator, due to the isotropic etching of the sacrificial layer, has been
found to profoundly affect the extracted stress and strain while the dog-bone
shape of the specimen reinforced this source of inaccuracy. A large scatter in
the data has been observed from an instance to another, in agreement with
previous experimental results. The possible erroneous determination of mate-
rial properties caused by these uncertainties has also been emphasized. The
relative error on the stress decreases with increasing actuator lengths whereas
the extracted specimen strain is more precise as the specimen width increases.
Furthermore, the under-etching of the anchoring parts leads to the violation
of the condition of application of the Saint Venant principle for small actuator
lengths. Therefore, the use of long actuator and wide specimen beams is rec-
ommended. A new analytical correction model avoiding any fitting procedure
has been proposed in order to address these issues. Even if the correction
model improves the precision by a factor 10 and 3-5 for the stress and strain
respectively, the procedure is strictly limited to elastic specimen or actuator
material. It is also recommended to assess further design improvements of the
on-chip technique by FE simulations.

The extension to a 3D version to address the influence of the overlap and of
stress gradient through the thickness is one future perspective. The deforma-
tion of the specimen and the actuator can potentially be strongly influenced
by the stress state in its unreleased configuration. As pointed out by Fang
and Wickert (1996), stress gradients can become particularly significant as
the film becomes thinner. To properly extract the stress and strain using the
lab-on-chip technique, out-of-plane rotation, imposed by internal stress gradi-
ents should be accounted for. In FE analysis, internal stress gradient can be
generated by imposing a fictitious temperature gradient through the thickness.
Such internal stress gradient can be probed experimentally via the MOSS tech-
nique (see section 3.3) or via the single cantilever beam deflection technique
developed by Fang and Wickert (1996).

On the basis of the lab-on-chip simulations, future work could address
the under-etching of the anchoring parts issue. Clearly, further experimen-
tal research is needed to limit the under-etching. Selective etching of locally
modified sacrificial layer, including for instance doped Si or nanoporous Si,
provides a possible direction to solve the problem. Such experimental inves-
tigation appears fully justified because no correction on the stress is required
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Fig. 6.1: Comparison between the extracted and corrected mechanical behaviour of
a purely elastic material via lab-on-chip experiment. No under-etching is imposed.

without under-etching and the correction procedure proposed in this thesis has
been found to be very efficient to account for the specimen dog-bone shape
(for lanom > 500µm), see Figure 6.1

In chapter 4, a dislocation-informed crystal plasticity model has been de-
veloped for metallic thin films, relying on the following observations: (i) the
TEM characterization of Pd thin films carried out by Colla et al. (2015) has re-
vealed surprisingly high dislocation densities and dislocation storage inside the
grains. (ii) Some grains are initially free from dislocations. (iii) Rate dependent
mechanisms are amplified in nanograins. (iv) Pd thin films are subjected to
creep/relaxation before the first experimental observations. The developments
implemented in the crystal plasticity code previously available at UCLouvain
can be summarized as follows: a dislocation evolution law has been established
and a physics based rate equation relying on thermal activation has been iden-
tified. Furthermore, constitutive laws take into account the effects of grain size
distribution and grains free of dislocations. The micro to macro transition is
based on the ALAMEL scheme which was for the first time applied to columnar
grains. The model has been validated against experimental data on sub-micron
Pd films gathered using the lab-on-chip technique. Not only the effect of the
film thickness was captured but also the relaxation response and the disloca-
tion density evolution. Although the number of fitting parameters is limited,
the parameters of the rate equation (4.4) are extracted from literature. Pos-
sible improvement of the model may be provided by a atomistically-informed
crystal plasticity approach in which the collective behaviour of dislocations
are computed based on atomistic modelling and dislocation dynamics (see e.g.
(Amodeo et al., 2016)).
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One of the keys element of the model was the presence of grains initially free
from dislocations. Indeed, the strain hardening and the thickness effect could
only be captured if such extremely resistant grains were present. Such strong
assumption requires further TEM investigation to discard possible dislocation
emission at GBs. Local stress concentration at triple junction triggers indeed
the nucleation of dislocation which are then potentially available for propaga-
tion (Bitzek et al., 2008). However this assumption is supported by the Ph.D.
of Tummala (2016) on Discrete Dislocation Dynamics (DDD) in FCC metallic
thin films. Polycrystalline DDD-FEM simulations based on superposition prin-
ciple provide an elegant way to study the deformation mechanisms responsible
for the strain hardening and thickness dependent response of nanocrystalline
thin films. DDD-FEM calculations relying on a distribution of dislocation
sources among all the grains did not reproduce the experimental tendencies.
Size effects were observed only with simulations involving grains with no initial
dislocation sources. Future work could be devoted to explore and compare the
mechanical response of 3D polycrystalline thin films within the framework of
the classical continuum crystal plasticity developed in this work and discrete
dislocation dynamics proposed by Tummala (2016). The model microstructure
proposed for such study is a 2D periodic Laguerre-Voronoï tessellation extruded
in the growth direction of the film, that reproduce the grain size distribution.
Possible statistical comparison are envisaged at macroscopic, grain and micro-
scopic level to evaluate the influence of grain size distribution, grains free of
dislocation distribution, grain topology and texture. Discrepancies caused by
the discrete nature of plasticity in DDD are expected at grain and microscopic
levels as suggested by Šiška et al. (2009). Furthermore, DDD-FEM calculations
facilitate the study of the influence of free surfaces and possible dislocation-GB
interactions which are not considered in the present work. DDD simulations
are also expected to give more insights about the dislocations stored in the
vicinity of the boundary and so to possibly enrich the strain hardening law
(equation (4.7)) following for instance the work of Sinclair et al. (2006) for
UFG materials. Pile-ups will contribute both to isotropic hardening and to
the building up of back stresses.

This work contributes to the literature debate to which extent deforma-
tion in nanocrystalline materials and thin films is driven or not by dislocation
based mechanisms. The dislocation-based deformation mechanism assumption
allows the proper reproduction of all the experimental trends, confirming the
dominance of a dislocation driven deformation mechanism for the present Pd
films with high defects density. Numerical predictions have revealed that tex-
ture created during the deposition of a thin film does not significantly influence
the creep behaviour and the stress heterogeneity. The model has then been
used to address some original experimental evidences involving back stresses,
backward creep and strain recovery. Without relying on any complex kine-
matic hardening formulation, the combination of crystallographic anisotropy
and grain size and grains free from dislocations distributions generates such
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high level of stress heterogeneity that backward creep and strain recovery are
observed. The time dependent plastic response of the Pd films is dominated by
the back stresses which originates from a purely composite effect. The grains
initially free from dislocation are extremely resistant and remain mainly elas-
tic. The largest grains yield thus much earlier than the hardest ones, inducing
a significant kinematic hardening contribution.

According to the model, texture created during the deposition of a thin
film does not significantly influence the creep behaviour and the stress hetero-
geneity. Nonetheless, fibre textures involve significant plastic anisotropy which
still need to be confirmed by experiments. Nowadays, the lab-on-chip tech-
nique does not allow the measure of the transverse and through the thickness
deformations. Future efforts could be devoted to the experimental determi-
nation of the Lankford coefficient by, for instance, coupling the Lab-on-chip
technique with Digital Image Correlation (DIC) (Jonnalagadda et al., 2010).

In chapter 5, a model initially developed to predict macroscale necking in
metal forming applications has been extended to thin films. The extended
Marciniak-Kuczynski based localization model aims at accounting for the syn-
ergy of elasticity, isotropic strain hardening, strain gradient plasticity, rate
sensitivity and presence of imperfection. Generic effects have been reviewed
regarding localized necking in rate independent and dependent materials, with
additional effect of SGP. Yield strength and strain hardening coefficient have
then been linked to grain size and film thickness through empirical laws while
the transition of strain rate sensitivity has been addressed through a phe-
nomenological relationship. The model has revealed the loss of ductility as-
sociated to decreasing film thickness due to the increasing strength and high
relative importance of of imperfections. This deleterious trend can be reversed
if rate dependent mechanisms dominate the mechanical response. As reported
experimentally in the recent literature, thermally activated deformation mech-
anisms appear at small grain size and increase the strain rate sensitivity, im-
proving the resistance to plastic instability. Strain gradient plasticity effects
can also help to restore the ductility in metallic thin films, but a direct ex-
perimental proof of the delay of necking by SGP in small scale systems is still
lacking. The complexity of the grain size and thickness effects have also been
tackled by introducing multiple deformation mechanisms, based either on dis-
location motion or on creep/relaxation. The competition between deformation
mechanisms has been investigated and the model predictions have confirmed
that ductility is rate dependent in nanocrystalline metallic thin films as ob-
served experimentally. The model has also demonstrated that compressive
or tensile internal stress generated during deposition of thin films reduce the
measured ductility in uniaxial tension. Finally, efforts have been focussed on
applying the necking analysis under creep/relaxation conditions. The question
of the most adapted constitutive model appears to be central and the model
does not allow to capture all the experimental trends observed with Cu thin
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films.

Apart from the fact that J2 isotropic incremental plasticity is used in this
thesis to study localized necking, the question of the most adapted constitutive
model is crucial at such small scale. As thin films involve sometimes very
sharp crystallographic texture, the crystal plasticity seems to give the more
suitable framework to deal with elastic and plastic anisotropy. This last effect
is known to postpone plastic instabilities in metal forming operations and is
not present in the current formulation. Furthermore, morphological texture of
the grains can also affect the necking resistance. For instance, highly textured
electro-deposited pure iron exhibiting needle-shape fine grains presented an
extraordinarily deep drawability (i.e. necking resistance during deep drawing
forming process) (Yoshinaga et al., 2008). The Lankford coefficient r was
evaluated to 7, illustrating an incredible plastic anisotropy. Such effect is also
expected in thin films with columnar grains and reinforce again the need to
determine Lankford coefficient in small scale systems.

Also a statistical treatment of the imperfections is required to set up a pre-
dictive model. Here, imperfections f have been chosen arbitrary to reproduce
the experimental trends. To justify these choices, f needs to be directly corre-
lated with roughness or material imperfection. Geometrical imperfection can
be obtained by mapping the surface roughness using AFM technique whereas
material imperfection can be extracted from a RVE calculation, accounting for
the grain size distribution and the number of grains across the thickness.

This study has been limited to the question of ductility dictated by plastic
localization without addressing damage issues in thin films. At a macroscopic
scale, a perspective to combine strain localization and damage could consist
in incorporating ductile fracture yield locus such as developed by Bai and
Wierzbicki (2008) in the space of equivalent fracture strain, stress triaxiality
and the Lode angle parameter. The calibration of such fracture locus is not
simple at small scale and may be difficult to set up as it requires tests under
different loading configurations. Moreover, local stress concentration at GBs
or near impurities can be so large that cleavage occurs. Understanding and
modelling of damage and fracture in thin films is also a major challenge for
future research (Pineau et al., 2016).

This study on the ductility of thin metallic films essentially shows how
complex this problem is. As the dominating mechanism depends on fine mi-
crostructure details, a lot of work is still needed to develop mature predictive
physics based model for the ductility. However the extended MK imperfection
model was implemented in such a way that it can be used in conjunction with
any UMAT (User defined Material), offering possibilities for further investi-
gations with more advanced models such as crystal plasticity or homogenized
multiphase materials.
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