Additive Manufacturing 56 (2022) 102914

Contents lists available at ScienceDirect = 1= k
Additive

MANUFACTURING

Additive Manufacturing

journal homepage: www.elsevier.com/locate/addma

ELSEVIER

Review ' :.)

Check for

Review on the correlation between microstructure and mechanical | Cupdtes
performance for laser powder bed fusion AlSi10Mg

Lv Zhao ™°, Lubin Song?, Juan Guillermo Santos Macias b Yaxin Zhu®¢, Minsheng Huang *°,
Aude Simar ", Zhenhuan Li %"

@ Huazhong University of Science and Technology, School of Aerospace Engineering, Department of Mechanics, Wuhan, China
b Université Catholique de Louvain, Institute of Mechanics, Materials and Civil Engineering, IMAP, B-1348 Louvain la Neuve, Belgium
¢ Hubei Key Laboratory of Engineering Structural Analysis and Safety Assessment, Wuhan, China

ARTICLE INFO ABSTRACT

Keywords: As important structural materials widely used in aerospace and automotive industries, aluminum alloys are
Laser powder bed fusion perfect candidates for development of laser metal additive manufacturing (AM). Amongst AM aluminum alloys,
AlSi10Mg laser powder bed fusion (LPBF) AlSi10Mg has received substantial attention due to its good printability and
Microstructure : :

Strenath relatively low cost. Great efforts have been devoted to seek optimum process parameters that can enhance
Ductizlgity mechanical performance. However, a large scattering of material properties arises from the literature data,
Fatigue especially for the as built state, thus casting a shadow over further development of LPBF Al alloys. This review

article aims to summarize the recent progresses on the characterization of microstructure, assessment of
strengthening and damage mechanisms, evaluation of fracture and fatigue resistance, and attempts to build a
primary comprehensive link between mechanical performance and microstructure for the as built state.
Following the analysis of the state of the art, the review will finally provide an outlook on additional efforts
needed to quantify the microstructure-property relation, based on which maximizing the potential of mechanical

performance through optimizing microstructure may be achieved.

1. Introduction

Laser powder bed fusion (LPBF, also called selective laser melting, or
SLM in short) is one of the most commonly used metal additive
manufacturing (AM) techniques [1,2]. When building parts, one or
multiple laser beams scan and melt powder previously deposited on a
build platform, following prescribed scanning paths to achieve a
designed 3D geometry. After the current powder layer is selectively
melted and solidifies, another layer of powder is laid and the laser
scanning continues to proceed. Such operation will be repeated until the
whole part is built. LPBF metals are therefore composed of metallurgi-
cally fused layers, sharing some characteristics with the laser welding
process while involving a much higher cooling rate.

Among LPBF metals, AlSi10Mg stands out for its excellent print-
ability and strength-to-weight ratio, granting this AM-Al alloy couple
great potential for aerospace applications. Indeed, LPBF AlSi10Mg has
been selected as candidate material for various spacecraft and aircraft
structures, as recently reviewed by Blakey-Milner et al. [3]. In

collaboration with EOS and Altair, RUAG designed and produced an
optimized version of an existing antenna bracket for the latest Sentinel
Earth observation satellite, allowing for a 40% weight reduction
compared to the original version manufactured by conventional tech-
niques [4]. With the help of topology optimization and AM techniques,
RUAG and Altair also designed and produced the star tracker camera
bracket for the CARBONITE-2 satellite using EOS machines [5]. This
structure underwent various testing procedures such as computed to-
mography scans, geometric analysis, tensile, microscopy and structural
response testing. The manufactured LPBF AlSi10Mg components passed
all testing criteria with comfortable margins [6]. Airplane manufac-
turers also turned to AM techniques, in particular AM Al alloys, for new
commercial aircrafts. Working with Airbus and EOS, Sogeti succeeded in
developing the vertical tail plane bracket for the new A350 XWB using
LPBF AlSi10Mg [7]. Benefiting from the AM advantages, the production
time was reduced from 70 days to only 19 h. Moreover, the structure
could be manufactured in a single run, whereas the conventionally
produced component incorporated more than 30 individual parts. These
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industrial examples demonstrate the attractiveness of additively man-
ufactured AlSil10Mg for creating lightweight components that can be
approved for flight.

With the development of metal additive manufacturing, many other
compositions of aluminum alloys have been attempted for LPBF, already
achieving some success, for example Al 7075 +Zr [8], Al-Zn-Mg-Cu
[9-11], Al-Cu [12], Al-Mg-Si-Zr [13], Al-Mg-Si-Sc-Zr [14],
Al-Mn-Si-Sc-Zr [15], Al-Li [16], Al-Cu-Mg-Li-Zr [17], Al-Mg-Sc-Zr [18],
Al-Zn-Mg-Sc-Zr [19], Al 5083 [20,21], Al 6061 [22], Al 6063 [23] and
Al-Si alloys with modifications [24]. Note that this review article is
dedicated to AlSi1OMg given its relatively higher maturity, seeking the
comprehensive correlation between microstructure and mechanical
performance based on solid ground of research data and raising per-
spectives for further development.

Indeed, LPBF AlSi10Mg has been investigated for more than 10
years, quite rich data have been documented in literature, allowing to
understand its microstructure [25-31], defects [29,32-38], strength
[26,39-44], ductility [27,45-47], fracture [48,49] and fatigue resis-
tance [50-57]. Originating from the intrinsic features of laser-metal
additive manufacturing, such as high cooling rate (up to 10° K/s
[58]), strong thermal gradient (in the order of 10° K/m [59]) and
complex laser-powder-melt pool interdependency dynamics [60], LPBF
AlSil10Mg exhibits a hierarchical, trans-scale and heterogeneous
microstructure [30], non-negligible porosity (despite being in the order
of 0.1% [61]) and important residual stresses [38]. As a consequence,
built parts present relatively low ductility (generally lower than 10%)
and unsatisfactory fatigue resistance, both still involving quite large
scatter. To tackle these issues, great efforts have been devoted to develop
post-treatments, based on either heat treatments or thermo-mechanical
treatments, for instance direct annealing [62,63], T6-like treatment
[64], hot isostatic pressing (HIP) [65,66] or friction stir processing (FSP)
[57,61,63]. So far, no post-treatment can improve ductility and fatigue
resistance while maintaining the initial high strength imparted by the
fine microstructure. Nevertheless, there are some instances of poten-
tially satisfactory compromises, e.g. a 448% increase in ductility and a
fatigue life enhancement over two orders of magnitude after friction stir
processing, with only a 34% decrease in yield strength [61].

Still, researchers continue to explore LPBF AlSi10Mg, with tremen-
dous efforts not only from the industrial community seeking further
process parameter optimization, but also from the field of mechanics of
materials studying the link between microstructure and mechanical
properties. The combination of both efforts will allow to establish the
roadmap from optimum process parameters to sound microstructure and
finally to desired mechanical performance or function [67]. Especially
with the development of machine learning (ML) or deep learning (DL),
researchers started to seek optimum parameter window [59,68], assess
internal porosity defects [69] and predict mechanical properties [70]
using the ML method, the rich data on metal additive manufacturing
being a perfect playground. Moreover, using advanced in situ testing
techniques, operated with transmission scanning microscopy (TEM),
synchrotron X-ray diffraction (SXRD) or neutron diffraction, the
fundamental deformation mechanism [39], the internal stress partition
between phases [44,71] and the evolution of initial porosity during
deformation [72] can be qualitatively or quantitatively probed. There-
fore, comprehensive correlation between microstructure and mechani-
cal performance is of great interest and will be the focus of investigations
in the future.

This review will be mainly focused on the as built condition, the
reviewed mechanical properties are mainly characterized with
machined or polished samples, aiming to exclusively understand the role
of the core microstructure and internal defects in the determination of
mechanical performance while eliminating the influence of build sur-
face roughness and machining flaws (in particular for fatigue assess-
ment). Note that review papers on LPBF aluminum alloys increasingly
emerged during the last few years. Readers may refer to Aboulkhair et al.
[73], Zhang et al. [74], Fiocchi et al. [75], Ponnusamy et al. [76],
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Kotadia et al. [77] who paid more attention to alloy compositions and
post-treatments. The present review will be focused on as built LPBF
AlSi10Mg, systematically addressing microstructure, defects, strength,
ductility (strengthening and damage mechanisms), fracture toughness,
fatigue resistance, and their correlations, which, according to the au-
thors, have not been fully established for the as built condition in
literature.

2. Microstructure

Additively manufactured metals are known to present unique
microstructure different from their counterparts produced by conven-
tional methods [73,78]. A comparison between as cast AlSi10Mg and as
built LPBF AlSi10Mg is shown in Fig. 1. In general, the LPBF process
leads to a markedly finer microstructure and a different microstructure
morphology.

As illustrated in Fig. 2, the LPBF process involves a moving heating
source that rapidly melts metallic powder, the later then cools down and
solidifies in a very short time, leading to a new deposit layer fused with
the substrate (previous layer). This manufacturing process has a multi-
physics nature and generates a specific microstructure in the printed
part [60,79].

Indeed, due to the high cooling speed (up to 10° K/s) [58], strong
thermal gradient (in the order of 10% K/m) [59] and variant thermal
cycles seen by different zones, LPBF AlSi10Mg exhibits a quite complex
microstructure, which is reflected by its trans-scale, hierarchical and
heterogeneous characteristics. This section will first review these aspects
separately and then depict the influence of manufacturing parameters.

2.1. Trans-scale aspect

As illustrated in Fig. 3, at different scales, the main structures of LPBF
AlSi10Mg can be supersaturated atoms and their clusters (1071°-10° m),
nano-particles (10°-108 m), Si-rich eutectic networks (107-108 m),
grains and melt pools (10'5—10'4 m). In fact, the microstructure of many
metallic materials presents trans-scale features. For instance, heat-
treatable Al alloys contain nanoscale precipitates and microscale
grains. However, the trans-scale microstructure of LPBF AlSi10Mg is
associated with more characteristic lengths, mainly due to the presence
of Si-rich eutectic between ultrafine particles and coarse grains and melt
pool structures much larger than individual grains.

The trans-scale microstructure of LPBF AlSi10Mg spans over five
orders of magnitude in the length scale and involves four structure
features (Fig. 3), all playing important roles in determining macroscopic
mechanical behavior, as will be discussed in Sections 4, 5 and 6. The
following subsections will review relevant works on each structure
feature.

2.1.1. Solid solution

Rapid cooling from the melted state leads to a supersaturated matrix
for LPBF Al-Si alloys [62,80-82]. A detailed analysis of the supersatu-
rated aluminum matrix was recently performed by Lefebvre et al. [25]
on AlSi10Mg (built with 35 °C platform temperature) with atom probe
tomography (APT). It was found that the average solid solution content
within the Al matrix is 3 at.% for Si and 0.14 at.% for Mg, the Si content
being significantly higher than the theoretical solubility of the element,
i.e., approximately 1.6 wt.% [25,80].

In addition to dispersed Mg and Si solute atoms, two populations of
atom clusters were identified by APT, namely Mg-free (containing Al)
and Mg-rich (containing Si) clusters, as shown in Fig. 4a and b,
respectively [25]. For the Mg-rich clusters, the Mg: Si ratio presents a
large span, from roughly 0.3-6 (see Fig. 4c), indicating a high possibility
of Mg,Si absence. Note that MgsSi precipitates may be formed in as built
LPBF AlSi10Mg with build platform preheating, as identified by scan-
ning transmission electron microscopy (STEM) [83] (see Section 2.4).
Regarding the Si-rich clusters, the fraction of Si generally exceeds 50%
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Fig. 1. Typical microstructure of as cast (a) and as built LPBF (b) AlSi10Mg. Note that the scale bars have the same physical length in (a) and (b).
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Fig. 2. Schematic illustration of the laser powder bed fusion process showing its complex multi-physics nature involving solid mechanics, solid state transformation,
thermal fluid dynamics, and particle dynamics-porosity [79]. Such complex process could produce surface roughness, internal defects, residual stresses, micro-

structure heterogeneity, etc.
The figure is reprinted with permission from Springer Nature.

(Fig. 4d), significantly higher than the average content (roughly 3 at.%)
of Si in the Al matrix. Similar APT characterization results were obtained
by Maeshima et al. [84]. Such supersaturation indicates that the high
cooling rate leads to an extreme non-equilibrium state, which can even
evolve when holding the built part at room temperature. Indeed, Fite
et al. [85] reported a 16% decrease of Si solution content after
approximately 3000 h hold under ambient conditions. However, the Si
solution reduction does not significantly influence the material
hardness.

2.1.2. Nanosized Si-rich particles

The Al matrix may also incorporate nanosized Si-rich particles that
present varying shapes and sizes depending on manufacturing parame-
ters [26,27,29,42,86-88]. In fact, the presence of nanosized particle-like
features has been reported relatively longtime ago in literature, mainly
based on TEM observations [39,84,85]. Their identification was how-
ever only limited to the shape description in the early time. The Si-rich
nature of nanosized particles within the Al matrix has been recently
confirmed by sophisticated TEM characterization, via energy dispersive
X-ray spectroscopy (EDS) mapping, high-resolution TEM (HRTEM) or

fast Fourier transform (FFT) patterns (see Fig. 5).

When the build platform is not or just slightly heated (35 °C for
example), the Si-rich particles are generally spherical and present an
equivalent diameter around 10 nm, as reported by Zhao et al. [27] and
Wu et al. [29] (Fig. 5a, d and e). The average size of Si-rich particles
could grow up to 60 nm [26,42] in the case of 200 °C preheated plat-
form. The crystal nature of the Si-rich particles is further demonstrated
by FFT patterns for both small and relatively large sizes, as illustrated in
Fig. 5d-e and Fig. 5b-c, respectively. It is worth mentioning that Takata
et al. [41] employed HRTEM and FFT to carefully investigate nanosized
puncta in their samples (without platform preheating), but no clear re-
flections of crystalline structure were detected, excluding the possibility
of Si or Mg,Si precipitation. The authors proposed that the puncta
observed in TEM micrograph corresponded to the solution clusters
revealed by APT (Fig. 4).

From the abovementioned studies, it can be concluded that nano-
sized Si-rich particles exist only under certain manufacturing conditions
and the precursor for their formation seems to be related to thermal
history. Indeed, Hadadzadeh et al. [28] recently demonstrated that the
Si precipitates exhibited different characteristics (size and density) at
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Fig. 3. Trans-scale aspect of the LPBF AlSi10Mg microstructure, from angstrom-size solute atoms [25], nano particles [27], and submicron-thick network (cells)
[26], to micron sized grains and melt pools [26]. The figures are reprinted with permission from Elsevier.

30x30x100 nm3

(©)

i./_] 6 o
s
0o°
a e H i
00 o
0% o, o
2 % oo e 2o °
%o gio ° o °
& o oo
o
0
0 100 200 300 400 500 600
Cluster size (atoms)
| (d)
08 &
oam ° L]
Dos .d' ;
s %o oo s
g 2 ° °
204
Q
©
fre
0,2
0
0 100 300 400 500 600

200
Cluster size (atoms)

Fig. 4. Supersaturated Si and Mg atoms in Al matrix viewed by APT [25]. Si-rich atom clusters (a), Mg-rich atom clusters (b), Mg: Si ratio in clusters in (b) (c),

fraction of Si in clusters shown in (a) (d).
The figures are reprinted with permission from Elsevier.

different sampling heights experiencing different thermal cycles. How-
ever, no systematic investigation has been performed to figure out the
combination of process parameters and platform preheating tempera-
ture leading to nanosized precipitate formation, as will be discussed in
Section 2.4. In addition, the analysis of nanosized particles was gener-
ally limited to fine melt pool zone in previous studies, whereas their size
and distribution in different zones remain to be thoroughly assessed as it
will be important in determining the local strength and consequently the
deformation mechanism of built samples. Note that the nanosized par-
ticles could significantly enhance mechanical strength, as will be

revealed in Section 4.2.1.

2.1.3. Si-rich eutectic network

The Si element manifests mainly in the form of Si-rich eutectic in
LPBF AlSi10Mg [30,50,62,82], similarly to its cast counterpart [89].
However, the high cooling rate of LPBF leads to ultrafine eutectic
dendrite enclosing the a-Al phase. The fast solidification could also
render the eutectic metastable. As revealed by HRTEM (Fig. 6), the
Si-rich eutectic has been found to mainly contain amorphous structures,
in which local ordering (i.e., diamond Si) is dispersedly embedded [25].
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Fig. 6. TEM characterization of Si-rich eutectic showing the presence of both
amorphous and crystal components [25]. HRTEM image of a eutectic zone
surrounded by two Al cells oriented along a [001] zone axis, with the rectangle
and circles pointing out the amorphous and crystal regions, respectively (a),
FFT pattern of the whole image in (a) in which several spots consistent with the
spatial frequency of the (111) planes of diamond Si and the diffuse circle
generated by the amorphous structure are present (b), enlarged HRTEM
showing local ordering in the amorphous region (highlighted by the circles)
confirming the presence of diamond Si (c).

The figures are adapted with the permission from Elsevier.

Both the amorphous and crystal structures are confirmed by FFT pat-
terns (Fig. 6b), and the local ordering has been further revealed by
enlarged HRTEM image (Fig. 6¢).

It is noteworthy that the microstructure of the Si-rich eutectic pre-
sented in Fig. 6 corresponds to a build platform temperature of 35 °C.
Albu et al. [90] also reported an amorphous composition of the Si-rich
eutectic in an as built sample with preheated build platform (150 °C),
suggesting that the amorphous nature of the Si-rich eutectic could be a
common phenomenon in LPBF AlSi10Mg. This non-equilibrium state of
as built microstructure was shown to begin to stabilize upon
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Fig. 5. Si-rich nanosized particles embedded in Al
matrix characterized by TEM. HAADF/EDS map
showing the Si-rich nature in a sample manufactured
on a slightly preheated build platform (35 °C) [27] (a),
STEM-BF/EDS map (b) and HRTEM/FFT patterns (c)
revealing the Si-precipitate in a sample manufactured
using build platform preheating (200 °C) [42], TEM-BF
(d) and HRTEM/FFT patterns (e) revealing the
Si-precipitate in a sample manufactured on a slightly
preheated build platform (35 °C) [29]. The images in
(b) are taken with the beam direction along the
low-index zone axis orientation of Al, the FFTs in (e)
indicate an orientation relationship of
([001]a1//[1-1—1]g; and (020); //(202)s;) between
the a-Al matrix and the precipitate.

The figures are reprinted with permission from
Elsevier.
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post-heating above 160 °C, which drives crystallization of amorphous Si
[90].

The Si-rich eutectic presents interconnected network morphology
(cellular feature) at different cross-sections, according to 2D SEM mi-
crographs [30]. Such unique cellular microstructure was frequently
observed in LPBF metals, presumably involving Bernard Marangoni
driven instability (BMI) and particle accumulated structure formation
mechanism (PAS) with the help of strong thermal gradient, high grain
growth rate, surface instability and solute transport due to surface ten-
sion effects [58]. With the use of FIB/SEM (Focused Ion Beam/Scanning
Electron Microscopy) tomography, i.e., SEM 2D image being repeatedly
acquired following serial FIB sectioning to obtain a SEM 3D volume with
high resolution, the 3D morphology of the Si-rich eutectic was recently
disclosed [26,91]. Santos Macias et al. [26] showed the 3D micro-
structure of the melt pool core with a voxel size of 5 nm, as illustrated in
Fig. 7. The branches of the network are found to be more plate than
rod-shaped (see Fig. 7a and b). The perimeters of the Al cells are faceted
instead of being perfectly round. In the FIB/SEM tomography, the Al
cells could be described as elongated and tubular, generally presenting a
much higher length than what was observed with 2D SEM imaging (see
Fig. 7¢).

Thanks to the high resolution of the FIB/SEM tomography, even the
Si-rich precipitates (60 nm) inside the Al matrix can be observed in
preheated build platform material (200 °C), as shown in Fig. 7b. The
statistics of cellular structures and nanosized particles based on 3D data
could be important for understanding or predicting the strength of LPBF
AlSi10Mg. It is noteworthy that FIB/SEM appears to be an appropriate
tool for resolving the fine microstructure of LPBF materials due to its
balance between observation block size and resolution compared to
other 3D techniques such as synchrotron X-ray tomography and APT.

2.1.4. Melt pools and grains

The melt pools and grains of LPBF AlSi10Mg can be regarded as
structures at the same scale (Fig. 8). The melt pool structures come from
solidification of melted material induced by a moving heating source.
They generally exhibit half-cylindrical shape characteristic of the con-
duction mode [29] usually used for manufacturing (see Section 3.3).
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Fig. 7. FIB/SEM tomographies of the Si-rich eutectic of as built LPBF AlSi10Mg [26]. 3D rendering (3.5 x 3.4 x 2.5 um) of melt pool core zone with building
platform temperature of 35 °C (a) and 200 °C (b), visualization of two long tubular cellular structures exiting the reconstructed volume of the 35 °C material (c).

The figures are reprinted with permission from Elsevier.

When looking at the melt pools on different cross-sections, a fish-scale
(x-z and y-z planes in Fig. 8a) or an elliptical (x-y plane in Fig. 8a)
morphology can be observed. Melt pool size is mainly controlled by
layer thickness while melt pool structure arrangement is highly depen-
dent on scan strategy [49].

In LPBF AlSi10Mg, the a-Al grains present directional growth in
accordance with the heat flow direction. The latter typically drives the
formation of columnar grain structures along the building direction in-
side the melt pools [30,62,82,92], as can be seen in Fig. 8c. The elon-
gated grains always grow normal to the melt pool border. Epitaxial
growth (i.e., grains retain their crystallographic orientation across two
or more melt pools) can be found at the centerline of the melt pool, while
new grains nucleate and grow competitively away from the centerline.
Only a few grains with specific orientations (<100 > direction parallel
to the thermal gradient direction according to Thijs et al. [30] and
<001 > orientation parallel to the scanning direction according to Liu
et al. [82]) can grow further toward the melt pool interior, whereas the
others remain small and equiaxed at the melt pool border. The grain size
is generally one order of magnitude higher than that of the a-Al cell (or
cellular Si-rich eutectic structure), in both building and transverse di-
rections. Therefore, grain boundary strengthening can generally be
neglected in the prediction of material strength [26].

Regarding the grain orientation distribution, a < 100 > fiber texture
in the building direction was mostly reported in previous works [26,30,
49,62,92,93]. In fact, this specific texture is consistent with the epitaxial
grain growth at the melt pool centerlines, where the heat flow is directed
favorably to the < 100 > direction of previously solidified grains [30].

In contrast, for newly nucleated and grown columnar grains from the
melt pool borders, only the grain directions between < 110 > and
<111 > tend to align with the building direction, as revealed by
experimental characterization [26,30,62]. Moreover, the small and
equiaxed grains at the melt pool borders mostly exhibit random orien-
tations [26,30,82], in line with their growth kinetics. Although the
texture feature strongly depends on the scanning strategy, as quantita-
tively assessed by Liu and To [94], the columnar grain morphology and
< 100 > fiber texture are the most typical features of the LPBF
AlSi10Mg mesostructure.

2.2. Heterogeneous aspect

Due to the layer-by-layer build strategy of the LPBF process, previ-
ously melted and solidified layer will be partially remelted when scan-
ning the current layer, leading to a complex thermal history for the melt
pool structure. Consequently, three zones can be differentiated accord-
ing to the morphology and size of the Si-rich eutectic regardless of
observation planes (cross-sections)[30,82]: (i) Fine zone, also referred to
as fine melt pool (FMP) zone, which occupies the majority of the whole
melt pool. The Si-rich eutectic in the FMP exhibits the interconnected
cellular shape that is directed normal to the melt pool border, consistent
with the columnar grains present in this zone. (ii) Coarse zone, also
referred to as coarse melt pool (CMP) zone, in which the Si-rich eutectic
still remains interconnected and the o-Al grains present equiaxed
shapes. The Si-rich network in the CMP is larger and thicker than that in
the FMP. (iii) Heat affected zone (HAZ), where the interconnection of
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Fig. 8. 3D representation compiled from three orthogonal views manifesting
the melt pool structures (a) and grain boundary distributions based on EBSD
analysis (b) [92], typical grain morphology viewed at the sections parallel and
perpendicular to the building direction (c) [30].

The figures are reprinted with permission from Elsevier.

the Si network is significantly degraded. The CMP and HAZ constitute
the melt pool border, the thickness of the CMP generally being larger
than that of the HAZ [26].

According to Liu et al. [82], the three distinct zones correspond to
three temperature regions during the heating of the current powder
layer, see Fig. 9. In the region where the temperature is higher than the
liquidus temperature, the powder and overlapped material are melted
and then solidify into columnar a-Al grains and Si-rich eutectic
cellular-dendrites, forming the FMP structure. In the region where the
temperature is lower than the liquidus temperature but higher than the
solidus temperature, the previously solidified material is reheated to
semi-solid state, in which the o-Al phase changes to globular
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morphology and the Si-rich network is coarsened, forming the CMP
structure. In the region where the temperature is lower than the solidus
temperature, the heat source acts as a heat treatment for the previously
solidified material and drives the globulization of the Si-rich network,
therefore forming the HAZ structure.

The microstructure heterogeneity throughout the melt pools could
also be explained by non-steady solidification behavior. As revealed in
several numerical studies [95,96] (not for LPBF AlSi10Mg, but the trend
should be common), the growth rate (R) is lower and the thermal
gradient (G) is higher at the melt pool border during solidification,
whereas R becomes higher and G becomes lower in the melt pool inte-
rior. Such behavior will lead to distinct solidification structure mor-
phologies between internal and peripheral melt pool regions [97].
Moreover, Li et al. [80] showed, based on a numerical heat transfer
model, that the cooling rate inside the melt pool is also higher than that
at the melt pool border, thus leading to a finer solidification structure in
the melt pool interior of LPBF AlSi10Mg.

Three-dimensional characterization of the three zones via FIB/SEM
tomography was recently performed by Santos Macias et al. [26] and
Zhao et al. [47], with a focus on the connectivity of the Si-rich network.
Note that the connectivity mentioned in their works was defined as the
volume fraction of the largest object of one phase with respect to the
total volume fraction of that phase in the analyzed volume.

In fact, the connectivity evaluation depends on the analysis strategy.
When assessing FMP, CMP and HAZ in separate volumes (see Fig. 10a-c),
the connectivity was found to be 0.99, 0.85 and 0.1, respectively, sug-
gesting a significant collapse of the network feature in the HAZ [26].
Nevertheless, when a volume across the melt pool border was analyzed
(see Fig. 10d and e), Zhao et al. [47] showed that the Si-rich eutectic of
the three zones was well interconnected (Fig. 10d). Even if a smaller
volume (Fig. 10e), being a subvolume of that of Fig. 10d, was taken, the
HAZ could not be recognized as clearly as in 2D SEM images. The Si-rich
eutectic of the HAZ was found to be part of the Si-rich network of the
FMP. Zhao et al. [47] attributed the deviation between 2D and 3D
characterizations to the specific branched morphology of the Si-rich
eutectic in the HAZ (see Fig. 10f and g). The branched Si-rich eutectic
can manifest as separate particles in 2D micrographs, whereas the real
structure retains a much higher connectivity in space. It should be noted
that the connectivity of the Si-rich eutectic in the heterogeneous
microstructure of LPBF AlSil0Mg is important to understand the
deformation and damage mechanisms, as will be reviewed in Section 4.

2.3. Hierarchical aspect

Section 2.1 depicts the microstructure of as built LPBF AlSi10Mg
mainly from the scale viewpoint. When assessing the microstructure in
terms of structure periodicity, two hierarchies can be defined, namely

(Heat treatment)

Fig. 9. Schematic diagram for the formation of three zones observed in LPBF AlSi10Mg [82]. Ty, is the liquidus temperature, Ts is the solidus temperature.

The figures are reprinted with permission from Elsevier.
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Fig. 10. FIB/SEM tomographies for the three distinct zones in an LPBF
AlSi10Mg sample built with 35 °C build platform (the z axis corresponds to the
building direction). Si-rich eutectic network of separate FMP (a), CMP (b) and
HAZ (c), 3D rendering of Si-rich eutectic across the melt pool border (d) and a
subvolume of (d) (e), local 3D views of HAZ along the building (f) and trans-
verse (g) directions.

The figures are reprinted from [26] and [47] with permission from Elsevier.

melt pool hierarchy and Al cell hierarchy (see the schematic drawing in
Fig. 11). In fact, hierarchical microstructure is quite common among
additively manufactured metals as many of them contain cellular
structures composed of either secondary phase [73,98] or dislocation
networks [99,100].

At the melt pool hierarchy, the structure features Al grains and Si-
rich eutectic both in the melt pool interior and at the melt pool
border. The variation of the structure lies on the grain shape and
orientation as well as the morphology of the cellular Si-rich network. At

Melt pool hierarchy
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the Al cell hierarchy, the structure features Si/Al interface, nanosized
particles and solid solution in a single Al cell. The variation of the
structure lies on the continuity of the interface (i.e., connectivity of the
Si-rich network) and the distribution of the nanosized particles and so-
lute atoms.

The definition of hierarchy is important to treat the trans-scale
structure of LPBF AlSi10Mg in modeling or simulation of mechanical
response. First, the submicron microstructural information can be
considered in modeling at the Al cell hierarchy. Then, the behavior of an
aggregate of Al cells can be transferred to the melt pool hierarchy for up-
scaled modeling. In this way, the understanding or prediction of corre-
lation between mechanical performance and microstructure can be
achieved. This point will be further discussed in Section 7.2.

2.4. Effect of LPBF strategy on microstructure

The LPBF strategy plays a vital role on the microstructure of
AlSi10Mg. The strategy review in this section incorporates not only laser
parameters, but also build platform temperature and scan strategy. It
should be noted that LPBF machines may also present an influence on
built part quality, due to the difference in the inert gas used in the
chamber, the way laser is delivered and the possibility and temperature
limit of build platform preheating [76,101,102]. As the optimum pro-
cessing conditions and parameters vary from one machine manufacturer
to another, it is difficult to perform a direct comparison. Therefore,
detailed discussion of this factor is out of the scope of the present review.

The morphology and fineness of LPBF microstructure are closely
related to the thermal gradient G and the solidification (or growth) rate
R, which highly depend on laser parameters [78]. The cooling rate,
denoted as G*R, determines the size of the solidification structure, while
the G/R ratio determines the stability of the solidification and hence the
solidification mode, i.e., the morphology of the solidifying front. As
shown in Fig. 12, solidification structures can be planar, cellular,
columnar dendritic or equiaxed dendritic with decreasing G/R values.
On the other hand, the dimension of solidification structures decreases
when increasing cooling rate (G*R). The thermal gradient G can be
influenced by many factors, a basic trend is that a higher linear heat
input (laser power over scan speed) results in larger melt pools and
consequently lower thermal gradients [78]. The growth rate R depends
on the speed of the moving source v and the angle between the direction
of the moving source and the growth direction of the solidifying material

Al cell hierarchy
Clys,tal Si
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Fig. 11. Schematic illustration of the hierarchical character of the LPBF AlSi10Mg microstructure.
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of solidification structure
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Fig. 12. Effect of temperature gradient G and growth rate R on the morphology
and fineness of the solidification structure [78].
The figure is reprinted with permission from Elsevier.

¢. R is equal to v*cosg assuming steady state conditions [103].

The cooling rate (T) can be estimated using a one-dimensional
Rosenthal equation [104], given by

T = 2mk <Tsolidu: - TO) (Tliquidus - To)é (1)

where k is the thermal conductivity, Tsoligus and Tiiquidus the solidus and
liquidus temperatures, respectively, Ty the build platform temperature, v
the laser scan speed and Q the heat transferred from laser into powder
which equals to AP (f is the laser absorption coefficient, P is the laser
power).

Other two important laser parameters are volumetric (VED) and
linear energy density (LED), defined as

P
VED = — 2
vht @
Ep =L 3)
v

where h is the hatch spacing and t the layer thickness.

From the literature reports, it can be seen that as built LPBF
AlSi10Mg always exhibits columnar grains and an interconnected Si-rich
eutectic network. These microstructure features are induced by a high
cooling rate and a moderate temperature gradient such that the solidi-
fication mode of LPBF AlSi10Mg lies at the boundary between the
columnar dendritic and equiaxed dendritic regimes, i.e., low to mod-
erate G/R.

Giovagnoli et al. [36] and Scipioni Bertoli et al. [105] demonstrated
that the volumetric laser energy density cannot be used as the indicator
of microstructure morphology and fineness as the same density can have
different combinations of laser power, scan speed, hatch spacing and
layer thickness, each of the four parameters potentially inducing an
impact in itself. Paul et al. [49] studied the effect of hatch spacing and
layer thickness while keeping the volumetric laser energy density con-
stant. They revealed that increasing hatch spacing and layer thickness
resulted in larger columnar grains with a wider Si-rich network. How-
ever, the microstructure fineness cannot be directly linked to hatch
spacing and layer thickness from this work since both laser power and
scan speed were varied to ensure a constant energy density. In fact, Thijs
et al. [30] demonstrated that hatch spacing and layer thickness mainly
affected crystal texture, a smaller hatch spacing or layer thickness
leading to a higher amount of partial remelting of neighboring tracks
and therefore generating a stronger < 100 > texture.

Liu et al. [68] fixed the hatch spacing and layer thickness and
investigated the influences of laser power and scan speed on the
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microstructure. Typical trends revealed in that work are: a higher laser
power or a lower scan speed leads to a coarser Si-rich network. Liu et al.
[82] also showed that a higher laser power would promote larger mean
grain size. These trends can be related to the cooling rate (Eq. 1), which
increases and decreases with the increase of scan speed and laser power,
respectively. Tang et al. [106] and Hyer et al. [107] showed a close
correlation between Al cell size and cooling rate, a higher cooling rate
leading to a finer cell structure (see Fig. 13). It is noteworthy that
although the data points in Fig. 13e are extracted from different studies
involving different process parameters, the microstructure
fineness-cooling rate correlation is qualitatively or even quantitatively
consistent. This confirms that cooling rate can be regarded as the indi-
cator of Al cell size of LPBF AlSi10Mg.

However, when analyzing Si-rich particles within Al cells, their
appearance, shape and size do not seem to depend on laser energy
density nor cooling rate, as revealed by the comparison between mate-
rials in different studies incorporating different laser parameters and
build platform temperatures (see Table 1). For example, the Si-rich
particles observed in [86] are much larger than that revealed in [26],
despite a much higher cooling rate (Table 1). This contradicts the
microstructure fineness-cooling rate correlation. There are also some
studies where the authors performed TEM characterization but found no
particles within Al cells with either non-preheated or preheated build
platform, as presented in the last two rows of Table 1. In fact, the cooling
rate mainly determines the solid solution content in the Al matrix upon
solidification, whereas the precipitation behavior is expected to be more
closely related to the thermal history after solidification, i.e., the solid

e o o
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Average Al cell size
=3
()
o
L 4

0.1 ¢

0 s L N
0.0E+00 5.0E+06 1.0E+07 1.5E+07

Cooling rate (K/s)

2.0E+07

Fig. 13. Effect of cooling rate on Al cell size. SEM micrographs of Al cell
structures [107] with a scan speed of 100 mm/s (a), 400 mm/s (b), 1200 mm/s
(c) and 2600 mm/s (d) at fixed laser power (250 W), layer thickness (30 um),
hatch spacing (0.13 mm) and build platform temperature (100 °C), relationship
between average Al cell size and cooling rate calculated with Eq. (1) at fixed
layer thickness and hatch spacing (e). The symbols of diamond, square, circle
and triangle represent data from Refs [26,106,107] and [68], respectively. The
corresponding cooling rates for (a)-(d) are marked in (e).

The figures are reproduced with permission from Springer Nature.
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Table 1
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Nanosized Si-rich particles within Al cells of as built LPBF AlSi10Mg. The cooling rate is estimated using Eq. (1) with a laser absorption coefficient of 0.35 [107], the

energy density is estimated using Eq. (2).

Laser Scan Layer Hatch Platform Energy density Cooling rate Particle shape Particle size Ref.
power speed thickness spacing temperature (J/mm°>) (x10° K/s) (nm)
W) (mm/s) (pm) (pm) (9]
370 1300 30 190 35 49.9 2.8 Sphere Equiv. ®: 5 [871
390 1300 30 190 35 52.6 2.6 Sphere Equiv. ®: 12 [27]
275 2000 30 80 35 57.3 5.7 Ellipsoid or plate; Equiv. @: up to 30; [86]
Needle Width: 25
Length: up to 300
275 500 50 120 - 91.7 - Sphere Equiv. @: 10 [29]
400 1300 30 190 - 54.0 - Needle Width: 10 [89]
Length: up to 300
350 930 50 170 150 44.3 1.3 Sphere Equiv. ®:20 [88]
390 1300 30 190 200 52.6 1.3 Needle Equiv. ®: 60 [26]
370 1300 30 190 200 49.9 1.3 Needle Equiv. ®: 61-65 [42]
380 1000 30 - 25 - 2.1 Sphere (nature not identified) Equiv. @: 15 [41]
370 1500 30 105 25 78.3 3.3 Not found Not found [44]
350 1150 50 170 150 35.8 1.6 Not found Not found [90]

state thermal cycling from subsequent tracks/layers. It is difficult to
determine, based only on the process parameters, the exact thermal
history the solidified microstructure will experience and whether it is
appropriate to trigger the precipitation phenomenon [86].

Another important factor highly influencing microstructure is build
platform temperature. This factor can alter cooling rate (see Eq. 1) and
thermal gradient during printing [108,109], thus leading to micro-
structural changes. A wide range of build platform temperatures have
been tried in literature, from 35°C to 300 °C [26,46,55,88,91,93,
110-120]. The common trend is that the Si-rich eutectic always mani-
fests as an interconnected network, whereas the microstructure fineness
varies with the temperature level. Santos Macias et al. [26] showed that

increasing build platform temperature (from 35 °C to 200 °C main-
taining the rest process parameters) could coarsen the microstructure
from the following three aspects: first, both the CMP and HAZ regions
become larger, as can be clearly seen in Fig. 14a and b; second, the
Si-rich eutectic network is coarser in terms of equivalent diameter and
wall thickness (see Fig. 14c and d); third, the Si-rich particles inside the
Al cells are larger (see Fig. 14e and f). Nevertheless, the grain size and
morphology were found to be little affected by build platform temper-
ature. Similar observations were reported by Casati et al. [115]
comparing build platform temperatures of 25°C and 160 °C. It is
noteworthy that if a higher build platform temperature was used, the
microstructure could be further coarsened. Recently, Bian et al. [121]

Fig. 14. Influence of build platform temperature on microstructure of LPBF AlSi10Mg [26]. Melt pool border (a), Si-rich network (c) and nanosized particles (e) in
35 °C case, melt pool border (b), Si-rich network (d) and nanosized particles (f) in 200 °C case.

The figures are reproduced with permission from Elsevier.
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succeeded in printing AlSi10Mg using electron beam melting (EBM).
Note that the EBM process involves systematic powder bed preheating.
With a preheating temperature of 430-470 °C, it was found that the as
built EBM AlSi10Mg sample exhibited only large dispersed Si-rich par-
ticles (approximately 2 ym) [121].

In addition to coarsening of Si-rich eutectic and nanoparticles, build
platform preheating can also lead to in situ aging effect, reducing Si
solute concentration (i.e., causing Si precipitation) and forming Mg»Si
precipitates within Al cells. Van Cauwenbergh et al. [81] showed that a
200 °C preheating could reduce the Si concentration from 2.7 wt.%
(without preheating) to 0.5 wt.%. Hadadzadeh et al. [83] demonstrated
the presence of MgSi precipitates in as built LPBF AlSi10Mg manufac-
tured with a build platform temperature of 200 °C. Such in situ pre-
cipitation however just slightly contributes to strengthening (around
13 MPa [83]) due to its low content, given a significant enrichment of
Mg in the eutectic network [81]. It is noteworthy that no systematic
studies have been devoted to identify the critical build platform tem-
perature at which Mg,Si precipitate starts to form.

The scan strategy can also induce a high impact on microstructure,
mainly in the aspects of grain orientation and melt pool arrangement (i.
e., at the melt pool hierarchy). Thijs et al. [30] studied the influence of
the scan strategy on the crystallographic texture. They showed that a
strong partial < 100 > fiber texture along the scanning direction was
present when no rotation of scanning direction in the layer (i.e., islands)
or between layers was applied. In contrast, when a 90° rotation was
employed, a weak < 100 > cube texture along the building direction
was formed. This indicates that the texture of LPBF AlSi10Mg can be
controlled by rotations of scanning vectors. Paul et al. [49] demon-
strated that the scan strategy could also control the melt pool arrange-
ment, based on the comparison between 67° and 90° rotations. The 67°
rotation case shows a similar melt pool morphology for any side view (i.
e., sections parallel to the building direction), whereas the 90 ° rotation
leads to a quite variable morphology.

2.5. Effect of post-printing heat treatments

Various post-printing heat treatments have been applied to mitigate
residual stresses and enhance mechanical properties of LPBF AlSi10Mg,
namely annealing (or stress relief heat treatment), T6 treatment and
direct aging. Post-printing heat treatments result in distinct micro-
structure changes in function of temperature, as schematically shown in
Fig. 15. According to an in situ heating test performed in TEM [90], the
Si-rich eutectic remains nearly unchanged below 160 °C, while it starts
to coarsen and slightly globularize when the temperature is higher than
200 °C. The network feature is still well retained at 260 °C, whereas a
full breakdown of the network occurs at 300 °C.

Fiocchi et al. [122] and Zhao et al. [27] confirmed that a heat
treatment at 263 °C and 250 °C retained the Si-rich eutectic network in
bulk LPBF AlSi10Mg samples. Given that the network feature limits
material ductility [27], stress relief heat treatment (SRHT) is generally
performed at a temperature around 300 °C [61-63,81,111,114,116,123,
124], aiming to mitigate residual stresses [63] and increase ductility (a
fourfold increase in true strain at fracture [61]). SRHT microstructure
typically presents a globular Si phase, which comes from the collapsed
network (relatively large) and the growth of initial or precipitated
nano-sized Si particles (relatively small) [27], therefore presenting a
bimodal size distribution. After SRHT, Si solution content in Al cells
drops to a low level of roughly 0.3 wt.% [27,81]. Moreover, SRHT does
not change grain size and orientation, as demonstrated by Takata et al.
[62].

To fully homogenize the microstructure of LPBF AlSi1OMg while
avoiding a significant drop of mechanical strength, T6 treatment (so-
lution treatment at roughly 500 °C and artificial aging at about 160 °C)
has also been widely investigated in literature [64,112,116,123-125]. It
globularizes and markedly coarsens the Si-rich eutectic during solution
treatment, and then drives precipitation during artificial aging. The
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Fig. 15. Influence of post-printing heat treatment on microstructure of LPBF
AlSi10Mg.
This schematic drawing is modified from [62].

precipitate nature and distribution has been thoroughly analyzed by
Zhou et al. [89]. They showed the existence of GP zones, #’’ and Mg»Si
phases after T6 heat treatment. It should be noted that the high tem-
perature applied during solution treatment also leads to a slight grain
growth [62], in contrast to stress relief heat treatment.

Taking advantage of the supersaturated Si solution in Al cells with no
or moderate build platform preheating, direct aging of as built LPBF
AlSil0Mg has also been widely adopted in recent investigations [87,
115,126-129], aiming to form fine precipitates and enhance mechanical
strength. Such heat treatment is generally performed at a temperature
below 200 °C and does not influence the Si-rich network structure
noticeably. Zhang et al. [128] compared the effects of direct aging at
130 °C, 150 °C, 170 °C and 190 °C, showing Si precipitation and its
growth with temperature increase.

From the aforementioned studies, it can be concluded that the effect
of post-printing heat treatment on microstructure shares some similar-
ities but also shows differences compared to that of build platform
preheating. On the one hand, both post-printing heat treatment and
build platform preheating coarsen the microstructure of LPBF AlSi10Mg.
On the other hand, build platform preheating always retains (even at
300 °C) the interconnected nature of the Si-rich eutectic, whereas a post-
printing heat treatment at or above 300 °C leads to a network collapse.
This implies that the thermal history experienced by solidified micro-
structure during printing with preheated build platform is significantly
different from that during post-printing heat treatment. The effect of
post-printing heat treatment on mechanical properties will be discussed
in Section 4.1.

3. Porosity

Porosity has been recognized as an intrinsic drawback of the LPBF
process that involves very complex laser-powder-melt pool interdepen-
dency dynamics, as revealed by both multiphysical simulations [60] and
experimental observations [130,131].

Fig. 16 illustrates examples of powder vaporization, powder spat-
tering as well as the interaction between spatter and laser rays, which
are the fundamental triggers for pore formation regardless of the scan-
ning strategy. As the high energy of the laser beam quickly boils and
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Fig. 16. Dynamic X-ray images showing powder motion at different moments [130] (a)-(c), schlieren high-speed images showing the motion of metallic vapor gas at
different moments [131] (d), simulated melt pool dynamics due to laser expulsion of spatter (e) and head-on collision between spatter and melt pool (f) [60],
ultrahigh-speed X-ray imaging revealed keyhole depression and instability at high energy density [132] (g)-().

The figures are reprinted with permission from Elsevier, Springer Nature and AAAS.

vaporizes metallic powder (see Fig. 16d), the entrained gas flow then high laser power could generate large impulse force which expulsed
generates powder spattering (see Fig. 16a-d). Khairallah et al. [60] gas-entrained spatter away from the laser path (see Fig. 16e), without
further studied the laser rays’ interaction with the spatter using a mul- creating lack of fusion defects. In contrast, when using low laser power,

tiphysics model to understand the pore formation. They revealed that a the gas-entrained spatter could be pressed down into the melt pool,
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highly decreasing the melt pool depth, distorting the track direction and
creating a large discontinuity, finally resulting in lack of fusion defects
(see Fig. 16f). Particularly, in the case of an excessive energy input, a
vapor depression could take place, strongly disturbing the melt pool
shape and generating a keyhole defect (see Fig. 16g-j) [132]. For further
summarization of porosity and its formation conditions, readers can
refer to a recent review paper by Sanaei and Fatemi [133].

As for LPBF AlSi10Mg, the common pore defects can be categorized
into gas pores, lack of fusion pores and keyholes, exhibiting either
spherical or irregular shapes (Fig. 17a). A general tendency of pore size
and geometry found for LPBF AISilOMg is that decreasing size is
generally accompanied by increasing sphericity [32,34,88]. With the
use of X-ray computed tomography, porosity in LPBF AlSi10Mg has been
comprehensively assessed in recent years. Typical examples of porosity
are given in Fig. 17b-e, as will be reviewed in the following subsections.

3.1. Gas pores

Gas porosity is formed by either initially entrapped gas in the metal
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powder or the gas atmosphere of the LPBF machine [88,134]. Gas pores
generally present spherical shape and small size (see Fig. 17b). Wein-
garten et al. [33] investigated hydrogen porosity resulting from mois-
ture at the powder surface and dissolved hydrogen inside the powder.
Physically, the nucleation of hydrogen pores takes place upon the local
hydrogen concentration is higher than the maximum solubility in liquid
aluminum. The growth of hydrogen pores is in itself a diffusion
controlled process and is driven by hydrogen supply over the gaseous
liquid interface of the pores. As the diffusion rate of hydrogen in the melt
is much higher than that in the solid, the growth is therefore stopped
when the pore is captured by the solidification front. In this sense, the
time gap between the melting and the solidification (ty), which can be
influenced e.g. by the scan speed, is a significant parameter determining
hydrogen porosity size and density. Apparently, a small ty is required to
reduce the pore density.

On the other hand, the solubility of hydrogen in liquid Al (0.7 ML/
100 g, [135]) is tenfold higher than that in solid Al, a hydrogen
enrichment therefore occurs at the solidification front. When the ma-
terial solidifies in a very short time period due to the intrinsic fast

Fig. 17. Typical porosity present in LPBF AlSi10Mg. Spherical and irregular shaped pores [32] (a), hydrogen gas pores [33] (b), lack of fusion pores viewed at
different projection planes [34] (c), pore formation due to unmelted powder [35] (d), keyhole porosity [36] (e).

The figures are reprinted with permission from Elsevier.
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cooling rate of the LPBF process, the supersaturated hydrogen is trapped
in the lattice of the solid phase, generating a metastable state. Note that
this metastable state can promote pore enlargement or additional pore
formation during post-heat treatments [136]. Naturally, a low hydrogen
porosity could be obtained via a powder drying process, as demon-
strated by Weingarten et al. [33] and Yang et al. [136].

3.2. Lack of fusion pores

Lack of fusion porosity is formed mainly due to insufficient energy
density [136] and poor overlap of melt pools (scan tracks) [137]. Fine
powder size could also increase the lack of fusion defects due to lower
flowability and packing density [37,138]. Lack of fusion pores typically
present irregular shapes, as shown in Fig. 17¢, in which unmelted
powder particles are eventually embedded (see Fig. 17d). Unlike the gas
pores, lack of fusion pores exhibit preferred orientations (see Fig. 17¢).
Their long axis is aligned either perpendicular (horizontally) or parallel
(vertically) to the building direction. Horizontally aligned defects are
considered to result from insufficient energy density leading to poor
fusion with the previous layer. They normally appear at layer-layer
boundaries. Vertically aligned defects are considered to result from
insufficient overlap between scan tracks due to a large hatch distance.
They normally appear at track-track boundaries. Horizontally orientated
lack of fusion pores, reported more frequently in literature [32,35,88],
are considered responsible for anisotropic mechanical performance [34,
88], as will be reviewed in Section 6.1.

3.3. Keyhole pores

Keyhole pores can be regarded as specific gas pores which are
generally formed at high volumetric laser energy density. They normally
present a spherical shape (see Fig. 17e). An excess of laser energy input
can lead to metal vaporization and recoil pressure, which drive the melt
pool surface deep into the material to form a vapor depression (i.e.,
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keyhole). When such depression becomes unstable, it easily collapses,
trapping inert shielding gas and forming pores located at the bottom of
the melt pool. The formation process and dynamics of vapor depressions
were nicely captured by in situ ultrahigh-speed X-ray imaging [132] and
multiphysics simulations [139]. Readers can refer to these two publi-
cations for more details.

In addition to keyhole pore formation, high energy densities could
also lead to a transition of melt pool morphology from shallow and
semicircular (in what is known as conduction mode) to deep and narrow
(keyhole mode) shape. It should be noted that the keyhole mode can be
stable or unstable. Stable keyhole mode may even improve strength and
ductility of LPBF metals [140], whereas unstable keyhole mode (usually
at a higher energy input) generates detrimental pores due to keyhole
collapse [141,142]. Cunningham et al. [132] demonstrated that there
exists a well-defined threshold from conduction mode to keyhole mode
based on laser power density. Performing a systematic study, Wu et al.
[29] identified the energy density ranges for different modes of LPBF
AlSi10Mg (see Fig. 18), i.e., conduction mode (<50 J/mm3), transitional
mode (~50-65 J/mm3), and keyhole mode (>65 J/mm?). The transi-
tion mode corresponds to cases where both shallow melt pools and
keyhole-induced deep mode melt pools exist. It can be seen that the
keyhole mode is normally associated with a low density. Moreover, the
porosity level was found to increase with the increase of power density,
as illustrated in Fig. 18. A similar trend was also reported by Giovagnoli
et al. [36].

The porosity level has been significantly mitigated with the
advancement of the LPBF technique and with process parameter opti-
mization [36,68,144]. Fig. 19 shows an example of porosity in LPBF
AlSi10Mg fabricated with the machine (EOS M290) manufacturer sug-
gested parameters [38]. According to statistics based on X-ray computed
tomography with a voxel size of 1.6 um, the porosity level was lower
than 0.1%, and the detected maximum pore size was smaller than
100 pm, both showing a slight decrease when preheating the platform to
200 °C (see Fig. 19b and c). Most interestingly, the very large pores were
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Fig. 18. Relationship between volumetric energy density and relative density of LPBF AlSi10Mg specimens [29]. The top-view images of the specimens labelled on
the graph show the corresponding porosity defects. KDP denotes keyhole induced deep melt pool. The Ref. [25] in the plot is cited as [143] in the present paper.

The figures are reprinted with permission from Elsevier.
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Fig. 19. 3D tomographies showing the porosity of LPBF AlSi10Mg manufac-
tured using machine manufacturer suggested parameters (EOS M290) with a
slight build platform preheating to 35 °C (a) and a build platform preheating to
200 °C (b), cumulative pore size distribution based on the data of (a) and (b) (c)
[38].

The figures are reproduced with permission from Elsevier.

removed with the 200 °C preheating.
4. Strength and ductility

As important indicators of mechanical performance, high strength
and ductility are generally required in engineering applications. Owing
to the high cooling rate of the process, LPBF AlSi10Mg exhibits a fine
microstructure, which imparts higher mechanical strength than its
counterparts manufactured by conventional casting and powder met-
allurgy [26,29,40,145].

4.1. Statistics on literature data

Based on data reported in previous works, statistics on tensile
properties of as built LPBF AlSi10Mg are performed and presented in
Fig. 20, which involve specimens manufactured using different param-
eters/conditions and tensile tests in the directions both perpendicular
(horizontal specimens) and parallel (vertical specimens) to the building
direction. It should be noted that the cooling rate in Fig. 20f is estimated
using Eq. (1), with thermal conductivity of 150 W/m/K [106], laser
energy absorption coefficient of 0.35 [107], liquidus and solidus tem-
peratures of 594 °C and 558 °C, respectively [106]. It is also noteworthy
that quite many previous works did not provide complete process pa-
rameters, especially build platform temperature, hence the fewer data
points for Fig. 20c-f compared to Fig. 20a and b.

From Fig. 20a, it can be seen that the yield strength and tensile
strength are generally larger than 200 MPa and 350 MPa, respectively,
both involving an important scattering. Interestingly, the well-known
strength-ductility trade-off is absent, as the elongation to fracture
seems to be independent of the yield or tensile strength (Fig. 20a). In
addition, the correlation between strength and laser energy density
cannot be established (see Fig. 20b) based on the data gathered from
different works. Even in a same study fixing several influential factors
such as powder quality, manufacturing environment, and build platform
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temperature, mechanical properties can still be different at identical
energy density. Giovagnoli et al. [36] showed that the tensile properties
could significantly vary at a similar energy density (fixing laser power
and layer thickness) when varying the hatch spacing and scan speed.
Paul et al. [49] also reported quite scattered tensile properties at
different combinations of laser power, layer thickness, hatch spacing
and scan speed, while keeping the energy density constant. In fact,
mechanical strength seems to depend on individual laser parameter, in
the opposite way to the microstructure fineness (see Section 2.4) as finer
microstructure grants higher strength [49,68].

At fixed process parameters, build platform preheating was widely
reported to induce a change in strength [26,81,160,161]. Nevertheless,
when plotting the literature data with different build platform temper-
atures and process parameters, no clear correlation between build
platform temperature and mechanical properties can be established, as
illustrated in Fig. 20c and d. Note that the solid and hollow symbols in
Fig. 20c and d represent horizontal and vertical specimens in a same
study. This implies that the process parameters and build platform
temperature jointly determine the mechanical properties of LPBF
AlSi10Mg. In other words, it will be challenging to accurately predict the
mechanical properties without resolving the coupled effect between
laser parameters and build platform temperature.

Laser power (P) and scan speed (v) can influence microstructure
fineness of LPBF AlSilOMg (see Section 2.4). When plotting yield
strength vs. linear energy density (LED=P/v) with previously reported
data involving different build platform temperatures, a faint trend such
that a higher LED leads to a lower yield strength can be observed, see
Fig. 20e. Furthermore, if the build platform temperature is also
considered, i.e., assessing the cooling rate with Eq. (1), Fig. 20 f shows
that an increase of cooling rate generally results in an increase of yield
strength. It should be noted that this trend is particularly enhanced by
several studies ([68,155,159]) shown in the inset of Fig. 20 f, where the
cooling rate-strength correlation is stronger since the same printing
machine and powder are used in each study. Indeed, cooling rate can be
regarded as an indicator of strength of LPBF metals when only varying
process parameters, as also shown for other alloys, such as Cu-Sn [162]
and Al-Ce [163] alloys.

Excluding the specific cases, the rest of the data points in Fig. 20f still
present a moderate scattering. This scattering can be due to several
factors, such as powder size [138], shape and manufacturing process
[159], and usage of virgin or recycled powder [42]. Besides, nanosized
Si-rich particles within Al cells cannot be fully linked to cooling rate, as
discussed in Section 2.4 (see also Table 1), whereas precipitate
strengthening can be a major strengthening mechanism [26]. Moreover,
the cooling rate calculated with Eq. (1) is just an approximation, the real
thermal history being more complex during printing, as indirectly
shown through precipitation shape and size by Hadadzadeh et al. [28].

LPBF AlSil10Mg has been widely reported to exhibit anisotropic
tensile properties [46,49,55,62,81,113,116,148], especially in terms of
ductility, as shown in Table 2. When comparing the tensile properties
between horizontal and vertical specimens, horizontal specimens
generally exhibit superior performance in terms of yield strength and
elongation to fracture (see Table 2). Nevertheless, vertical specimens
present higher strain hardening capacity and consequently higher ulti-
mate tensile strength even with a lower elongation to fracture, as shown
by Paul et al. [49] and Zhao et al. [47]. The mechanisms for these
anisotropic behaviors will be addressed in Section 4.5.

As reviewed in Section 2.5, post-printing heat treatments alter the
microstructure of as built LPBF AlSi10Mg, leading to changes in me-
chanical properties. Fig. 21 shows normalized yield strength, tensile
strength and elongation to fracture after direct aging, stress relief heat
treatment and T6 treatment over as built state. It can be seen that direct
aging generally enhances mechanical strength but decreases ductility.
Stress relief heat treatment breaks down the Si-rich eutectic network,
improving ductility at the expense of strength. T6 heat treatment
eventually leads to a good combination of yield strength and ductility.
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Nevertheless, strain hardening capacity is always reduced after T6
treatment, as reflected by the lower tensile strength despite the much
higher elongation to fracture (see Fig. 21b). Note that a strong strain
hardening can enhance fracture toughness [164] and resistance to fa-
tigue crack growth [165].

From the current state of the art, it can be concluded that mechanical
properties of LPBF AlSi10Mg present quite large scattering. It is still hard
to directly correlate mechanical properties with process conditions
(laser parameter, scan strategy and build platform temperature),
although cooling rate can give an approximate indication of yield
strength level. In view of building a process-microstructure-performance
roadmap, the following subsections (4.2-4.5) will be devoted to thor-
oughly review the strengthening, hardening and damage mechanisms
and identify their dependence on microstructure and defects of LPBF
AlISi10Mg.

4.2. Strengthening mechanisms

The mechanical strength of LPBF AlSi10Mg is closely related to its
trans-scale and hierarchical structure, which leads to multiple
strengthening mechanisms. In literature, no systematic investigation of
strengthening mechanisms has been performed. Nevertheless, several
attempts have been made to link tensile strength to internal structure
features, using either experimental measurements or theoretical models.
The present review will discuss several important mechanisms or po-
tential contributing factors, from the viewpoints of dislocation evolution
inside Al cells, load bearing effect of Si-rich network and strain gradient
induced strengthening effect.
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4.2.1. Dislocation motion related strengthening

Dislocation motion accommodates plastic deformation of the Al
matrix and thus controls global yielding of the material. Interactions
between dislocations and defects or secondary phases enhance disloca-
tion slip resistance, leading to mechanical strength increase. As
reviewed in Section 2, LPBF AlSi10Mg presents a large volume fraction
of Si-rich eutectic structure (roughly 12% at equilibrium state [62]), in
the form of solid solution, nanosized particles and network, all impeding
dislocation motion in theory.

The interactions between nanosized particles and dislocations have
been experimentally observed. Wu et al. [39] conducted a series of in
situ TEM compression tests to monitor dislocation motion in a bi-grain
pillar containing thin and thick Si-rich networks (Fig. 22a-e).
Fig. 22c-e shows detailed dislocation patterns in a single Al cell, corre-
sponding to the square area in Fig. 22a. With the increase of load, many
dislocations were observed to be pinned by the Si-rich particles in the Al
cell center, as indicated by the red arrows in Fig. 22d. As the load was
further increased, a higher dislocation density could be seen (Fig. 22e),
implying a significant dislocation multiplication. Takata et al. [41] also
revealed an extremely high dislocation density both in Al cell interior
and at Al cell boundaries in a tensile sample deformed to 3%, as illus-
trated in Fig. 22f. In the case of preheating build platform to a relatively
high temperature (e.g., 200 °C), Si particles grow to a rather large size,
and their effect on dislocations can be clearly captured by TEM obser-
vations. Hadadzadeh et al. [42] showed dislocation pinning and
bypassing processes during the interaction with the Si particles
embedded in the Al cells (Fig. 22g).

The strengthening contribution of nanosized particles (precipitates)
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Table 2
Anisotropic strength and ductility of as built LPBF AlSi10Mg. Horizontal specimen means that loading direction is perpendicular to building direction, vertical
specimen means that loading direction is parallel to building direction.

Laser Scan Layer Hatch Platform Specimen Yield Tensile Elongation Ref.

power speed thickness spacing temperature orientation strength strength to fracture

W) (mm/s) (pm) (pm) (9] (MPa) (MPa) (%)

240 500 50 200 RT Horizontal 245 420 5.9 [93]
Vertical 220 400 3.2

960 > 1000 50 200 RT Horizontal 232 415 8.0
Vertical 204 437 5.5

380 1000 30 100 RT Horizontal 280 472 7.8 [62]
Vertical 230 475 5.6

- - 60 190 RT Horizontal 247 425 9.4 [81]
Vertical 222 400 5.7

- - 30 190 RT Horizontal 190 323 6.7 [49]
Vertical 214 340 3.2

- - 30 100 RT Horizontal 244 367 6.9
Vertical 233 380 3.9

- - 30 100 RT Horizontal 314 469 5.6
Vertical 278 437 3.4

- - 30 100 RT Horizontal 297 436 4.9
Vertical 284 435 3.8

390 1300 30 190 35 Horizontal 287 475 10.9 [47]
Vertical 245 470 9.4

400 1000 - 200 35 Horizontal 233 328 7.6 [110]
Vertical 221 310 6.7

370 1300 30 190 35 Horizontal 238 464 10.1 [111]
Vertical 228 478 7.0

370 1300 30 190 80 Horizontal 264 451 8.6 [112]
Vertical 247 482 6.5

370 - 30 100 80 Horizontal 318 450 8.6 [113]
Vertical 263 410 6.9

350 1650 30 130 150 Horizontal 270 450 6.6 [46]
Vertical 260 460 5.2

350 1150 50 170 150 Horizontal 288 414 5.6 [114]
Vertical 271 419 4.1

350 930 50 170 150 Horizontal 307 424 3.0 [88]
Vertical 210 221 0.3

340 1300 30 200 160 Horizontal 248 386 8.6 [115]
Vertical 228 412 7.0

- - 30 - 160 Horizontal 250 389 9.6 [55]
Vertical 232 423 5.3

370 1300 30 130 165 Horizontal 269 418 7.8 [116]
Vertical 226 429 4.0

- - 30 - 165 Horizontal 291 444 6.6 [118]
Vertical 253 440 3.0

370 1300 30 190 200 Horizontal 235 389 7.2 [117]
Vertical 210 392 5.5

350 930 50 420 200 Horizontal 241 399 6.5 [120]
Vertical 209 357 3.2

350 1150 50 170 200 Horizontal 225 364 6.5 [119]
Vertical 205 377 3.3

300 1650 30 130 200 Horizontal 265 440 4.7 [91]
Vertical 284 438 2.8

1000 - 60 - 200 Horizontal 224 365 6.8 [118]
Vertical 236 406 5.3

960 > 1000 50 200 220 Horizontal 130 250 6.4 [93]
Vertical 150 305 4.0

400 1000 25 175 - Horizontal - 358 7.4 [146]
Vertical - 334 3.6

175 1025 30 97.5 - Horizontal 233 370 4.9 [147]
Vertical 211 272 1.7

- - - - - Horizontal 241 379 8.1 [148]
Vertical 236 351 8.3

175 1025 30 97.5 - Horizontal 251 331 1.3 [149]
Vertical 237 318 1.1

350 920 - - - Horizontal 220 360 7.1 [150]
Vertical 190 363 4.3

175 1025 30 97.5 - Horizontal 275 400 1.6 [65]
Vertical 250 364 1.0

100 250 30 100 - Horizontal 280 455 8.1 [151]
Vertical 262 474 6.5

- - - - - Horizontal 231 379 4.5 [31]
Vertical 213 413 4.4

200 1400 30 105 - Horizontal 262 391 5.6 [152]
Vertical 247 396 3.5
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Fig. 21. Effect of post-printing heat treatments
on mechanical properties of LPBF AlSi10Mg
based on data reported in literature. Normal-
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with the bypassing interaction can be modeled by the Orowan equation
[166].

MGb
A(’preci = T

(C)]
where M is the Taylor factor, G is the shear modulus, b is the amplitude
of Burger’s vector and [ is the particle spacing in the slip plane, which
can be calculated with the mean diameter dje; and the volume fraction
fv of the particles according to Friedel’s statistical model [167].

| = dpl'ECi E
2 3f

Note that a more accurate prediction of precipitate strengthening lies
on a more precise measurement of particle size and volume fraction,
which can be achieved by the FIB/SEM tomography or 3D TEM to-
mography [168]. Santos Macias et al. [26] recently estimated the
contribution of Si particles to yield strength based on both FIB/SEM
tomography and TEM imaging [27]. They found that the Orowan
mechanism could induce a significant strengthening of 158 MPa (for a
global yield strength of 286 MPa) from very fine particles (12 nm).
Moreover, the precipitate contribution dropped to 44 MPa for large
particles (60 nm), partially explaining the lower strength of material
built with preheated build platform. The exceptional strengthening ef-
fect of nanosized particles was also suggested by Takata et al. [41],
based on the comparison of strength between as built and annealed
samples.

It is worth mentioning that the strengthening effect of solid solution
should also be taken into account for as built LPBF AlSi10Mg, as it ex-
hibits supersaturated Al matrix, see Section 2.1.1. To estimate the
contribution of solid solution, the following equation, widely used for
heat-treatable Al alloys, can be employed

)

A0 = kisi)(Csi)™? (6)
where k) is a constant and Cg; denotes the concentration of Si in solid
solution.

The concentration of Mg, presents a low value in AlSi10Mg and can
be neglected. However, the solid solution of Si can be significant in the
as built state [27,81]. Santos Macias et al. [26] showed that a concen-
tration of 2.4 wt.% could induce a strengthening as high as 71 MPa.

The Si-rich eutectic network also presents a strengthening effect. In
contrast to the conventional microstructure of Al alloys in which sec-
ondary phases are embedded in Al matrix, the Al matrix of LPBF
AlSil0Mg is enclosed by the Si-rich network, forming submicron cells.
Therefore, dislocations in the Al matrix are expected to pile-up at the Al
cell boundaries [43]. Indeed, through in situ TEM compression tests, Wu
et al. [39] noted that no obvious penetration of dislocations through cell
boundaries could be observed, only some dislocations were transmitted

Elongation to fracture ratio
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solid solution temperature range from 525 °C to
550 °C and an artificial aging temperature
range from 160 °C to 190 °C. The data points
are collected from Refs [62,64,81,111,112,114,
116,123-125,127-129].

1.5 2 25 3

through thin discrete Si network. Li et al. [43] also reported an
extremely high dislocation density near the Al/Si interfaces, as illus-
trated in Fig. 23a-c.

The strengthening effect imparted by the Si-rich network can be
analogue to grain boundaries. Some researchers [26,42] have already
attempted to model the effect of the Si-rich network via the Hall-Petch
relation

ka
\ dnel

where d,e; denotes the width of the Si-rich eutectic network and kq the
constant of Hall-Petch relation. The strength contribution of cell
boundary (or Si network) was found to be about 50-60 MPa [26,42],
using the constant kq = 0.04 MPa.m'/? generally adopted for Al alloys.

As illustrated earlier in this review, LPBF AlSi10Mg exhibits a het-
erogeneous microstructure, manifested by the difference in morphology
and size of the Si phase in the FMP, CMP and HAZ. The dislocation pile-
up is expected to be the strongest in the FMP, while it will be mitigated
in the CMP due to larger cell size (i.e., lower constraint effect) and
significantly weakened in the HAZ due to the degraded Si network
connectivity. Assuming negligible variation in solid solution and nano-
sized particles throughout the melt pool, the dislocation pile-up mech-
anism can partially explain the highest and lowest strength (hardness) in
the FMP and HAZ, respectively (see Fig. 23d and e).

Given the complex morphology of the Si-rich network in the HAZ
(see Fig. 10), it is quite challenging to establish a theoretical strength-
ening model to evaluate the interaction between the dislocations and the
degraded network. Numerical simulations via discrete dislocation dy-
namics or crystal plasticity could be potential tools to tackle this issue.

()
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4.2.2. Load bearing of Si-rich network

The previous subsection has addressed Al matrix strengthening from
the dislocation motion viewpoint. As LPBF AlSi10Mg presents a non-
negligible volume fraction of “hard” Si-rich network, the load bearing
effect of the secondary phase also contributes to the yield strength. Using
in situ X-ray diffraction or neutron diffraction, stress partition between
Al and Si phases has been probed throughout the macroscopic defor-
mation process [44,71,169]. Zhang et al. [44] showed that the average
lattice strain in the loading direction (LD) was close between the Al and
Si phases (around 3700 x 10° in the loading direction) before the
macroscopic yield point, as can be seen in Fig. 24. Note that the yield
point approximately corresponds to the end of region 2. As the elastic
modulus of Si is higher than that of Al (elastic modulus of amorphous Si
is further discussed in Section 4.3.2), the calculated effective stress is
therefore higher in the Si phase, increasing the global yield strength
[71].

The load bearing contribution can be considered using the simple
composite model (i.e., rule of mixture)
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Fig. 22. Dislocation evolution during deformation of LPBF AlSi10Mg. In situ TEM compression test on a bi-grain containing thick and thin Si-rich eutectic networks
(a), corresponding loading curve (b) and dislocation evolution during the compression observed in the area highlighted by the red rectangle in (a) and at different
load levels indicated in (b) (c)-(e) [39], dislocation pattern in a tensile specimen deformed to 3% [41] (f), dislocation-Si precipitate interaction in a deformed tensile

specimen containing relatively large Si particles [42] (g).
The figures are reprinted with permission from Elsevier.

oi'otal =fa Uf\z +fsi ggi ®

where fa] and fg; represent the volume fractions of the Al and Si phases,
respectively, whilst ¢%,and ¢%,denote the phase stresses of the Al and Si
phases upon yielding, respectively. Based on the calculated phase
stresses from {311} strains, the stress partitioning ratio of Si (i.
€..f5i0% / Opea> With fs; = 9.6%) was found to be about 13.5% during the
elastic stage [44], proving a slight strengthening from the secondary
phase via the load bearing mechanism.

The analysis of strengthening mechanisms using analytical models
allows to identify the critical microstructure feature favoring high
strength, as generally employed for LPBF alloys [162]. Based on the
aforementioned strengthening models (Eqgs. 4-8), Santos Macias et al.
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[26] assessed the yield strength of as built LPBF AlSi1OMg samples
presenting two distinct microstructures (see Fig. 14). The microstructure
features were extracted from fine melt pool zone and the loading di-
rection was perpendicular to the building direction (i.e., horizontal
specimen). It is found that the precipitate strengthening presents the
largest contribution when the nanosized Si-rich particles within Al cells
are small (12 nm). On the other hand, when these Si-rich particles grow
to a larger size (60 nm), there is no major strengthening mechanism, as
the contributions from Si-rich particles, Si-rich eutectic network
boundary, Si solid solution and Si-rich eutectic load bearing are quite
similar (see Table 3).
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Fig. 23. TEM observation of dislocations in post-deformation sample at a strain of 4% under the {110}-type diffraction conditions (a)-(c) [43], nanoindentation tests
across a melt pool border (d) and corresponding hardness values in FMP, CMP and HAZ (e) [45].

The figures are reprinted or reproduced with permission from Elsevier.
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Fig. 24. Phase strain evolution as a function of applied true stress obtained from in situ X-ray diffraction tensile test [44]. The vertical dashed line between regions 2
and 3 marks approximately the yield point. Orientation-dependent strains of the selected lattice planes in the Al (a) and Si (b) phases.

The figures are reprinted with permission from Elsevier.

Table 3

Estimation of yield strength of FMP in horizontal direction using theoretical strengthening models [26]. The units are in MPa.
Tuild platform 0o AGpreci Abpound Aoss A isioc fnet X Oload EStimateday Measuredoy
35°C 10 158 66 71 37 46 347 286
200 °C 10 44 55 54 37 46 222 203

4.3. Strain hardening

It has been widely recognized that as built LPBF AlSi10Mg exhibits
an excellent strain hardening capacity [40,41,44,47]. Compared to
strengthening mechanisms, strain hardening mechanisms were rarely
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studied. In fact, the analysis of sources for hardening is akin to that for
yield strength; i.e., the hardening of the Al phase related to the dislo-
cation motion and the load bearing of the Si-rich network.
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4.3.1. Dislocation driven hardening

Strain hardening of the Al phase originates from increasing barrier
force against dislocation slip. The barriers can be dislocation forests,
solute atoms, precipitates, grain boundaries and phase boundaries.

For LPBF AlSi10Mg, the initial microstructure, i.e., supersaturated
solid solution, nanosized Si particles and Si network boundaries,
intrinsically act as effective strain hardening sources. On the other hand,
dislocation density is revealed to rapidly increase during deformation,
not only near the Al/Si interface, but also within the Al cells, signifi-
cantly enhancing dislocation forest hardening. Hadadzadeh et al. [42]
reported entangled dislocation networks in the cell interior of a
deformed sample through TEM observations. Li et al. [43] also used TEM
micrographs to estimate the dislocation density corresponding to a
tensile deformation of 4%. They observed a high density of ~10'6 m
within the Al cells and an exceptionally high density of ~10'7 m™ at the
triple junctions of cells. Based on peak broadening of the X-ray diffrac-
tion spectrum, Zhang et al. [44] tracked the dislocation density evolu-
tion along with the tensile deformation. They revealed that the
dislocation density first raised very quickly at the incipient stage of
plastic deformation (<2%), and then the increase rate dropped signifi-
cantly. The high dislocation density indicates the existence of substan-
tial dislocation multiplication sites, probably being supersaturated
solute atoms, nanosized particles and slip plane-dislocation forests
intersecting points (i.e., Frank-Read sources).

Owing to the difference in mechanical strength, geometrically
necessary dislocations (GNDs) are expected to develop to accommodate
the strain gradient arising at both the melt pool and Al cell hierarchies.
Indeed, the harder Si network would restrict the deformation of the
softer Al near the interfaces, thus conferring a large strain gradient and
consequently a high density of GNDs at/near the Al/Si interfaces. Li
et al. [43] demonstrated enhanced kernel average misorientation at the
Si network boundaries (see Fig. 25a and b), which was further translated
into the GND density presenting a value of the order of 10'® m™2. At the
melt pool hierarchy, as the melt pool border (i.e., CMP and HAZ) pre-
sents a lower mechanical strength compared to the melt pool interior (i.
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e., FMP) (Fig. 23d and e), a strain gradient will be established at the melt
pool border, especially when the loading direction is parallel to the
building direction. This was proved by Ben et al. [170] and Song et al.
[171] who revealed higher KAM values near the melt pool border (see
Fig. 25c¢ and d).

It is noteworthy that the strain gradient is generally low at the
macroscopic yield point (0.2% plastic strain), thus the strengthening
effect of GNDs is not expected to be significant. On the contrary, the
strain gradient would continuously increase during the flow stage,
therefore leading to rapid generation of GNDs, which, in turn, would
significantly enhance flow strength. Unfortunately, no quantitative
analysis has been performed to account for GNDs in the strain hardening
of LPBF AlSi10Mg.

4.3.2. Load bearing driven hardening

The Si-rich eutectic network of as built LPBF AlSi10Mg is composed
of both crystalline and amorphous structures (see Fig. 6). The resistance
to deformation of crystalline Si is much higher than that of crystalline Al
due to the following two factors: first, Si is stiffer than Al; second, the
a-Al phase exhibits plasticity while Si crystal normally deforms elasti-
cally. It is noteworthy that the Si-rich eutectic network of LPBF
AlSi10Mg presents an amorphous component (see Fig. 6). Amorphous Si
was widely reported to present a lower Young’s modulus than its crys-
talline counterpart (130-188 GPa depending on the crystallographic
orientation [172]). Experimental works reported a value of about
120 GPa [173,174], while theoretical models predicted a value in the
range of 90-100 GPa [175,176]. Despite this discrepancy, these values
are still higher than that of the Al phase (around 70 GPa). Moreover, a
recent in situ TEM tensile test showed that amorphous Si deforms almost
elastically till 5-6 GPa [177]. In this sense, elastically deformed Si-rich
eutectic would exhibit an excellent load bearing capacity during the
macroscopic plastic deformation of the whole material. Through in situ
X-ray diffraction tensile tests, Zhang et al. [44] assessed the phase
stresses, and showed a significant hardening effect owing to the high
stress within the Si phase (up to 2 GPa, see Fig. 26a). The accuracy of

Fig. 25. Strain gradient at Al cell and melt pool hierarchies. Typical image quality (IQ) map (a) and KAM map (b) of the deformed Al cell structure (plastic strain:
4%) [43], typical image quality (IQ) map (c) and KAM map (d) of the deformed melt pool structure [171].

The figures are adapted with permission from Elsevier.
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The figures are reprinted with permission from Elsevier.

phase stresses was further validated by the reasonably satisfied rule of
mixture, as shown in Fig. 26b. Consequently, the contribution of the Si
phase to the macroscopic flow stress was demonstrated to reach up to
35.4% with a volume fraction of 9.6% [44].

It is noteworthy that, although Si is generally treated as an elastic
material, the deformation mechanism of the Si-rich eutectic in LPBF
AlSi10Mg is still not fully clear. Through TEM characterization of the
deformed microstructure (see Fig. 27), Kim et al. [178] argued that the
Si-rich eutectic might exhibit plastic deformation via formation of
stacking faults and twins. The authors showed that during the plastic

Twin
W spot v
11,2
N
Streak

deformation of the Al-cells, dislocations would pile-up at the Al/Si
interface (Fig. 27b), creating intensified stress that shears the Si phase.
The possible signs of plasticity are the shear steps detected at the edges
of the Si-rich eutectic (Fig. 27e).

Despite the possible yielding behavior, Zhang et al. [44] and Kim
et al. [71] revealed a much higher phase stress of the Si-rich eutectic
compared to the a-Al, confirming the strong load bearing effect of the
Si-rich eutectic and its significant contribution to macroscopic hard-
ening. Nevertheless, the deformation mechanism of the Si-rich eutectic
can strongly impact the load partition between the phases in LPBF

Al-matrix

Fig. 27. Possible signs of plastic deformation in the Si-rich eutectic network under tensile load [178]. Bright field (BF)-TEM image and electron diffraction pattern
(EDP) of a Si-rich eutectic under [110]g; on-axis conditions (a), dark-field (DF)-TEM image and corresponding EDPs of a a-Al grain (b), a high magnification image (c)
and high-resolution (HR)-TEM images (d-e) of the Si-rich eutectic indicated in (a), schematic drawing of the deformation mechanism of the Si-rich eutectic (f).

The figures are reprinted with permission from Elsevier.
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AlSi10Mg. How to treat the Si-rich eutectic in modeling and simulation
remains an important issue when aiming to quantitatively address the
phase stress evolution, as will be discussed later in Section 7.1.1. It is
noteworthy that the phase stress can help to understand the damage
mechanism of LPBF AlSi10Mg.

4.4. Damage mechanism

Ductile metallic materials generally fail by void nucleation, growth
and coalescence [179]. The damage mechanism therefore determines
material ductility. The study of the damage mechanism and its corre-
lation to microstructure is important for AM Al alloys presenting a
relatively low elongation to fracture compared to wrought materials. It
can potentially point out the direction to optimize the microstructure for
higher ductility.

4.4.1. Damage sites and distribution

Typical damage features of LPBF AlSi10Mg are presented in Fig. 28a
and c, for horizontal and vertical specimens, respectively. It can be
clearly observed that damage (voids) initiates on the Si-rich eutectic due
to the fracture of the highly connected network. When looking at the
vicinity of the fracture surface (see Fig. 28b and d), the voids are found
to present a quite flat shape, as the void ligament size, being that of the
Al cell, is relatively small for this cellular structure. The low inter-void
spacing can lead to a fast void coalescence without significant growth
[27,47]. Due to the heterogeneous microstructure of LPBF AlSi10Mg,
damage distribution is also heterogeneous and loading direction
dependent. For horizontal specimens, damage sites are mainly located in
the FMP and CMP [26,27], while all three zones present damaged Si-rich
eutectic in vertical specimens [47,171].

Few efforts have been devoted to characterize the macroscopic strain
at damage onset. Using in situ SEM tensile testing, Zhao et al. [27] re-
ported that no distinguishable damage evolution could be observed
before final failure of horizontal specimens. Recently, Song et al. [171]
performed interrupted tensile tests to probe damage status at different
strain levels. They studied both horizontal and vertical specimens of two
microstructures with different build platform temperatures (35 °C and
200 °C). It was found that for the finer microstructure (35 °C), there was
nearly no damage even at about 94% elongation to fracture. The
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relatively late damage nucleation coincides with the absence of signif-
icant damage growth, as explained by Song et al. [171]. For the coarser
microstructure, damage could barely be observed at about 96% elon-
gation to fracture in the horizontal specimen, while a large amount of
damage was present at about 94% elongation to fracture in the vertical
specimen, with a very slight concentration at the melt pool border (i.e.,
CMP and HAZ). From these observations, it can be concluded that
damage evolution is highly dependent on microstructure and loading
direction. The anisotropy in damage behavior will be further discussed
in Section 4.5.3.

4.4.2. Fracture surface morphology

Fracture surface observation is routinary in the investigation of
damage and fracture behavior of metallic materials as it can help to
understand damage mechanism and identify the crack propagation path
[179]. For as built LPBF AlSi10Mg, the fracture surface morphology is
quite different from the round dimple features typically seen in ductile
metals [27,47]. Moreover, horizontal and vertical specimens present
different morphologies [31,47,49,150]. As shown in Fig. 29a and d, the
fracture surface of vertical specimens generally reveals melt pool traces
(also called scan tracks) [47,49,113,150,180], in contrast to horizontal
ones where no melt pool hierarchy structure can be observed [27,31,47,
49,113,180].

At higher magnification, lamellar features are generally observed for
horizontal specimens [27,47,49,127], as shown in Fig. 29b. This is
reminiscent of the Si network shape. However, for vertical specimens,
only ridge features can be observed (see Fig. 29e). When further
increasing the magnification, the Si-rich eutectic is clearly seen on the
fracture surface [27,31,45,47], as illustrated in Fig. 29¢ and f for hori-
zontal and vertical specimens, respectively. The presence of Si-rich
eutectic on the fracture surface is consistent with the damage sites
revealed in Fig. 28.

Given the presence of melt pool traces on fracture surface
morphology, it can be deduced that failure frequently initiates from melt
pool borders for vertical specimens [31,45,47,49,113,150,180]. Dela-
haye et al. [45] performed statistics on Si-rich eutectic spacing from both
intact microstructure and fracture surface for vertical specimens. They
argued that fracture preferentially took place through the HAZ based on
close mean spacing between the HAZ and the fracture surface. In

Fig. 28. Typical damage pattern at the vicinity of fracture surface for as built LPBF AlSi10Mg [47]. Damage of horizontal specimen (a)-(b), damage of vertical
specimen (c)-(d). The loading direction coincides with the horizontal direction of all micrographs.

The figures are reprinted with permission from Elsevier.
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Fig. 29. SEM observations of fracture surface morphology at different magnifications for horizontal (a)-(c) and vertical (d)-(f) specimens [47]. The arrows in (d)

point out the traces of the melt pool border. The arrows in (c) and (f) highlight the Si-rich eutectic. The dashed enclosing lines mark the Si-rich eutectic network.
The figures are reprinted with permission from Elsevier.

contrast, damage and fracture mainly occurs in the melt pool interior for
horizontal specimens [27,47,171]. Patakham et al. [31] distinguished
layer-layer and track-track melt pool borders. Based on the fracture

surface morphology, they pointed out that cracks eventually propagated
along the track-track melt pool borders for horizontal specimens.
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Fig. 30. Evolution of initial porosity during in situ X-ray tomography tensile test [72]. Shape of tensile specimen (a), evolution of porosity at different gauge volumes
(b), tomography of pores with Deq> 50 um before loading (c) and near the onset of final failure (d).
The figures are reprinted with permission from Elsevier.
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4.4.3. Role of initial porosity

To understand how initial porosity participates in the damage and
fracture processes of LPBF AlSi10Mg, two kinds of studies have been
performed in the current state of the art, by either in situ observations or
comparative tests. However, the role of initial porosity on the damage
mechanisms of the as built state has not been fully clarified yet, as it
seems to be dependent on the porosity size and sharpness, see the dis-
cussion below.

Some researchers attempted to monitor the evolution of initial pores
during deformation and link them to final failure using in situ X-ray
computed tomography [72]. Note that the typical voxel size of such in
situ testing is of the order of 1 um to have sufficiently large and
macroscopically representative tensile specimens. Hastie et al. [72]
revealed that the initial pores nearly maintained their sizes in the whole
gauge volume during the entire loading stage until fracture, as shown in
Fig. 30. However, it cannot be concluded from such measurements that
initial porosity does not contribute to damage evolution. The observa-
tions could simply be due to the fact that the new voids nucleated from
the microstructure are too small (thickness of the flat void is much
smaller than 1 um, see Fig. 27) to be captured by the tomography scans
(2.86 um used in [72]).

To qualitatively reveal the effect of initial pores on ductility, Zhao
et al. [27] conducted a series of comparative tests. They demonstrated
that a relatively low porosity (around 0.1%, pore equivalent diameter
generally smaller than 100 um) played a secondary role in the damage
process, following the microstructure. Nevertheless, large and dense
lack of fusion defects could significantly reduce the material ductility,
especially for vertical specimens where the defects promote high stress
concentration due to their favorable orientation with respect to external
load. The elongation to fracture of sound materials can be ten times
larger than flawed ones for both horizontal and vertical specimens, as
shown in Fig. 20c and d, respectively. This large scattering can be
partially explained by the presence of sharp lack of fusion defects.
Indeed, Yang et al. [155] demonstrated that such defects (equivalent
diameter in the range of 100-300 um) could reduce the elongation from
8% to 3% at the same yield strength, even for horizontal specimens.
Suzuki et al. [181] also revealed a significant decrease of elongation
from 9.3% to 1.4% when the density of LPBF Al-Si parts dropped from
99.8% to 98.2%, despite similar yield strength and strain hardening
exponent. Large lack of fusion could even lead to very brittle fracture of
as built LPBF AlISi10Mg, as reflected in the cases of extremely low
ductility (around 1%) [65,88,147]. From the aforementioned studies, it
can be deduced that damage can be dominated by either microstructure
or initial porosity, depending on the porosity size and sharpness.
Moreover, the combined effects of microstructure and moderate initial
porosity on ductility is still unclear.

4.5. Anisotropic features

LPBF AlSi10Mg has been widely reported to exhibit anisotropic
mechanical properties, in terms of yield strength, strain hardening ca-
pacity and ductility (see Table 2). The underlying reasons for the
anisotropic features were rarely addressed in previous studies. This
section attempts to discuss the possible factors leading to anisotropy
based on the afore-established understanding of mechanisms of
strengthening, strain hardening and damage. The authors hope this
section can inspire readers for further investigations.

4.5.1. Anisotropy in yield strength

As built LPBF AlSi10Mg generally presents higher yield strength
when loaded perpendicular to the building direction (i.e., horizontal
specimens), but the underlying mechanism is still unclear. Xiong et al.
[150] proposed that the strength anisotropy was not induced by the
weak < 001 > fiber texture as the mean Schmid factor is even slightly
higher for the horizontal specimens. This point was further proved by Li
et al. [182] who conducted micro-pillar compression tests on single
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crystal and showed anisotropic strength even under the same crystal-
lographic orientation. Based on the strengthening mechanisms reviewed
in Section 4.2, the following aspects can be considered for deeper
investigations:

(1) Dislocation slip barriers: Assuming a homogeneous distribution
of the supersaturated solid solution and nanosized particles, only the
elongated cellular Si network can induce different dislocation blocking
effects in different loading directions. The Si-rich network might act as a
stronger barrier for dislocation slip in horizontal specimens.

(2) Load bearing of Si-rich network: The load transfer normally de-
pends on the volume fraction and aspect ratio of the secondary phase
[183,184]. When considering the morphology of the Si-rich network for
load transfer, the effective aspect ratio is higher for vertical specimens
[185] (see Fig. 31, leading to higher load bearing effect. Nevertheless,
the stress partitioning ratio of the Si phase is relatively low upon
yielding (osifsi/0macro=13.5% with fs; being 9.6% according to Zhang
et al. [44]) and the difference in load bearing contribution to yield
strength might be relatively small for the two loading directions.

(3) Role of melt pool border zone: The melt pool border effect on
global yielding is expected to be dependent on loading direction. As the
strength of CMP and HAZ is smaller than that of FMP [45,171], the lower
yield strength of vertical specimens could be explained by earlier
yielding of the melt pool border when loaded along the building
direction.

(4) Thermal dislocations and residual stresses: The distributions of
initial thermal dislocations [25] and corresponding thermal stresses are
expected to be anisotropic due to the thermal gradient pointing toward
the melt pool center [91]. Exceptionally, Tan et al. [91] and Li et al.
[182] revealed that vertical specimens presented a higher yield strength
than the horizontal ones when using a high temperature (200 °C) build
platform and a stress relief heat treatment at 177 °C for 4 h, respectively.
Both strategies relieve residual stresses while retaining the Si-rich
network and nanosized particles in the microstructure. Therefore,
thermal dislocations and residual stresses could be potential reasons
leading to yield strength anisotropy.

4.5.2. Anisotropy in strain hardening

Although vertical specimens generally present lower yield strength
than horizontal ones, their strain hardening capacity has been shown to
be stronger. This is well reflected by higher ultimate tensile strength of
vertical specimens despite lower yield strength [31,46,55,93,112,115,
116] and explicitly revealed by larger strain hardening exponent [49].
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Fig. 31. Schematic drawing of effective aspect ratio of the Si-rich network for
horizontal and vertical specimens [185].
The figures are reprinted with permission from Elsevier.
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Through in situ X-ray diffraction tensile tests on horizontal speci-
mens, Zhang et al. [44] showed that Si phase stress significantly
increased in the plastic flow stage, and the load bearing of the Si phase
became the predominant contribution to macroscopic hardening. Based
on load partition analysis, the higher strain hardening capacity of ver-
tical specimens can be easily understood, in particular for the CMP and
FMP regions. As shown in Fig. 31, the effective aspect ratio of the Si-rich
network is higher along the building direction; the load bearing of the
Si-rich eutectic is therefore expected to be larger, leading to higher
strain hardening capacity of vertical specimens [171]. Indeed, according
to micropillar compression tests of FMP zone extracted from horizontal
and vertical specimens, the vertical loading direction involves a stronger
strain hardening under the same grain orientations, i.e., identical
dislocation slip paths (see Fig. 32) [182]. This suggests that the higher
strain hardening capacity of vertical specimens most likely originates
from the stronger load bearing effect of the Si-rich network (i.e., higher
Si phase stress). To confirm the conjecture, more direct evidence needs
to be provided, for example through in situ X-ray diffraction testing or
micromechanical simulation on both horizontal and vertical specimens.

In contrast to the FMP and CMP, the degradation of Si network
connectivity would lead to significantly smaller aspect ratio of the Si
phase and consequently lower Si phase stress (i.e., lower load bearing
effect) in the HAZ. Nevertheless, the strain gradient across the melt pool
border can generate GNDs [170,171], leading to additional contribution
to strain hardening. In this sense, the softening effect of the melt pool
border would be limited. How strain gradient hardening affects the load
partition between different zones is still an open question.

4.5.3. Anisotropy in damage evolution
In the absence of large initial pores, the failure mechanism of LPBF
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AlSi10Mg is akin to that of conventional Al alloys, where the damage
process is controlled by a hard secondary phase that either fractures or
debonds from the Al matrix [186]. Such damage mechanism highly
depends on the phase size, shape and relative orientation to loading
direction, as these factors determine not only the stress transfer, but also
the fracture strength of the secondary phase [187].

As the Si-rich eutectic mainly manifests as an elongated and inter-
connected network in LPBF AlSi10Mg, damage is found to exhibit
anisotropic evolution behavior, especially when the Al cells are weak.
Song et al. [171] investigated the damage mechanisms of samples built
with the same LPBF parameters but different build platform tempera-
tures, i.e., 35 °C and 200 °C. While the 35 °C microstructure presents
similar damage behavior for horizontal and vertical specimens, the
200 °C counterpart exhibits anisotropic damage evolution. The anisot-
ropy is manifested by the fact that damage initiates extremely close to
final fracture in horizontal specimens but appears much earlier and
experiences a relatively long growth process in vertical specimens (see
Fig. 33a-f). The nano-hardness difference between highly deformed and
intact microstructures coincides with the damage states for the two
loading directions, the horizontal and vertical specimens undergoing
hardness increase and decrease with respect to the intact state, respec-
tively (see Fig. 33g-h).

According to the analysis of Song et al. [171], damage behavior
anisotropy may result from different load partitions (i.e., phase stress) in
different loading directions, due to the elongated Si-rich network
morphology. Therefore, phase stress characterization is necessary to
understand LPBF AlSi10Mg damage behavior. Kim et al. [71] and Zhang
et al. [44] have assessed the phase stress evolution of horizontal speci-
mens by in situ neutron and X-ray diffraction tensile testing, respec-
tively. However, experimental studies have yet to incorporate other
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The figures are reprinted with permission from Elsevier.
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Fig. 33. Damage distribution in deformed horizontal (a)-(c) and vertical (d)-(f) specimens built on 200 °C platform, corresponding nanoindentation on deformed
microstructure (g) and hardness values in the FMP, CMP and HAZ before and after deformation (h) [171]. The specimens are unloaded at 96% and 94% of elongation
to failure for the horizontal (200 H) and vertical (200 V) loading cases, respectively. 200 in (d) means 200 °C build platform.

The figures are reprinted with permission from Elsevier.

loading directions. Numerical simulation can be an alternative tool for
this endeavor, as will be discussed in Section 7.

4.5.4. Anisotropy in ductility

Ductility of horizontal specimens is generally higher than that of
vertical specimens at the same process parameters. The effect of initial
porosity on ductility, as discussed in Section 4.4.3, can partly explain the
anisotropy in the presence of large lack of fusion defects. Sample-scale
microstructure heterogeneity along the building direction was also
found to account for the lower elongation of vertical specimens, as the
coarser microstructure at the upper portion of the sample could promote
strain localization [120].

When excluding the material defects and sample-scale heterogeneity,
the key factor leading to the anisotropy involves damage competition
between different melt pool zones, in other words the favorable fracture
path. Zhao et al. [47] reported that crack propagated along the melt pool
border of about 50% of the melt pools viewed on the mid-thickness
plane for vertical specimens, while this proportion dropped to roughly
4% for horizontal ones. Clear evidences for the preferred crack propa-
gation along the melt pool borders are presented in Fig. 34.
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Many researchers attributed the lower ductility of vertical specimens
to strain localization at the CMP [46], HAZ [45] or more generally the
melt pool border [49,62,150], as it potentially leads to premature
damage of vertical specimens. However, Song et al. [171] recently
revealed that strain localization and even preferred crack propagation
along melt pool borders did not remarkably compromise fracture strain
of vertical specimens. This contradiction suggests that the underlying
reasons for the anisotropy in ductility have not been brought to light yet.
Further studies should address more in depth the damage sensitivity in
and the damage competition between the three distinct zones (i.e., FMP,
CMP and HAZ).

5. Fracture resistance

Fracture resistance, generally represented by fracture toughness,
characterizes the resistance to the propagation of a pre-existing crack. It
is a very important property in safety design of engineering structures.
Fracture toughness is closely related to damage behavior and thus
strongly depends on microstructure [164,179]. There are only few
studies on the fracture resistance of as built LPBF AlSi10Mg [188].



L. Zhao et al.

Fig. 34. Crack path along the melt pool border for vertical specimens. Damage
distribution for materials presenting an elongation to fracture of roughly 5.2%
[46] (a)-(b) and 9.4% [47] (c). (a) and (c) show a micro-crack along the melt
pool border, (b) presents damage in the CMP zone.

The figures are reprinted with permission from Elsevier.

Nevertheless, basic trends can already be identified from previously
reported data.

5.1. Fracture toughness

According to Pardoen and Hutchinson [164], the theoretical tough-
ness measures the energy dissipation upon coalescence of the crack tip
with the first void ahead of it. Toughness of metallic materials varies as a
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function of yield strength, strain hardening, initial porosity, void shape
and spacing as well as void spacing anisotropy. Fracture toughness
characterization should strictly respect small scale yielding condition at
the crack tip, which normally requires a relatively large sample size to
approach the plane strain state and a long sharp pre-crack to confine the
plastic zone. E399 and E1820 are two widely used ASTM standards
devoted to measure the K¢ and Jic, with and without plastic dissipation,
respectively.

The fracture toughness of cast Al-Si alloys is generally in the range of
20-30 MPaem'/? [189,190]. Paul et al. [49] reported a similar tough-
ness variation range (19-30 MPaem!” 2) for as built LPBF AlSil10Mg.
Aratjo et al. [123] calculated the fracture toughness with the critical
crack tip opening distance (CTOD) and found a toughness range of
6.0-8.4 kJem2. Converting these values to stress intensity factors
withKie = /(1 — v2)Jic/E(E is Young’s modulus andv is Poisson’s ratio)
yields approximately 28-33 MPaem'/? (assuming E = 70 GPa andy =
0.3) However, Hitzler et al. [48,191] obtained much higher toughness,
in the range of 40-60 MPaem'/2, These relatively high values are very
likely due to the absence of fatigue pre-cracking prior to fracture
toughness tests. Two trends are identified in the reported data:

(1) The fracture resistance presents a strong anisotropy. As can be
noticed in Fig. 35, the toughness for the crack parallel to the building
direction is much higher than that for the crack perpendicular to the
building direction [48,49,123].

(2) The toughness highly depends on the scan strategy, whereas laser
parameters have little influence. Fig. 35b shows that the rotation of 67°
(67SS) between layers results in a higher toughness than the case with
the rotation of 90° (90SS), despite similar material strength and ductility
(refer to [49] for more details).

The anisotropy and the effect of the scan strategy on the fracture
toughness are strongly related to the fracture path, as will be discussed
in the following subsection.
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Fig. 35. Fracture toughness of as built LPBF AlSi10Mg as a function of process parameters and scan strategies. Tests with compact tension specimens incorporating
fatigue induced pre-crack (a) and (b) [49], tests with single edge notched specimens without fatigue induced pre-crack (c) and (d) [48]. LT means layer thickness, HS
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The figures are reprinted with permission from Elsevier and Springer Nature.
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5.2. Fracture path

Fracture path (or crack propagation path) and its correlation with
microstructure are important elements for understanding the fracture
mechanism of metallic materials. It has been well recognized that a
tortuous fracture path effectively increases the fracture toughness [192,
193] compared to a straight one.

The anisotropy of fracture toughness can be partly explained by the
crack path tortuosity. Through specimen polishing to mid-section, Paul
et al. [49] addressed the correlation between fracture path and the
microstructure. As illustrated in Fig. 36a-c, the crack propagating par-
allel to the building direction mainly crosses the melt pools and presents
a tortuous path induced by deflection at the melt pool borders. In
contrast, when the crack propagates perpendicular to the building di-
rection, it mainly follows the melt pool borders, where the fracture
resistance is expected to be lower (see Fig. 36d-f). Aragjo et al. [123]
have reported similar fracture paths for as built LPBF AlSi10Mg. The
crack deflection level and difference of fracture resistance between the
melt pool border and interior were believed to be responsible for the
toughness anisotropy [49].

The dependence of fracture resistance on the scan strategy can be
explained as follows [49]: the 67° rotation results in randomly distrib-
uted melt pools that promote more tortuous crack propagation through
crack deflection and twisting; when employing the scan rotation of 90°,
the crack propagates along the continuous melt pool boundaries without
significant crack deflections, thus leading to an important decrease of
toughness in both directions compared to the 67° rotation case.

From the state of the art, it can be deduced that the melt pool ar-
rangements play a vital role in the determination of fracture toughness
of LPBF AlSi10Mg. Nevertheless, more fundamental research on the
intrinsic fracture resistance of the three distinct zones (i.e., FMP, CMP
and HAZ) is still lacking. To enhance the fracture resistance via opti-
mizing the melt pool arrangements, such research gap should be filled in
the future by, e.g., numerical simulations.

Build
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Build
direction
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6. Fatigue resistance

Fatigue is the most frequent failure mode of engineering structures
subjected to repeated loads. In concert with the demand on safety, a high
fatigue resistance is generally required, especially for the aerospace field
where additively manufactured metals present huge application poten-
tial. Fatigue resistance is known to be highly influenced by material
defects, such as internal pores, inclusions and surface roughness that act
as stress concentrators and promote fatigue crack nucleation [194,195].
An important factor that limits the wide application of additively
manufactured metals is the intrinsically formed porosity, which can be a
few hundred microns large (see Fig. 17). The present review aims to
summarize gained knowledge on fatigue resistance of as built LPBF
AlSi10Mg, eventually through comparisons with post-treated counter-
parts to highlight the effects of initial porosity, yield strength and
microstructure. For more general reviews on fatigue behavior of addi-
tively manufactured metals, readers can refer to Refs. [133,188].

6.1. Fatigue life

Fatigue resistance is generally evaluated by the Wohler (or S-N)
curves, which illustrate the relationship between fatigue life and load
level. According to loading cycles upon failure, fatigue can be catego-
rized as low cycle fatigue (LCF), high cycle fatigue (HCF) and very high
cycle fatigue (VHCF, also called ultra-high cycle fatigue). Very high
cycle fatigue generally occurs at a stress level below the conventional
fatigue strength and the relevant fatigue life is longer than 107 loading
cycles [196]. A key challenge for fatigue life assessment of additively
manufactured metals is the large scatter of experimental data [197].
Fig. 37 presents several S-N curves for LPBF AlSi10Mg reported in
literature, based on which the following critical factors determining
fatigue life can be analyzed:

(1) Effect of initial porosity. Uzan et al. [52] compared the fatigue
life between wrought Al 6061-T6, as built and stress relieved (at 300 °C
for 2 h) LPBF AlSi10Mg (Fig. 37a). They found that the Al 6061-T6 and
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Fig. 36. Fracture path in pre-cracked compact tension specimens [49]. Observations of crack at specimen mid-sections with different process parameters (a), (b) for
crack parallel to the building direction, and with different scan strategies (d), (e) for crack perpendicular to the building direction, schematic drawing illustrating the
correlation between crack path and melt pool arrangements for crack propagating parallel (c) and perpendicular (f) to the building direction.

The figures are reprinted with permission from Elsevier.
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Fig. 37. Fatigue life of as built LPBF AlSi10Mg.

As-built . . .
: Dj\ " Comparison with Al 6061-T6 and stress relief
A T6 state [52] (a), comparison with direct aging and

T6 states [198] (b), comparison between hori-
zontal and vertical samples [65] (c), compari-
son between different stress ratios and loading
directions [199] (d). DA means direct aging in
(b), AF means as fabricated in (c), 0° and 90°
correspond to horizontal and vertical samples,
respectively, in (d).

The figures are reprinted with permission from
Elsevier.
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stress relieved AlSi10Mg samples exhibited the highest and the lowest
fatigue resistance, respectively. Note that in that study the Al 6061-T6
presents a slightly higher yield strength than the as built LPBF
AlSi10Mg. Therefore, the reason for the better fatigue resistance of the
Al 6061-T6 samples could be the absence of large porosity. Indeed,
Hannard et al. [187] showed that initial porosity in wrought 6XXX Al
alloys was of the order of 0.1%, presenting an equivalent diameter
generally smaller than 5 ym. In contrast, the initial pores can still reach a
size of 50 um even in sound as built LPBF AlSi10Mg presenting a low
porosity of 0.13% [61]. Romano et al. [197] pointed out that pore size is
the main cause of scatter in fatigue resistance of LPBF AlSi10Mg.

(2) Effect of yield strength. Regarding the stress relieved AlSi10Mg
samples, the 300 °C heat treatment generally reduces their yield
strength but maintains the porosity level [61], therefore leading to a
lower fatigue resistance compared to the as built state [57]. Indeed, a
higher yield strength imparts a stronger fatigue resistance as local
plasticity at defects can be effectively mitigated. Baek et al. [198]
showed that the HCF life could be enhanced by a direct aging (DA) of as
built LPBF AlSi10Mg, while it was significantly reduced by a T6 treat-
ment (see Fig. 37b). The DA and T6 treatments increase and decrease the
yield strength, respectively. Tridello et al. [200] showed that the stress
relief heat treatment at 320 °C also greatly reduced the lifetime under
VHCEF, due to a twofold yield strength decrease compared to the as built
condition. It is worth mentioning that although hot isostatic pressing
(HIP) has potential on porosity reduction, no success in extending fa-
tigue life has been ever achieved on LPBF AlSi10Mg as the tried HIP
parameters lead to a significant strength drop [201].

(3) Effect of loading direction. Larrosa et al. [65] compared the fa-
tigue resistance of horizontal and vertical samples under machined and
polished states. It was found that the vertical samples presented slightly
lower fatigue life in the low to high cycle fatigue regime (lower than 10°
cycles), as shown in Fig. 37c. A much more significant effect of loading
direction was revealed by Qian et al. [199], covering a wide fatigue life
range from 10° to 10° (i.e., VHCF) cycles and showing much better fa-
tigue performance for horizontal samples (see Fig. 37d). The difference
was considered to be induced by the orientation of the pores with respect
to the loading direction, as flat lack of fusion defects are generally
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perpendicular to the building direction (see Fig. 17c¢), therefore leading
to higher stress concentrations at defects and promoting earlier fatigue
crack initiation for vertical samples. This tendency seems to be main-
tained after T6 heat treatment [65] (see Fig. 37¢) and stress relief heat
treatment [34]. Surprisingly, Piette et al. [55] showed that the vertical
samples presented longer lifetimes than the horizontal counterparts (see
Fig. 37d) in the high to very high cycle fatigue regime (10°-10° cycles).
Nadot et al. [202] also obtained slightly longer fatigue lives for the
vertical samples after T6 treatment. This abnormal behavior remained
however unexplained.

6.2. Fatigue crack initiation

Fatigue crack initiation is a critical event in fatigue lifetime of
metallic materials, especially for a high and very high cycle fatigue
regime. Regarding LPBF AlSi10Mg, fatigue crack generally initiates on
porosity (i.e., killer defect) [37,50,65,118,148]. Tang and Pistorius
[203] demonstrated that oxide could also be critical crack initiation site.

Similar to damage mechanism investigation, fracture surface obser-
vation is also routinely performed to understand the fatigue crack
initiation and propagation behaviors. Jian et al. [37] showed that the
critical pores leading to fatigue failure were located either at the sample
surface or in the sample interior, corresponding to HCF or VHCF regime,
see Fig. 38a, b. Note that a defect is considered superficial when
a/h > 0.8, where a and h denote the equivalent defect radius and the
distance between the defect center and the external sample surface,
respectively [204]. As the flat lack of fusion defects are preferentially
oriented parallel to the horizontal plane (see Fig. 17¢), the fatigue cracks
typically present gouge-like and flat origins seen on the fracture surface
for the horizontal and vertical samples, respectively (Fig. 38c, d).
Unmelted powder can eventually be observed at the fatigue crack
initiation sites [37,50,118].

Why fatigue failure preferentially starts form surface pores in low
and high cycle fatigue regimes? The driving force for the crack propa-
gation is the stress intensity factor (SIF) range when treating the killer
defects as short cracks. The SIF range depends on not only the defect size
but also the defect location. Romano et al. [118] showed that, although
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Fig. 38. Fatigue crack origins of as built LPBF AlSi10Mg samples. Surface
porosity in high cycle fatigue with N = 2.74 x 10° (a), internal porosity in very
high cycle fatigue with N = 4.48 x 10® [37] (b), typical manifestation of
fracture origin (lack of fusion defects) for horizontal (c) and vertical (d) samples
[118]. C.O. in (a) and (b) represents crack origin.

The figures are reprinted with permission from Elsevier.

the internal defects could be statistically larger, the stress intensity
factor range was however higher for the surface defects due to a lower
constraint. In contrast, the crack initiation generally occurs from inter-
nal or subsurface defects under VHCF, and the underlying mechanism is
more complicated than that of HCF failure [205]. In fact, VHCF crack
initiation is considered to be more closely related to local cyclic plastic
deformation at microstructure inhomogeneities, such as defects.
Recently, Li et al. [206] revealed a fine-granular-area (FGA) at the killer
porosity of LPBF AlSi10Mg under VHCEF for a negative stress ratio. This
indicates that grain refinement at the fatigue crack tip, a typical VHCF
phenomenon, also exists in AM Al alloys. The FGA formation can be well
explained by the numerous cyclic pressing (NCP) model proposed by
Hong et al. [205], attributing grain refinement to localized intensive
plastic deformation arising from repeated pressing between crack sur-
faces and a sufficient number of tension-compression loading cycles.
From the abovementioned analysis, it could be deduced that the statis-
tically larger internal defects would lead to more severe local plastic
deformation and therefore become preferred crack initiation sites under
VHCF. To prove this conjecture, micromechanical simulations need to
be carried out.

It should be noted that fractographic analysis not only identifies the
nature and position of the fatigue crack origin, but also provides infor-
mation on killer porosity size. This allows validating statistical models to
predict critical defect size, as will be discussed in Section 6.4. Moreover,
microstructure characterization beneath the fracture surface can also
help to elucidate crack initiation mechanisms. This is particularly
important for VHCF failure where crack initiation is the most critical
event throughout fatigue life.

6.3. Fatigue crack growth

Fatigue crack growth (FCG) rate is also an important measure of
fatigue resistance of metallic materials. Similar to the fracture tough-
ness, the FCG rate is generally characterized with samples presenting
sharp pre-cracks. Regarding the fatigue crack growth of LPBF AlSi10Mg,
previous works mainly focused on the following two aspects:

(1) Effect of loading direction with respect to the melt pool border
[55,207]. Di Giovanni et al. [207] showed that, under the as built
condition (with 67° rotation between layers as the scan strategy), the
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FCG rate was the highest when the crack plane was perpendicular to the
building direction (i.e., Z-Y AB sample in Fig. 39, AB meaning as built).
Interestingly, in the case where the crack plane was parallel to the
building direction, the FCG rate also presented a dependence on the
crack propagation direction: the fatigue crack growth rate was lower
when the propagation direction was perpendicular to the building di-
rection (i.e., Y-X AB sample in Fig. 39) compared to the parallel case (i.
e., Y-Z AB sample in Fig. 39). Moreover, for the Y-Z AB samples, the
up-down or down-up propagation does not influence the FCG rate
(Fig. 39b). The worst resistance to fatigue crack growth of the Z-Y AB
sample was proposed to be induced by easy crack propagation along the
weak HAZ zone (Fig. 39d). Similar observations have been reported by
Piette et al. [55]. The difference between the Y-X and Y-Z samples was
explained by residual stresses.

(2) Comparison between as built and post-treated states [57,207].
Post-treatments generally enhance the resistance to fatigue crack prop-
agation. A T6 treatment could lower the fatigue crack growth rate by
nearly ten times in the steady state regime [207] (see Fig. 39b). It was
proposed that the reduction of FCG rate was due to more significant
damage of the microstructure consuming more energy during the crack
propagation, compared to the as built state. Santos Macias et al. [57]
also showed a FCG rate decrease by an order of magnitude after a stress
relief heat treatment (SRHT, 300 °C for 2 h) or friction stir processing
(FSP). They proposed two possible reasons for the improvement: i)
increased plasticity induced crack closure for the SRHT and FSP; ii)
enhanced crack branching in the FSP and SRHT samples.

It is worth mentioning that initial porosity could locally arrest the
fatigue crack propagation by crack tip blunting, leading to a decrease of
stress intensity factor [53]. However, as pores are dispersed in the
sample volume, the crack front can only encounter very few pores, and
crack arrest thus presents little effect on the global fatigue crack prop-
agation process. Santos Macias et al. [57] also reached this conclusion,
showing that the FCG rate was similar for the SRHT and FSP samples,
though the latter presented a much lower porosity.

6.4. Fatigue strength and life prediction

Fatigue strength is generally regarded as the stress level corre-
sponding to the asymptotic horizontal line in the S-N curve, usually in
the HCF regime, whereas there is no real fatigue limit in the VHCF
regime [208]. To predict the fatigue strength and fatigue life, a precise
assessment of killer defects is indispensable. It should be noted that
characterization of all defects in a large sample or structure is nearly
impossible. Therefore, the probabilistic approach, performing X-ray
computed tomography on some representative witness samples and
applying statistics of extremes, becomes a popular tool to assess the
killer defect size [118].

Extreme value statistics for defect evaluation was proposed more
than 25 years ago, addressing the estimation of critical defect size for
fatigue design. This approach has been recently adopted to assess the
fatigue strength of additively manufactured metals [209]. Given that
most fatigue failures start from the sample surface, Romano et al. [118]
proposed to estimate the size of the maximum defects in an external
circular crown (gauge volume) with a fixed thickness h = a@/0.8(see
Fig. 40a), where @ represents the average experimental radius of the
killers measured in the samples. It was demonstrated that the extreme
value statistics for defects within the circular gauge volume led to
reasonable prediction, as can be seen in Fig. 40b where the crosses
represent the experimentally measured crack origin sizes and the blocks
the predicted pore sizes.

When the defect size is accurately assessed, the fatigue strength can
be effectively predicted using models dedicated to fatigue resistance
evaluation. The correlation between the defect size (i.e., Murakami’s
parameter expressed as,/area[210]) and the fatigue strength is generally
described through the so-called Kitagawa-Takahashi diagram [211].
Beretta and Romano [212] showed that the wide scatter of the fatigue
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Fig. 39. Fatigue crack growth rate for different loading and notch directions [207]. Sample designation (a), experimental da/dN vs. AK curves (b), fracture surface
morphologies of the samples with global crack plane parallel (c) and perpendicular (d) to the building direction.

The figures are reprinted with permission from Elsevier.
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Fig. 40. Extreme value statistics for porosity of LPBF AlSi10Mg [118]. Sche-
matic of gauge volume for surface defect size prediction (a), comparison be-
tween experimentally measured (crosses) and statistically predicted (blocks)
killer defect size for different samples manufactured with different process
parameters (b).

The figures are reprinted with permission from Elsevier.

properties for AM metals could be significantly reduced when the data
were correlated to the defect size at the failure origin through the
Kitagawa-Takahashi diagram.

Romano et al. [118,213] employed the Murakami-Endo [214] and
El-Haddad models [215] to relate the fatigue strength to the critical
defect size. After calibrating the model parameter with experimental
data of LPBF AlSi10Mg, the authors predicted the fatigue strength of a
bracket structure with the porosity size obtained from the extreme value
statistics performed with partial tomography scans. However, no
experimental validation of the prediction was provided. Wu et al. [34]
applied the same approach and estimated the fatigue limit of stress
relieved LPBF AlSi10Mg. They demonstrated that the prediction error
was within 10% for vertical samples, while it was over-conservative by
about 35% for horizontal samples. Schneller et al. [216] proposed a
fatigue strength prediction model that considered defect size, material
hardness and residual stresses. They proved that the model, coupled
with generalized extreme value distribution of defects, could accurately
estimate the fatigue strength of as built and post-treated LPBF AlSi10Mg
with respect to experimental measurements.

Regarding the fatigue life prediction, different approaches are used
to treat LCF/HCF and VHCF issues. For the low and high cycle fatigue
regimes, AM defects are generally treated as short cracks in order to be
able to calculate the stress intensity factor, which in turn allows fatigue
crack growth assessment. Romano et al. [118,197] employed a
NASGRO-type equation to describe the AK-da/dN relationship for as
built LPBF AlSi10Mg, accounting for a plasticity-corrected crack length
for calculating AK. The fatigue life is counted until the instantaneous
fracture condition (Kimax=Kic) is met. The authors demonstrated that
the predicted fatigue lives were very close to the experimental results,
especially when the smallest, average and largest defect sizes were
considered to assess the scatter of the data. Qian et al. [217] studied
multiple defect induced fatigue crack growth in stress relieved LPBF
AlSi10Mg. They performed the fatigue life prediction with the
NASGRO-type equation and considered the influence of crack coales-
cence. The authors finally showed that the multiple crack growth model
predicted a shorter propagation life (i.e., more conservative) than the
single crack model when multiple defects were involved, especially in
the case of large stress amplitudes. Concerning fatigue life prediction
under VHCF, very few works on LPBF AlSi10Mg can be found in liter-
ature. The fracture mechanics based approach might be inappropriate
due to the challenge of crack propagation modeling in stage I (for
example crack propagation within the FGA). However, this critical stage
can occupy more than 90% of fatigue life under VHCF [218]. Recently,
Zhang et al. [219] assessed VHCF lifetime of LPBF AlSi10Mg with a
fatigue indicator parameter (FIP), defined as either increment of cu-
mulative plastic strain or product of maximum tensile stress and elastic
strain amplitude around the killer defect (i.e., porosity). They showed
that the prediction of fatigue life with the plastic strain based FIP was in
good agreement with experimental results. This result in turn confirms
that crack initiation and early propagation are more closely related to
local plastic deformation rather than stress intensity factor for VHCF
failure, as previously stated in Section 6.2.

From the state of the art, it can be concluded that porosity and me-
chanical strength are the two predominant factors determining the fa-
tigue resistance of LPBF AlSi10Mg. To enhance the fatigue performance,
a lower porosity and a higher yield strength are required. This necessi-
tates further manufacturing process optimization, given that such
improvement seems to be hardly achieved by post-treatments (e.g.,
stress relief heat treatment, HIP, T6, friction stir processing).
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7. Modeling and simulation of plastic behavior

Modeling and simulation are efficient tools to predict or understand
mechanical response at different scales. They can help to address the
strengthening, hardening and even damage mechanisms of metallic
materials. Compared to the experimental campaign on additively man-
ufactured metals, much less efforts have been devoted to modeling and
simulation up to now. Nevertheless, there is a growing trend of per-
forming micromechanics and multi-scale modeling of LPBF AlSi10Mg in
literature, mainly focused on plastic deformation behavior.

7.1. Micromechanics modeling and simulation

As LPBF AlSi10Mg presents a complex microstructure, conventional
J plastic model may not be able to accurately predict its deformation
behavior. In contrast, micromechanics modeling takes into account
microstructure features and basic plastic deformation mechanisms, and
is therefore the ideal method for addressing the mechanical response of
LPBF AlSil0Mg [178,185,220,221].

7.1.1. Two-phase microstructure-based crystal plasticity modeling

Considering the difference of mechanical properties between the Al
cells and the Si-rich eutectic, explicit modeling of both constituents al-
lows to address their load partition and contribution to macroscopic
flow stress. Kim et al. [178] and Zhang et al. [185] adopted the following
modeling strategy: the Al cells are treated with a phenomenological
crystal plasticity model and the Si-rich eutectic is simplified as Si par-
ticles with a specific aspect ratio (see Fig. 41a). Concerning the crystal
plasticity model, the finite strain framework is generally adopted, in
which the deformation gradient is decomposed into elastic part F® and
plastic part F?
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The second Piola-Kirchhoff stress S is calculated by

S=C:E° (10$)
where C is the stiffness tensor and E° the Green strain E°= [(F%)T F°-1] /2
(I is the identity tensor).

According to the kinematics of dislocation slip, the plasticity velocity
gradient LP is related to the slip rate through

r=FF"'=)"s"omn"), an

where 7* is the slip rate of slip system « and s* and m” the slip direction
vector and slip plane normal vector, respectively.

The slip rate is determined by the resolved shear stress 7* and the
critical threshold controlling the strain hardening (i.e., current strength
of the slip system) g” as follows

- sign(7”)
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where 7, is the reference strain rate, m denotes the strain rate sensitivity
exponent, g* contains self-hardening and latent hardening components
governed by

g = ny

p
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where h* are the hardening moduli, with h*® representing the self-
hardening and h*’ (« # j) representing the latent hardening.

Different evolution models for the hardening moduli exist. Kim et al.
[178] and Zhang et al. [185] adopted the following hardening law
proposed by [222].
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Fig. 41. Modeling and simulations of microstructure incorporating a-Al grains and Si-rich eutectic by crystal plasticity [185]. Optimized representative volume
element (oRVE) (a), predicted von Mises stress distributions in Al (b) and Si (c) at the applied strain of 5.6%, comparison between measured and predicted phase
stress as a function of applied true strain (d). In (a) and (b), the Si particles are shown in black color.

The figures are reprinted with permission from Elsevier.
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where hg, a, 75,¢ andzj(i.e., initial slip resistance) are the hardening
parameters that should be determined with experimental data, ¢* is a
constant, which is usually assumed to be 1 considering isotropic hard-
ening only.

The aforementioned model allows to consider the dependence of
dislocation slip (i.e., plastic deformation) on grain orientation and can
be used to describe the deformation behavior of the Al cells. Concerning
the treatment of the Si-rich eutectic, different strategies have however
been used in different studies. Kim et al. [178] and Li et al. [182]
adopted the same constitutive model for the Al cells and the Si-rich
eutectic with different parameters. In contrast, Zhang et al. [185]
treated the Si-rich eutectic as an elastic material. It should be noted that
both treatments lack direct experimental support. Although several
stacking faults and shear steps were observed in the Si-rich eutectic of
deformed LPBF AlSi10Mg [178], to which degree the Si-rich eutectic
could plastically deform remains unclear.

Albeit the Si-rich eutectic is treated differently, after fitting the pa-
rameters with experimental data, both strategies were proved to be able
to reasonably predict the phase strain or stress. Fig. 41 shows the results
obtained with elastic Si-rich eutectic [185]. It can be noticed that the
predicted volume average phase stresses match very well with the
measurements by X-ray diffraction (see Fig. 41d). Moreover, the simu-
lations allow to assess the stress distribution within the Al matrix
(Fig. 41b) and the Si-rich eutectic (Fig. 41c), which are beyond the ca-
pacity of experimental characterization.

In fact, through parameter fitting, it is generally possible to repro-
duce experimental measurements with modeling and simulations.
Nevertheless, a physically sound model should present a good trans-
ferability, i.e., the ability to be extended to other samples built with
different LPBF parameters. In this sense, the deformation mechanism of
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the Si-rich eutectic should be further clarified to guide the micro-
mechanics modeling. This might be achieved by sophisticated TEM
characterization or by atomistic simulations (e.g., molecular dynamics),
as will be discussed in Section 8.5.

7.1.2. Homogeneous crystal plasticity modeling

The modeling strategy (i.e., explicit consideration of two phases)
mentioned in Section 7.1.1 can hardly handle the whole microstructure
due to the scale gap between the Al cell and melt pool hierarchies. In
order to consider the macroscopic deformation behavior of the material,
the microstructure needs to be treated as homogeneous. Such treatment
allows to build a RVE containing several melt pools.

A representative work on homogeneous crystal plasticity modeling
of LPBF AlSi10Mg has been conducted by Romanova et al. [221]. The
crystal plasticity model in that work adopted the small strain frame-
work, with the flow strength expressed by

¢ = +kD; " ko) £ (e,

(15)
where the first term of the right siderjdenotes the initial critical resolved
shear stress of the slip system a for pure Al, the second term represents
the grain boundary strengthening, i.e., the Hall-Petch effect with D;
denoting the diameter of the ith grain, the third term accounts for the
strengthening induced by the Si-rich network with(d)denoting the
average Al cell size and kj the fitting parameter and the fourth term
depicts the strain hardening as a function of accumulated equivalent
plastic strain

() =ai(1-exp( —ae,) ) +b (1-exp( = b2et, ) )

(16

Fig. 42. Modeling and simulation of melt pool hierarchy RVE [221]. Polycrystal model of LPBF generated by step-by-step packing method (a), crystal plasticity finite

element simulations in different loading directions (b)-(d).
The figures are reprinted with permission from Elsevier.
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where aj, ay, by and b, are fitting parameters.

The RVE model constructed by Romanova et al. [221] was achieved
using the step-by-step packing method [223]. As shown in Fig. 42a, the
model incorporates quite realistic columnar grains inside the melt pools
and equiaxed grains at the melt pool borders. Such model can be used to
study the mechanical response along different loading directions (see
Fig. 42b-d). Moreover, the simulation results allow to assess stress and
strain distributions between different melt pool zones, which are
important elements for understanding the damage and fracture behav-
iors of LPBF AlSi10Mg.

7.2. Multi-scale modeling and simulation

The trans-scale and heterogeneous microstructure features of LPBF
AlSi10Mg necessitates a multi-scale modeling framework to quantita-
tively build the link between the microstructure and the macroscopic
mechanical behavior. Such frameworks are emerging in literature. The
present review article will present two strategies recently proposed by
Zhang et al. [224] and Li et al. [182].

7.2.1. Multi-scale Kocks-Mecking modeling

Zhang et al. [224] described the constitutive relation for LPBF
AlSi10Mg with multi-scale Kocks-Mecking (K-M) models. At the
microscale, the Al cells and Si-rich eutectic were treated separately, and
the assumption of iso-strain, i.e., the plastic strain of Al cells is equal to
the macro plastic strain of the tested specimen, was adopted. Therefore,
the total stress of the material can be calculated through linear sum-
mation of phase stresses as follows

O o1l :fAJUAI +fs,'0'Si a7)

wherefandfsrepresent the volume fraction of the Al phase and Si-rich
eutectic, respectively. This composite model has been shown to provide
quite accurate predictions of macroscopic flow stress for LPBF AlSi10Mg
[44].

In the framework of K-M model, both the flow stress and plastic
deformation are related to dislocations. The flow stress in the Al phase (i.
e., Al cells) can be determined using the Taylor hardening model [225].

on = 0o+ Maub\/p (18)
whereoyis the friction stress, M the Taylor factor, a the Taylor hardening
coefficient, y the shear modulus, b the magnitude of the Burger’s vector
and p the dislocation density.

The evolution of the total dislocation density (dp/dep) in the Al cells
can be decomposed into the storage (dp*/de,) and dynamic recovery

(dp'/dep) parts
1
(5~ )

where L is the mean free path of dislocation slip and I, a material con-
stant. As L is expressed asl;/,/pwith I; being a material constant, the
above equation can be further developed into

dp _dp* dp~
de,  de, de,

(19

p)
é = ki/p—kap (20)

with two material parameters ky =M/(l1b) and ko =MI, which depend on
the material microstructure.

As the iso-strain assumption was adopted, the dislocation density
evolution can therefore be well determined with macro plastic strain.
Since both flow stress and plastic deformation are related to dislocation
density, the relationship between phase stress and plastic deformation
can finally be established by the following law initially suggested by
Voce [226] and then well interpreted by the K-M model [227].

6=0,—(0,—0;)exp[ —n.(g, — &)] 21
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whereos;denotes the saturation stress,s;ande;the true stress and strain
upon the occurrence of plastic deformation (g;can generally be consid-
ered as 0) andn.is a characteristic factor which can be related to k5 (n, =
kz/2) according to the K-M model.

With X-ray diffraction in situ tensile tests, Zhang et al. [44,224]
obtained the dislocation density evolution (Fig. 43a) and phase stress
evolutions, based on which the two material parameters k; and ko were
calibrated (Fig. 43b). It has been found that the dislocation density
evolution involves three stages: stage A, where the dislocation density in
the Al matrix increases quickly with a weak strain hardening effect;
stages B and C, where the dislocation density increases slowly but with a
more substantial strain hardening effect. This multistage strain hard-
ening behavior of the Al phase is induced by the Si-rich network which
imposes strong constraints on the dislocation motions [44]. In stage A,
most dislocations are trapped within the Al cells. The interactions be-
tween dislocations from adjacent cells are suppressed, leading to a small
forest dislocations hardening effect. With plastic strain increase, the
total dislocation density becomes higher and approaches the saturated
value. Therefore, the mutual interactions between dislocations become
stronger and lead to a dramatic strain hardening effect in stage C, with
stage B being a transition stage.

Correspondingly, two sets of k; and ky are needed to fit the dislo-
cation density evolution, as shown in Fig. 43b. Moreover, due to the
constraint effect of the Si-rich network on dislocation interaction, the n,
parameter significantly deviates from ky/2 in stage A when fitting the Al
phase stress with the Voce hardening law, as can be noticed in Fig. 43c.

Concerning the Si phase at the microscale, the authors proposed that
the high stress in this stiff constituent was due to stored dislocation at
the Al/Si interface, leading to stress concentration. The evolutionary
average stress in the Si-rich eutectic is therefore assumed to be domi-
nated by the dislocation density in the Al cells, which is further related
to the plastic deformation of the Al matrix. Zhang et al. [224] showed
that the stress of Si-rich eutectic could also be well predicted by the Voce
law, see Fig. 43d. The Voce model therefore links the evolutionary stress
of the Si-rich eutectic with the plastic deformation of the Al matrix.

At the macroscale, AlSi1OMg is treated as homogeneous. The
macroscale K-M models are also developed based on the scaled dislo-
cation density P, which is defined by the integral equality

P/dV:p/ dv
v Var

where Vis a defined volume of the alloy, and Vy; is the Al volume within
V. Therefore, P = pVa/V= pfal.
Then, the macroscale K-M model can be defined as

(22)

dp

= KVP—K,P (23)

where K7 and K are material constants accounting for the scaled
dislocation storage and annihilation processes.

Correspondingly, the macroscale Voce hardening law can be defined
as

Z=3—(Z,—Zy)exp(—N.5,) 24
where the macroscopic stress X equals the applied true stress, X the
macroscale saturation stress, Xy the macroscale yield strength, N, the
macroscale characteristic factor, and =, the macroscale plastic strain.

It is found that evolution of the scaled dislocation density can be well
predicted by the macroscale K-M model (Fig. 43e), and the relation
between the macroscopic stress and plastic strain can be well captured
by the macroscale Voce model (Fig. 43 f). However, due to the fact that
the macroscopic behavior is influenced by both the Al cells and the Si-
rich eutectic, N, is different from either ky/2 or Ky/2.

From the aforementioned results, it can be concluded that the K-M
model cannot fully describe the plastic deformation behavior of LPBF
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oY

model is multiplication, annihilation and interaction of statistically
stored dislocations. Therefore, the effects of precipitation hardening,
solid solution hardening and eventually GND hardening are not
considered in the K-M model. Nevertheless, these mechanisms might
also significantly contribute to macroscopic hardening, leading to the
deviation of n. from ky/2 in the stages A and B.

7.2.2. Microstructure-based multi-scale modeling and homogenization

Recently, Li et al. [182] proposed a microstructure-based multi-scale
modeling framework, which accounts for the trans-scale, hierarchical
and heterogeneous microstructure of LPBF AlSi10Mg. Two homogeni-
zation treatments were conducted to bridge the scale gaps, allowing to
assess the macroscopic behavior of the material. This framework can be
considered the most advanced and complete modeling strategy for
handling the plastic deformation behavior of AM Al alloys, in particular
the strength anisotropy, in the current state of the art. The modeling
flowchart is illustrated in Fig. 44.

At the microscale, a multi-phase crystal plasticity model was
employed considering both the Al cells and the Si-rich network as
elastoplastic materials, similarly to the treatment by Kim et al. [178].
The crystal plasticity model is the same as presented in Section 7.1.1,
except for the hardening moduli evolution part. The authors adopted the
model proposed by Peirce et al. [228], where the self-hardening
component reads
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haa = hosech? (25)

— | | no sum over a
—

sat 0

where hy is the initial hardening modulus, rjthe initial critical resolved
shear stress of the slip systema,zs,the saturated flow stress andythe sum
of the shear strains on all slip systems at the current instant. The latent
hardening component is given by

huﬁ = qhuq ((X # ;B) (26)
where q is a constant with a range of 1.0-1.4 and was taken as 1.0 for
isotropic hardening by Li et al. [182]. The involved model parameters
(ho,7§andr,,) were calibrated with the micropillar compression tests
(see Fig. 44). The calibrated model was shown to successfully predict the
mechanical behavior for different structure finenesses (i.e., FMP and
CMP) and different loading directions (i.e., horizontal and vertical
specimens). The microscale experiments and simulations suggest that
the anisotropic flow behavior of LPBF AlSi10Mg is mainly induced by
the orientation of the Si-rich network rather than the grain orientations
[182].

In order to reduce the computational cost of simulations at the
mesoscale (i.e., melt pool hierarchy), the collective behavior of the Al
cells and Si-rich network was described by a computational homogeni-
zation scheme that was based on the same crystal plasticity model as for

the microscale while using different material parametershi™,zho™

hom
andz.y
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The figures are reproduced with permission from Elsevier.
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where hg,5,75,, k and b are materials constants, and ¢ the angle between
the long axis of the Si-rich network and the maximum principal stress
direction, which is in the range of [0,7/2]. The coefficient 2k6/z +b was
introduced to capture the effect of the Si network orientation, as the
yield strength and ultimate tensile strength of horizontal, diagonal and
vertical specimens exhibited approximately a linear dependence on 6 in
macroscopic uniaxial tensile tests. The term 2 /7 was used to normalize ¢
to be in the range of [0,1], and k and b were used to enforce the linear

hom
sat

27)
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relation. Therefore, the introduction of 2k/z +b allows to account for
the Si-rich network orientation induced anisotropy.

The five parameters (hg,7j,75,, k and b) were calibrated with 3D RVE
simulations using the microscale crystal plasticity model (see Fig. 44). It
should be noted that when homogenizing the microstructure, the col-
lective behavior depends on the size and volume fraction of the Si-rich
eutectic. These two features were related to the Al cell size. To take
this information into account, two sets of parameters were first ob-
tained, corresponding to the Al cell sizes of 0.5 um (FMP) and 1 pm
(CMP), respectively. Then, linear interpolation and extrapolation were
used for other Al cell sizes. In particular, the HAZ was considered to
present globular Si particles, which do not involve characteristic
orientation. Therefore, the collective behavior of the HAZ structure was
described by an isotropic crystal plasticity model without2k6/z + b.

After achieving the homogenized models and corresponding material
parameters, the mechanical behaviors of polycrystals in the FMP, CMP
and HAZ were assessed with polycrystalline RVEs (see Fig. 44). To
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account for the Al cell size variation among grains, a normal distribution
of cell diameter was first obtained and then random values of cell di-
ameters generated by the normal distribution were assigned to the RVE
grains. As for the HAZ region, identical Si particle distribution in each
grain was assumed. The model and corresponding simulation results are
shown in Fig. 45a and b. It can be observed that the proposed homog-
enized model can capture the anisotropic nature of the FMP and CMP
zones, due to the introduction of2k6/z + b. The distinction between
FMP and CMP is achieved using different normal distribution parame-
ters for the Al cell size.

At the macroscale, to investigate the collective behavior of the bulk
microstructure, Li et al. [182] constructed a RVE model incorporating
several layers of melt pools composed of the FMP, CMP and HAZ regions
(Fig. 44). A piecewise linear interpolation of the simulation results of
different regions presented in Fig. 45b was used as material property
input for both horizontal and vertical RVE models. The multilayered
RVE model and corresponding simulation results are shown in Fig. 45¢
and d. The simulations can predict the mechanical response of the bulk
microstructure well in different loading directions, especially in terms of
tensile strength.

This multi-scale modeling scheme successfully bridges different
structure scales and allows to assess the macroscopic behavior. It can be
regarded as the most advanced modeling strategy for LPBF AlSi10Mg so
far. Although it is not explicitly addressed in the study, the microscale
crystal plasticity finite element simulations allow to evaluate the phase
stresses in both horizontal and vertical specimens and consequently help
to understand the anisotropic damage behavior, which, according to
Song et al. [171], originates from dependence of phase load partition on
loading direction.

Nevertheless, the following points still have to be improved to
generalize this multi-scale scheme: (i) the HAZ structure needs to be
more accurately modeled, treating the Si-rich eutectic as globular par-
ticles might be far from the real structure revealed by 3D characteriza-
tion (see Fig. 10); (ii) when homogenizing two phases, some important
information, such as Si-rich network size and connectivity, shall be

(a)

—
o
=

pm

Heat affected
zone
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introduced; if one can introduce size and connectivity coefficients to
distinguish FMP, CMP and HAZ, then only one set of parameters need to
be calibrated for all zones; (iii) the transition from polycrystal RVE to
multilayered RVE shall be performed using more sophisticated homog-
enization method rather than linear interpolation.

8. Remaining issues and outlook for further work

The present review has combed the state of the art on as built LPBF
AlSi10Mg on different aspects such as microstructure, strength, damage,
ductility, fracture toughness, fatigue resistance and modeling and sim-
ulations. Learning from the previous works, we propose that the
following points deserve further investigations, in order to draw a more
complete roadmap from process strategy to microstructure and then to
mechanical performance of LPBF Al alloys.

8.1. Process strategy-microstructure mapping

The correlation between process strategy and microstructure has not
been fully established. Although previous works have achieved basic
causal relationship separately describing the influences of laser param-
eters, scan strategy and build platform temperature on microstructure
morphology and size, precise control of microstructure still remains
challenging. For example, the process window leading to nanosized
particles within Al cells is not identified yet. Note that the nanosized
particles can significantly strengthen the a-Al phase (see Table 3) and
hence influence the load partition between phases, which in turn pro-
motes or delays damage initiation. In this sense, more attention needs to
be paid to solid state thermal cycling after rapid solidification, which
can play a vital role in the precipitation phenomenon for additive
manufactured metals [229].

Given the remarkable influence of build platform temperature, it will
be important to investigate this factor jointly with laser parameters in
the future. Mechanistic model and newly emerged machine learning
approach, accompanied with high throughput experiments, can be
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38



L. Zhao et al.

applied to tackle the issue of identifying an optimized process window
(see Fig. 46), as already tried in some previous works [68,230,231],
presenting great potential to shape the future of metal additive
manufacturing [59]. The ultimate goal of process optimization is to
achieve dense and mechanically sound LPBF parts.

8.2. Microstructure descriptor

Unlike conventional cast or wrought Al alloys, LPBF AlSi10Mg pre-
sents a more complex microstructure, as reflected by its trans-scale,
hierarchical and heterogeneous features. It is commonly desired to
define a microstructure descriptor that can be directly linked to me-
chanical strength. The microstructure of conventional Al alloys is
generally described by the morphology and dimension of grains, pre-
cipitates and secondary phase. However, it is quite challenging to shape
a microstructure descriptor for LPBF AlSi10Mg, given the aforemen-
tioned features.

Recently, Liu et al. [68] innovatively defined dimensional-scale
index Iy and shape index I based on the principal component analysis
(PCA) to describe the size and morphology of the Si-rich eutectic in the
FMP zone (Fig. 47a and b). The index I involves the structure size (area,
major axis length and perimeter) and shape fullness (i.e., roundness and
convexity). A higher I indicates larger Al cells which on average contain
more convex hull structures. The index I involves the shape (i.e., aspect
ratio and eccentricity) and boundary details (i.e., tortuosity). A higher I
indicates a slimmer cell structure with a smoother boundary. Further-
more, I4 is significantly more influential than I, Through variable
regression analysis, the authors have shown that though single Iy, Iy and
grain size cannot fully explain the large differences of strength for
different microstructures, the combination of the three does a much
better job.

Regarding the description of HAZ, it is unclear whether the afore-
mentioned dimensional-scale index and shape index still work or not,
given the degraded Si-rich eutectic connectivity. Moreover, how to
quantify the connectivity of the Si-rich network remains an issue. The
common treatment is to define the connectivity as the volume fraction of
the largest object of one phase with respect to the total volume fraction
of that phase in the analyzed volume [26,47]. However, one can obtain
the same value for a fully interconnected network and a network with
many broken branches. Evidently, local branch breakage will impact the
load transfer and consequently influence the mechanical strength. In
previous investigations, researchers usually tended to consider the
Si-rich eutectic in the HAZ as fully globular particles [45,182]. However,
this may not be accurate, as the 3D visualization of HAZ suggests that the
Si-rich eutectic presents a branched morphology instead of being fully
globular (see Fig. 10).

8.3. Stress partition in different zones
The evolutions of average phase stresses of Al cells and Si-rich

eutectic as a function of macroscopic strain have been revealed by
Kim et al. [71] and Zhang et al. [44]. These experimental data allow to
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understand the contribution of each phase to macroscopic flow stress
and can also serve as support for constitutive model parameter cali-
bration [178,224]. However, as LPBF AlSi10Mg contains a heteroge-
neous microstructure, the load partition between Al cells and Si-rich
eutectic in FMP, CMP and HAZ (Al cell hierarchy) and load partition
between FMP, CMP and HAZ regions (melt pool hierarchy) are still to be
unraveled. It is widely recognized that the CMP and HAZ are weaker
zones in the microstructure. The load partition between different regions
is expected to vary as a function of loading direction. Characterization of
load partition at these two microstructure hierarchies will be important
to understand the anisotropic strength and damage behaviors.

The CMP and HAZ are quite small, direct measurements of stress at
such a low scale are quite challenging. When the mechanical properties
of FMP, CMP and HAZ have been acquired by micromechanical testing,
as done by Li et al. [182], the load partition between different regions
can be indirectly achieved by strain measurement, for example through
digital image correlation (DIC). High-resolution DIC based on nanosized
speckle pattern has been well developed and employed to investigate
local deformation behaviors of metals [232-235]. In particular, the cool,
dry speckle pattern deposition strategy recently proposed by Shafqat
and Hoefnagels [234] would be appropriate for as built LPBF AlSi10Mg,
which is sensible to high temperature. As shown in Fig. 48a, the specific
nanoparticle deposition setup is made of readily available
non-specialized parts, and the patterning process does not require
exposure to chemicals, physical contact or vacuum. Moreover, the
patterning is carried out at nearly room temperature (around 37 °C). An
example of 50 nm silica nanoparticle deposition on polished steel is
shown in Fig. 48b, c. Such speckle pattern could allow to assess the local
deformation field, even inside the melt pool border.

One should also be aware of the effect of strain gradient, which
promotes additional hardening effect. It is noteworthy that Song et al.
[171] revealed quite strong strain gradient at the melt pool border of
vertical specimens. It is therefore necessary to assess the contribution of
strain gradient to flow stress via numerical simulation, as will be dis-
cussed in Section 8.5.

8.4. Damage evolution and competition

From the review of previous studies, it can be seen that the most
debatable issue for mechanical behavior of LPBF AlSi10Mg is the dam-
age mechanism. Most researchers proposed that damage will be
confined at the melt pool border due to strain localization. This view-
point coincides with the presence of melt pool traces on fracture surface
[45,47,49,113,150,180]. However, with careful characterization on
sound (i.e., low initial porosity) sample, some recent works showed that
damage can be randomly dispersed in the microstructure, even for
vertical specimens [47,171]. Moreover, although the crack propagates
more frequently along melt pool borders of vertical specimens, the
fracture strain is found to be very close between horizontal and vertical
specimens [47,171]. In this sense, the damage initiation and evolution in
the FMP, CMP and HAZ regions as well as their competition deserve
further investigations to fully understand the damage mechanisms of
LPBF AlSil10Mg.

It is noteworthy that Zhao et al. [27] have demonstrated that a low
initial porosity does not significantly influence the ductility. Then, what
are the critical porosity size and density with which damage and fracture
process will be greatly accelerated? Will the critical size and density be
dependent on mechanical strength and therefore be different for distinct
melt pool zones (between FMP, CMP and HAZ)? These questions should
be properly addressed in future studies to guide the tolerance design of
porosity in printed parts.

8.5. Modeling and simulation

Modeling and simulation are emerging research branches on me-
chanical behavior of LPBF metals. To capture the underlying
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The figures are reprinted with permission from Elsevier.
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microstructure features controlling the macroscopic flow stress, multi-
scale modeling scheme has already been attempted for AlSil10Mg
[182,224]. It is worth mentioning that such modeling framework is a
good fit for the trans-scale and heterogeneous microstructural features

40

of LPBF AlSi10Mg, as presented in Fig. 49.

However, modeling and simulation are only at an incipient devel-
opment stage and several issues still need to be tackled to validate the
reliability of pre-existing models and to guide further model
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developments, such as:

(1) Mechanical behavior of Si-rich eutectic: It is necessary to clarify
whether the Si-rich eutectic yields or not under external loading. This
point is particularly important as it will influence the Si-eutectic stress
level which in turn determines damage initiation of the microstructure.
Molecular dynamics simulations can be employed to address this issue
(Fig. 49), accompanied with more detailed TEM characterization.

(2) Geometric model of HAZ structure: HAZ modeling should
consider more accurately the Si-rich eutectic morphology, which is far
from globular according to the 3D characterization (Fig. 10). An accu-
rate geometric model is the base for reliable load partition analysis.

(3) Interaction between Si-rich network and dislocations: Dislocation
motion is constrained within the Al cells by the Si-rich network (either
highly interconnected or degraded). The shape of the Si-rich network
therefore greatly influences dislocation evolution and consequently
strain hardening. Considering that the network morphology has been
accurately characterized in the FMP, CMP and HAZ [26], the interaction
between Si-rich network and dislocations can be investigated by discrete
dislocation dynamics simulations (Fig. 49). Results of such simulations
can be used for parameter calibration of the crystal plasticity models.

(4) Contribution of strain gradient (GNDs) to the flow stress of a-Al
and melt pool border: The strain gradient effect will impact the load
partition between phases and regions. Experimental characterization
has already confirmed the presence of strain gradient at both the Al cell
and melt pool hierarchies; it is hence important to take into account the
strain gradient hardening in modeling, using for example the
mechanism-based strain gradient crystal plasticity theory [236,237] or
conventional theory of mechanism-based strain gradient plasticity
[238].

(5) Homogenization of lower scale response: The treatments of ho-
mogenization in previous works are still quite approximative. For
example, when homogenizing the Al cells and the Si-rich eutectic, the
important microstructure information, i.e., the Si-rich network size was
lost in the upscale treatment in [182]. Moreover, the mesoscale to
macroscale transition was only based on data interpolation. In the
future, more sophisticated homogenization methods [239] shall be
applied to bridge different structure scales.

Previous modeling and simulation mainly focused on the plastic
deformation. In the future, efforts should also be dedicated to develop a
damage evolution model to describe damage competition between the
FMP, CMP and HAZ regions. Traditional damage models for ductile
materials can be tried, such as GTN [240-242] and Lemaitre [243]
models; model parameters might vary for different regions given the
microstructural heterogeneity. Moreover, micromechanical modeling
based on RVE can also be employed explicitly considering the real Al
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cells and Si-rich eutectic. Then the multi-scale damage models can be
constructed using the homogenization approach. The ultimate goal is to
establish an integrated model incorporating both plastic deformation
and damage evolution.

After acquiring the multi-scale plasticity and damage models, para-
metric studies can be performed to seek an optimized microstructure
imparting both high strength and ductility. For example, to improve the
ductility, an efficient way might be increasing the strength and hard-
ening ability of the Al phase, which will mitigate the load bearing of the
Si network, delaying damage initiation. Xiao et al. [244] showed that
incorporation of nano-TiBj particles could slightly enhance the strength
while significantly increase the ductility of LPBF AlSi10Mg.

9. Conclusions

In the present review, the state of the art on knowledge of micro-
structure and mechanical behavior of as built LPBF AlSi10Mg has been
thoroughly presented and discussed. Summarizing previous works, the
following conclusions can be drawn:

(1) With the application of advanced characterization techniques,
microstructural features of LPBF AlISil0Mg have been described
comprehensively. Moreover, basic qualitative correlation between pro-
cess strategy and microstructural characteristics has been established.

(2) Initial porosity cannot be completely eliminated due to the
complex laser powder interdependency dynamics. However, porosity
can already be reduced to a low level with parameter optimization. Even
using machine manufacturer recommended parameters, very high
density of as built parts can be achieved.

(3) Dependence of yield strength, strain hardening, damage and
fracture resistance on microstructure morphology and fineness has been
clarified. Anisotropic strength seems to be induced by the elongated
cellular Si-rich network, while anisotropic fracture toughness mainly
originates from the melt pool arrangement. Low initial porosity appears
to present a very limited influence on strength and ductility.

(4) Fatigue failure generally initiates from surface defects and in-
ternal defects (i.e., porosity or oxide) in the low to high cycle fatigue and
very high cycle fatigue regimes, respectively. As built material presents a
higher fatigue resistance compared to post-treated counterparts
involving a similar porosity level but lower mechanical strength. Ver-
tical samples generally present a lower fatigue strength due to the
detrimental orientation of lack of fusion defects.

(5) A multi-scale modeling scheme addressing plastic deformation
has been proposed. Such modeling strategy is appropriate and necessary
to depict the mechanical behavior of the trans-scale, hierarchical and
heterogeneous microstructure of LPBF AlSi10Mg.

On the other hand, the following aspects still deserve further inves-
tigation in the future to fully establish the process-microstructure-
performance relation and to explore the great potential of LPBF Al
alloys:

(1) Accurate manufacturing strategy-microstructure mapping: Pre-
vious works mainly focused on the influence of process strategy on the
Al cells and melt pools; little attention has been paid to solid solution
and nanosized particles. Note that the Al matrix strength would alter
load partition between phases and therefore influence strength and
damage behavior.

(2) Unified microstructure description: Unified microstructure de-
scriptors allow to quantify the microstructural features. They can be
used for strength prediction with either theoretical or numerical models.
How to describe the microstructure throughout the melt pool with one
or a few parameters still seems challenging.

(3) Load partition between heterogeneous zones: Previous experi-
mental works have attempted to address load partition between the Si-
rich eutectic and Al cells. However, how the stress field is distributed in
different regions (i.e., FMP, CMP and HAZ) is still unknown.

(4) Damage evolution and competition between heterogeneous
zones: Damage evolution is highly dependent on microstructure.
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Previous works have primarily clarified damage evolution in the FMP or
CMP. Nevertheless, synergetic developments of damage evolution and
stress redistribution in different regions are still open scientific
endeavors.

(5) Multi-scale modeling and simulation: Investigations via modeling
and simulation are emerging. The multi-scale strategy is believed to be
the appropriate methodology to assess strength, hardening and damage
behavior of a complex microstructure such as that of LPBF AlSi10Mg.
More efforts are needed to improve modeling of plastic deformation and
to initiate modeling of damage evolution.

It is worth pointing out that the aforementioned issues are related to
not only LPBF AlSi10Mg, but also to other additively manufactured
metals, given the common inherent trans-scale, hierarchical and het-
erogeneous features of the AM induced microstructure. In this sense, the
gained knowledge and the modeling scheme are expected to be trans-
ferred directly to developed or emerging AM metals, in particular AM Al
alloys.
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