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Abstract

Ductile damage process of a martensitic stainless steel with 15 vol.% of residual
ferrite and two populations of carbide particles is investigated using a com-
bined multiscale experimental and modelling approach. Whereas Nb-rich car-
bides contribute to grain refinement, coarser Cr-rich carbides are preferential
damage nucleation sites. Three different heat treatments are applied to par-
tially dissolve Cr-carbide particles while keeping the same ratio of ferrite versus
martensite volume fraction. Surprisingly, ductility decreases with decreasing
volume fraction of Cr-carbides. Nanoindentation mapping indicates that the
strength contrast between ferrite and martensite increases with carbide disso-
lution. According to finite element simulations of strain partitioning inside the
two phase microstructure, the stress triaxiality in ferrite increases with the me-
chanical strength contrast. This promotes void nucleation and growth, reducing

the fracture strain.
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1. Introduction

The automotive industry faces increasingly severe constraints on gas emis-
sion, weight and safety of car vehicles. Aside from evolution in propelling tech-
nology, significant margin of progress is still open regarding the weight reduction
of chassis through an increase of strength and toughness of the structural compo-
nents. Such enhancements should be achieved while minimizing the processing
cost and the environmental impact. High strength steels remain a key solution
as proven by the progress made over the last decade regarding the mechanical
performances of new generations of steels, which gives much hope for future im-
provements [1], [2], [3]. Among these, Martensitic Stainless Steels (MSS) exhibit
excellent combination of mechanical properties and corrosion resistance [4}, 5] [6].

MSS are Fe-Cr-C alloys heat-treated in the austenitic temperature range
and then quenched to form martensite. This relatively straightforward process
produces microstructures with a large fraction of martensite, residual ferrite and
secondary precipitation carbides. A key element in the strengthening strategies
is the control of the carbide precipitation. Small addition of strong MC-type
carbide forming elements like Nb or Ti is beneficial, contributing to both grain
refinement and precipitation strengthening [7],[8], [2],[0]. On the other hand,
the presence of coarse Ma3Cg (M=Cr,Fe) carbides is detrimental for corrosion
resistance, mechanical properties and weldability. The volume fraction of coarse
carbides should hence be minimized by optimizing the heat treatment conditions
[10, 11, 12, M3]. In addition, residual ferrite, which is the result of a slow
austenization kinetic [I4] [15] [16] [I'7, [I8], can reach volume fractions as high
as 20 vol.%. This has a significant influence on the final mechanical properties.
The structure of MSS with residual ferrite resembles the one of Dual-Phase (DP)
steels, about which there is substantial ongoing research [19] 20} 2T, 22} 23] 24],
which is likely to apply also to MSS. Recent studies on DP steels have for
instance unravelled the impact of martensite volume fraction (V,), martensite
carbon content (C,/) and grain size on the plastic behaviour, see e.g. Delince

et al. [25], Pierman et al. [26].
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Heterogeneities in the DP steels microstructure generate inhomogeneous dis-
tribution of stress and strain during plastic deformation. Recently, Kang et al.
[27] mapped the strain partitioning at the grain scale with pu-DIC (Digital Image
Correlation). They found that tempering of martensite changes the distribu-
tion of strain across the dual-phase microstructure and this, in turn, influences
damage accumulation, ductility and tensile strength. Damage depends also on
the ratio of martensite and ferrite [28 29]. Lai et al. [30] characterized damage
evolution in DP steels as a function of martensite content. At low V., interface
decohesion between martensite islands and ferrite matrix is the dominant mech-
anism of damage initiation. On the contrary, if the martensite volume fraction
(Vo) is increased, martensite cracking is found to be the main origin of damage.

In addition, the presence of coarse carbides can significantly affect damage
evolution. These precipitates, which often show low coherency with the sur-
rounding matrix, are favourable sites for damage nucleation in steel [31], 32} [33]
34]. Thus, fracture strain can be increased by changing the particle distribution,
i.e. reducing their size and/or volume fraction and increasing the interparticle
distance [3I], which is the trend followed by all ductile metals [35].

The damage initiation in a ferrite-martensite DP structure was recently mod-
elled by de Geus et al. [36,37] who found that increasing the mechanical strength
contrast significantly promotes damage initiation in DP steel. Phase topology
is relevant too: for instance, a small region of ferrite enclosed by islands of hard
martensite is a preferential damage initiation site due to local rise of plastic
strain and stress triaxiality. Yerra et al. [38] who studied damage nucleation
by interface debonding in a duplex ferrite-austenite microstructure found stress
triaxiality to be the main parameter controlling the nucleation, growth and
coalescence of voids. All the studies cited above are of prime importance for
the development of new families of DP steels in which ferrite is almost always
the dominant phase. However, much less is known about DP steels with high
fraction of martensite (Vo > 80 vol.%), which is of practical relevance for the
development of low-carbon MSS.

The present paper describes a combined experimental /modelling investiga-
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tion of the plastic strain distribution and damage mechanisms occurring in a
newly developed Nb-modified MSS for structural automotive applications. The
key question motivating this work is the observation of a significant reduction
of the fracture strain after different heat treatments during which the coarse
Cr-rich carbides are partially dissolved, although those particles are thought to
be preferred nucleation sites for ductile damage. The objective of the paper is
to propose a physics based micromechanical analysis, rooted on experimental
evidences, to explain this unexpected trend. More importantly, contributing
to a better understanding and description of the microstructure-property rela-
tionship for this class of martensitic stainless steel should enable the design of

microstructure with enhanced mechanical properties.

2. Experimental methods

A modified AISI 410 martensitic stainless steel was continuously cast, hot
rolled and cold rolled to 1.5 mm thick plates by Aperam Stainless Steel Europe.
The chemical composition is reported in Tab.

Figure [1] shows the as-received microstructure. The steel presents a fully
ferritic structure with a mean grain size of 9um. 1.5 vol.% of Ma3Cg (M=Fe,Cr)
and 0.12 vol.% NbC carbides are dispersed in the matrix phase with My3Cq
aligned along the rolling direction (RD).

Computational thermodynamics calculations of carbides volume fraction
with the TCFE6 database of Thermo-Calc [39] software program are in very
good agreement with experimental results, suggesting that the as-received ma-
terials is at thermodynamic equilibrium. During austenization, My3Cg particles
partially dissolves in the surrounding matrix. On the contrary, due to their
higher thermodynamic stability, NbC are not affected by the heat treatment.

Samples were heat treated at 875°C, 900°C and 975°C for 60, 15 and 5
minutes respectively to transform the ferrite to austenite and partially dissolve
the My3Cg particles. These samples were then air-quenched to room tempera-

ture at a rate of about 10°C/s. Next, heat treated samples were prepared for
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standard microstructure characterization. Each sample was first mechanically
ground with SiC papers, then polished down to 1 pm diamond paste followed
by a final polishing with a 0.03 gm OPS-A suspension for 30 minutes.

Samples for microstructure characterization were etched with Behara reagent
(0.28 g Potassium disulphite, K2S205, 20ml HC1 37%, 100ml distilled HyO) for
8 seconds at room temperature and with a modified Murakami’s reagent (al-
kaline KMnO,4 at 60°C for 5 minutes). The latter etching technique is known
to selectively colour Ma3Cg carbides [40] [4T] [42], which allows quantitative and
reproducible characterizations of these particles with standard metallographic
techniques. Next, the microstructure was characterized with light optical mi-
croscopy (LOM) and scanning electron microscopy (SEM) using both back-
scattered (BSE) and secondary electrons (SE). Analysis with energy dispersive
x-ray diffraction (EDX) in the SEM confirms that etched particles consist of Cr-
rich Ms3Cg carbides. Finally, quantitative image analysis was carried out using
the open-source ImagelJ software [43] to measure carbides volume fraction and
the parameter y=R/L, defined as the ratio between the mean particles radius,
R, and the mean distance between closest neighbour particles, L [44].

Uniaxial tensile tests were performed at a strain rate of 0.1 mm/s on sub-
sized ASTM-ES8 samples prepared by electric discharge machining (EDM). The
cross-section dimensions are 12.5 mm x 1.5 mm with a total gauge length of 50
mm. Bending tests were performed on 60 mm x 60 mm x 1.5 mm square samples
at a strain rate of 0.1 mm/s. A total of 30 samples (10 for each heat treatment)
were machined from different regions of the master plate in order to have a
good statistical representation of the average properties. Mechanical tests were
performed along the rolling direction (RD) of the sheet. In bending, the bending
line was aligned perpendicular to RD, therefore producing the main tensile
(and compressive) stresses along RD. Bending tests, which better represent
the real loading conditions during crash tests, were performed following the
"Verband Der Automobilindustrie” (VDA) 238-100 test specification for steel
sheet. The damage process was analysed along the longitudinal section and at

different distances from the fracture surfaces of post-mortem uniaxial tensile
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test samples, which were sectioned at mid-width with a micro cutting machine
as schematically shown in Fig. [5| Damages were evaluated on SEM micrographs
of unetched specimens by quantitative measurements of void area fraction, void
density, void aspect ration and average void size.

Nanoindentation was performed on unstrained samples with a three sided
diamond pyramidal tip (E;=1141 GPa, v;=0.07) with an apex angle of 90° using
continuous stiffness measurement (CSM) mode. Hardness was probed within
individual grains, from which mechanical properties at the macroscale can be
discerned [45, 46}, [47]. Before nanoindentation, a rectangular area of 50um
x 22.5pum was observed with SEM backscatter electrons in order to identify
the phases topology. Then the same area was probed with a matrix of 20 x
10 indentations with an average spacing between indents of Jx=Jdy=2.5um to
ensure no overlapping of plastically deformed imprints. The hardness (H!"%¢) at
100 nm indentation depth was calculated with the method proposed by Oliver
and Pharr [48] and taking into account the effect of material pile-up. Knowing
the true Young modulus (Ef"“¢= 195 GPa) and the Poisson ratio (v=0.3) the
reduced true modulus EX“¢ can be calculated with the Sneddon relationship:

1 1—v?  1—0?
Eﬁ'rue = Et'rue + E‘Z (1)

The reduced modulus is also equal to:

true __ ]"/TS

T _52\/2

where S is the measured contact stiffness, f=1 and A = f(h.) is the contact

(2)

area derived from preliminary tip calibration function. Equations [1| and [2| can
be combined with the definition of hardness, H = P/A (with P equal to the
measured load), to get rid of the contact area and find the true value of hardness

(H'™) which cancels out the effect of material pile-up:

true __ P 2 \/Z 2

P 4p?

— S2 T(Ewtrue)Z (3)

T
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3. Results

3.1. Microstructures after heat treatment

Figure (a—c) shows the sample’s microstructure after heat treatments at
875°C (Fig. [2p), 900°C (Fig. [2b) and 975°C (Fig. [2k). These produce mi-
crostructure consisting of 85vol % martensite and 15vol % of ferrite, while
chromium carbides initially present in the microstructure are increasingly dis-
solved at higher temperatures. Table [2| provides the volume fraction, mean
size and the parameter y of the residual My3Cg carbides after the three heat
treatments. When the austenization temperature is increased above the carbide
solvus temperature of 868°C, the volume fraction, mean size and parameter x

of carbides all decrease.

3.2. Mechanical tests

Figure[3|shows the results of the bending and uniaxial tensile tests performed
after the three heat treatment conditions. The two loading mode lead to the
same trend. Increasing the heat treatment temperature slightly increases the
strength while the uniform elongation (Fig. Bb) and the bending angle at max-
imum load (Fig. Bp) are reduced. Figure [4] shows the fracture strain, measured
on post-mortem fracture surfaces and the bending angle at crack initiation as a
function of y. Ductility decreases for higher austenization temperatures. This
indicates that higher ductility can be achieved even though the particles are
coarser and more closely spaced. This contradicts expectations, as discussed in
the introduction. Table |3| summarises the mechanical properties measured by
tensile and bending tests after the three different heat treatments. The effect is
significant, with a reduction of ductility by more than 10% in the microstructure

containing the lowest volume fraction of My3Cg.

3.3. Damage characterization

Damage nucleates and grows at primary and secondary population of car-

bides, through either carbide interface debonding or particle cleavage. While
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the former is certainly more commonly observed, the latter mechanism is also
present. At low strain, damage preferentially nucleates at coarse Mo3Cg par-
ticles: Fig. [f] shows partial decohesion between a Ms3Cg carbide and the sur-
rounding ferrite matrix. At high strain, damage nucleates at both Ms3Cg and
nano-sized NbC carbides. The latter nucleation process is only observed in the
close proximity of the fracture surfaces and is believed to trigger the final void
coalescence process.

Figure [7] shows the void area fraction variation with deformation in uniaxial
tension specimens. While the initial porosity is equal to 0.02 area % and simi-
lar for the three austenization conditions, the damage evolution is substantially
different. The void area fraction at a true strain of €., = 0.6 is three times
larger for samples heat treated at 975°C. To further analyse the damage evolu-
tion, voids were divided in two classes of size. Voids smaller than 100 nm were
considered as newly nucleated voids, while larger voids were treated as growing
voids. The area fraction evolution for the two void populations is shown in
Fig. [} Large voids make up most of the void area fraction for all three heat
treatments. The void density can be separated on the same basis as shown in
Figs. and [8p. The density of both small and large voids increases with strain,
which indicates a continuous void nucleation process on the carbides. The den-
sity of nano-sized voids suddenly increases above €., = 0.4. This corresponds
to nucleation events occurring at NbC particles, which eventually promotes the
final void coalescence process. This increment in density and volume fraction
of nano-sized voids is mainly observed after the 975°C heat treatment. Next,
the voids aspect ratio evolution shown in Fig. [Op indicates a strong elongation
along the tensile direction for the largest voids. On the other hand, the aspect

ratio of voids below 100 nm (Fig. Eh) remains constant throughout deformation.

8.4. Fracture morphology

Uniaxial tension specimens exhibit a slant fracture profile, typical of high
strength steel sheets. The analysis of fracture surfaces confirms a fully ductile

process. It displays two populations of dimples, which can be related to nucle-
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ation at the My3Cg and NbC carbides respectively. Figure shows a typical
fracture surface of a uniaxial tension specimen. Large dimples, which nucleated
at coarse My3Cg particles, are bridged by a second population of nano-sized

dimples which originated from NbC particles. This mechanism is clearly visible

in Fig. [L0|b).

3.5. Nanoindentation

Nanoindentation indicates that the different heat treatments affect the strength
of both ferrite and martensite. Figures a-c) show a partial view of the
nanohardness contour maps as measured by the nanoindentation test after the
heat treatment. The mechanical strength contrast, visualized by the ”peaks”
and ”valleys” in Fig. a-c), steadily increases with higher austenization tem-
peratures. This is the result of carbide dissolution, which increases the amount
of alloying elements in solid solution. Due to the greater carbon solubility
in austenite, this element will mainly be found in martensite after quenching,
which greatly increases its strength. Fig. (d) shows the hardness distribution
in the martensite grains. The average strength of this phase is increased owing
to a higher carbon content. Moreover, in the martensite produced by the heat
treatment at 975°C, there is an increasing number of martensite grains with
particularly high strength (larger than 4 GPa). Table {4] summarizes average
hardness of the ferrite and martensite phases, which increases of 3% and 7%,

respectively.

4. Model

4.1. Description of identific of the FE model

Finite element (FE) simulations were performed in order to investigate the
plastic strain distribution among ferrite and martensite grains under uniaxial
tension conditions. A 3D distribution of ferrite and martensite grains was gener-
ated through a Python algorithm, which randomly distributed 15vol % of ferrite

grains inside the martensite matrix (85 vol.%). The FE mesh had a total size of
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302 cubic elements with linear interpolation (C3D8 in Abaqus). Each cube was
associated to a ferrite or a martensite grain (Fig. ) Such mesh refinement
allows probing the heterogeneities of stress triaxiality and plastic strain, which
constitute two important indicators of damage evolution. Periodic boundary
conditions were enforced to avoid artefacts at the edges of the FE mesh and
isotropic Jo plasticity was assumed throughout the simulation. Ferrite flow be-
haviour was modelled by fitting a Voce law on the experimental flow curve of

the material before austenization:
Oa = Osat — (Osar — Tyo)exp(—aep) (4)

where o, 0= 270 MPa is the experimental yield strength of ferrite; oy.= 620
MPa and a=15 are fitting parameters; €, is the accumulated equivalent plastic
strain.

The yield strength of martensite was adjusted as a function of the carbon

content by fitting the following equations to match the experimental flow curves:
oy[M Pa)] = 760 + 6200(wt%C — 0.1) (5)

The strain hardening behaviour of martensite is usually sensitive to its car-
bon content [49, [50]. However, in the three microstructures here produced, the
small difference of carbon content does not substantially change their strain
hardening. This assumption is supported by the uniaxial tensile test results in
Fig. [3(a), which show no difference in strain-hardening between the three heat

treated microstructures.

4.2. FE simulations of the DP microstructure

Figure shows the experimental engineering stress-strain (solid lines) and
predicted (discrete symbols) curves for the three heat treatment conditions. The
agreement is quite good justifying the choices made for the phase properties.
The simulation is not able to predict the post necking response due to the
imposed periodic boundary conditions (preventing necking to develop) as well

as the absence of damage induced softening in the constitutive model.

10
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Figure 13| shows the two cumulative distributions of stress triaxiality )
and plastic strain ) values in ferrite and martensite. At similar macro-strain
the stress triaxiality and plastic strain in ferrite both increase with increasing
mechanical strength contrast. On the contrary, the distribution of these two
parameters in martensite is not sensitive to the different heat treatment condi-
tions.

As plastic strain and stress triaxiality are both critical parameters for dam-
age growth [35], a simple damage indicator D based on the Rice and Tracey
void growth model [51] is defined:

D:/ e de (6)
0

where o, is the mean (or hydrostatic) stress, o the equivalent Von Mises stress
and € the accumulated plastic strain. Figs. a) and (b) show the cumu-
lative distributions of D in ferrite and martensite computed for e= 0.05, 0.2,
0.3 and 0.4. The distribution among the ferrite grains is modified by the heat
treatments. The driving force for damage accumulation as quantified by D is
significantly enhanced when increasing phase mechanical contrast, i.e. increas-
ing austenization temperature. This comes from the combined effect of stress
triaxiality and plastic strain previously shown in Figs. (a) and (b).

Figure [15| shows the average computed phase configuration around the hot-
spot. This is calculated with a method recently described in [36] and here
briefly recalled. The damage indicator D introduced in Eq. @ is known at
every position of the tridimensional space D(i,j, k). Next, an indicator, P,
marks if at a certain position i, j, k belongs to martensite or ferrite. Finally, the
average phase configuration around the damage initiation hot-spot is described

by:
Zi,j,k D(i, 5, k)P(i + Ai, j + Aj, k + Ak)

Zi,j,k D(Za j7 k)
in which (A, Aj, Ak) indicates the relative position with respect to the damage

Pp(Ai, Aj, Ak) = (7)

hot-spot and Zz ;.1 18 looped for all grains in the simulation domain. Equation

(7)) gives the probability to find martensite (and consequently ferrite) around the

11
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damage initiation sites. Figure [15|shows in blue the relative positions where the
probability Pp is larger than the nominal martensite volume fraction (V <
Pp(Ai, Aj, Ak) < 1). While the colour red is used to indicate that there is
greater chance to find ferrite at this position relative to damage sites (0 <
Pp(Ai, Aj, Ak) < V).

Most damage hot-spots are found in the ferrite phase and are enclosed by
two regions of martensite. This particular microstructure configuration is found
to be critical for damage initiation. Moreover, the three dimensional view in
Fig. [I5]reveals that the damage hot-spot tends to be surrounded by a flat toroid

of ferrite grains perpendicular to the main tensile direction.

5. Discussion

As briefly overviewed in the introduction and shown in Fig. [6] M23Cg car-
bides constitute the primary sites of damage initiation in the present martensitic-
ferritic stainless steel. Decreasing the area void fraction and mean size of such
nucleation sites was thus expected to improve the resistance to ductile damage
nucleation with consequent beneficial effect on the overall ductility [52], [33],
[53]. On the contrary, the experimental evidences summarized in Tab. [3]indi-
cate a diminution of ductility even if the void area fraction and mean size of
M,3Cg¢ carbides decreases.

Higher austenization temperature decreases the equilibrium volume frac-
tion of Ma3Cg carbides, thus increasing the carbon content in the surrounding
austenite. Thus, martensite that forms upon quenching from higher austeniza-
tion temperatures is characterized by higher hardness and corrosion resistance
thanks to the dissolved C and Cr, respectively.

The martensite carbon content can be estimated using Thermo-Calc software
with an equilibrium calculation between the austenite matrix and the residual
volume fraction of Mo3Cg and NbC carbides. The strength increment due to the
carbon enrichment in low-carbon lath martensite can then be predicted based

on empirical equations. From Krauss [2] the effect of carbon in solid solution in

12
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martensite can be written as:

o, [M Pa) = 413 + 1720/ [wt%C] (8)

Moreover, Cr is found to contribute to the yield strength of martensite by 30
MPa for every 5wt % of Cr dissolved in the matrix [54]. The strength of marten-
site as a function of carbon content according to Eq. (13) together with the mea-
sured hardness values from nanoindentation are listed in Tablil Both methods
result in an increase of martensite strength of about 7% which confirms that
the strength increment detected by nanoindentation mapping is essentially due
to the larger amount of carbon in solid solution in the martensite lattice. On
the other hand ferrite is not strengthened during the dissolution process, which
consequently raises the mechanical strength contrast between the two phases.
The presence of residual ferrite has a large effect on ductility. The com-
putational modelling results presented in Fig. show high values of plastic
strain and stress triaxiality in ferrite as the mechanical strength contrast in-
creases. These conditions have been known to promote the void nucleation and
growth process in ductile metallic materials [35] and more specifically in dual-
phase steels [23], [19], [36] B7], [45, (5] 56} 27, 211, 22] 26]. The damage indicator
described in Eq. @ and plotted in Fig. qualitatively agrees with the char-
acterization of the damage evolution shown in Fig. [7] Higher austenization
temperatures produce microstructure with larger mechanical strength contrast,
which leads to high stress triaxiality in the ferrite phase. This particular situa-
tion enhances the void growth rate in the ferrite grains, leading to the premature
failure of the material. These results, other than highlight the detrimental ef-
fect of residual ferrite on the ductility of MSS, contribute to the understanding
of the recent finding by Jo et al. [57], which highlights the negative effect of
residual ferrite on impact toughness of Hot-Press-Forming (HPF) steel sheets.
In the finite element simulations performed here, each grain was represented
with a single cubic element, which was assigned systematically to ferrite or
martensite phase with unique mechanical properties. In reality, the nanoinden-

tation maps shown in Figs. a-c) revealed a much complex heterogeneity of

13
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strength among the microstructure. One might expect, for example, that re-
lying on a more realistic grain shapes and a more refined mesh would increase
the predicted strain heterogeneity. Indeed, simulations performed with grains
shaped as truncated octahedron have shown stress triaxiality 2.5 times larger
than the macroscopic value was observed in ferrite [58]. In the same study,
ferrite clustering was also found to have limited influence on strain partitioning
and on the stress triaxiality values.

Finally, the topology of ferrite and martensite grains was found to signifi-
cantly impact damage initiation. The phase configuration, shown in Fig.
indicates that the morphology and dispersion of ferrite islands have both a con-
siderable impact on the mechanical properties of the alloy. Even though the
ratio of ferrite to martensite is reversed, there is a similarity among the critical
phase configuration between this work previous similar observations of damage
hot-spot in DP steels [37]. However, contrary to the mentioned work where the
phase configuration was assessed in two dimensions only, the three dimensional
phase configuration shown in Fig. (a) reveals that percolation of ferrite grains
perpendicular to the tensile direction promotes damage initiation.

The present finding is also reminiscent of the problem found in austenite-
ferrite steels where the increased triaxiality in the soft phase was due to a channel
type configuration of the microstructure [38] [59] [60]. In any case, the present
study reveals that the key factor controlling the fracture process in two phases
ductile steel is not necessarily the concentration of damage initiation sites (here
carbides) but could primarily be the state of stress in the softer phase inside

which damage grows.
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6. Conclusion

The damage mechanisms occurring in a martensitic stainless steel with 15
vol.% of residual ferrite and two populations of carbides has been investigated
both experimentally and numerically. Damage initiates at coarse Cr-rich car-
bides in ferrite grains. However, dissolution of these particles leads to a decrease
of the ductility. The origin of the lower ductility in the alloy with less Cr-rich
carbides was unravelled through nanoindentation strength mapping and FE

simulations of representative volume elements. The main findings are:

e The dissolution of Cr-rich carbides increases the carbon content of marten-

site, producing a relative strength increment of about 7 %.

e The mechanical strength contrast between martensite and residual fer-
rite increases with increasing carbides dissolution at higher austenization

temperatures.

e FE simulations predict an increasing stress triaxiality in the ferrite grains
as the mechanical strength contrast increases. This promotes void growth

in ferrite, which in turn decreases fracture strain.

e A statistical study of FE simulations reveals that there is a critical phase
configuration that maximizes damage. Voids are more likely to initiate in
channels of percolated ferrite aligned perpendicular to the main tensile di-

rection. These features are highly constrained by surrounding martensite.

The stress triaxiality and plastic strain can rise a lot (i) when mechanical
contrast increases and (ii) in specific phase configuration. These are two ele-
ments that must be kept in mind when optimizing existing alloys or developing
new ones. One practical way to eliminate mechanical stress contrast is to pro-
duce single matrix phase structure. In MSS this can be achieved by a complete
austenization before quenching. However, this requires a deep knowledge of the
transformation kinetics and it is not always possible to attain when taking into

account the constraints dictated by the standard industrial process conditions.
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Table 1: Chemical compositi

on of the as-received alloy (wt.%).

C Cr Si Mn Ni

Nb V P Cu Fe

0.1 12 04 035 0.1

0.1 0.08 0.02 0.04 Bal

Table 2: Volume fraction, mean size and the distribution parameter x=R/L of M23Cg for the

three heat treatment conditions.

Heat Treat. Mo3Cs Vol.%  Ma3Cg (pm) %

875°C, 60 min 0.5 0.35 0.1158
900°C, 15 min 0.3 0.28 0.0927
975°C, 5 min 0.1 0.24 0.0829

Table 3: Mechanical properties for the three heat treatments conditions measured with uniax-

ial tensile and bending tests. Ductility as quantified by true fracture strain or bending angle

decreases together with the austenization temperature.

Processing Temperature oo (MPa) ¢y  Bending Angle (°)
875°C, 60 min 721 0.90 91
900°C, 15 min 814 0.83 85
975°C, 5 min 834 0.81 73

Table 4: Average hardness of martensite (H,,

/) and ferrite (Hq ) measured by nanoindentation.

The carbide volume fraction and ferrite volume fraction for the three austenization conditions

are also reported.

Heat Treat. Ms3Cs Vol %  a(Vol.%) HIM¢(GPa) HI“¢(GPa)
875°C, 60 min 0.5 15.0 3.36 2.29
900°C, 15 min 0.3 154 3.46 2.30
975°C, 5 min 0.1 15.0 3.61 2.34
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Table 5: Carbon content in martensite from Thermo-Calc calculations, martensite hardness

values and martensite yield strength according to Krauss empirical relationship [2].

Heat Treat. Coa’(wt%) Hve(GPa) U?l (MPa)[2]
875°C, 60 min 0.076 3.36 889
900°C, 15 min 0.085 3.46 915
975°C, 5 min 0.097 3.61 950
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9. Figures
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Figure 1: The as-received material microstructure, which, after casting and hot rolling, con-
sists of ferrite and M23Cg particles aligned towards RD. The magnification shows Ma3Cg and
NbC particles.
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Figure 2: Typical microstructure after the heat treatments for a)875°C 60 min, b)900°C 15
min and ¢)975°C 3 min. Note the presence 0225 Vol.% of residual ferrite and coarse Ma3Csg

particles.
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Figure 3: The experimental curves for bending test (a) and uniaxial tensile test (b) for the

three heat treatment conditions. The colors represent different austenization temperatures.
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Figure 5: Micrograph showing the position of the regions in which the damage has been
quantified in transverse sections located at different distances from the fracture surface. Each

region was mapped using several high magnification SEM images.
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(b)

Figure 6: SEM micrographs of damage nucleation events occurring at M23Cg carbides either

(a) by carbide cleavage or (b) by decohesion of the carbide from the matrix.
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three heat treatments as a function of the local deformation (from thickness reduction); (a)
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group of voids > 100 nm as a function of the local deformation (from thickness reduction).
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(b)

Figure 10: SEM images showing ductile fracture from tensile samples at (a) low magnification
and (b) higher magnification showing two populations of dimples, with nano-sized dimples

linking larger cavities.
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Figure 13: Cumulative distributions of a) stress triaxiality and b) plastic strain values inside

the ferrite and martensite phases for the three heat treatments at a macroscopic equivalent

strain €=0.4.
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Figure 15: Calculated configuration of phases around a hot-spot. Ferrite (blue) island is
enclosed between two regions of martensite (red). The arrow indicates the displacement

direction (tensile direction in uniaxial deformation).
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