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Abstract

The fracture toughness K. of freestanding tungsten films is explored using a MEMS-based
crack-on-chip method and multiscale finite element modelling, in the context of miniaturised
testing of structural materials for nuclear fusion applications. The primary ambition is to
determine to what extent testing thin nanostructured tungsten films can provide relevant data
with respect to bulk tungsten fracture behavior, particularly in view of irradiation testing. The
second objective is to enhance fundamental knowledge on the cracking behavior of thin metallic
films with a quasi-brittle response. Tungsten films with 370 nm thickness are deposited by
magnetron sputtering under different pressures and characterized using grazing incidence X-
ray diffraction, surface curvature measurements, scanning electron microscopy and nano-
indentation. Microstructure evolution, residual stresses, and tensile properties are analyzed to
confirm the BCC a-phase. The fracture toughness of the tungsten films is determined on-chip
using a crack arrest approach and finite element modelling to extract Ki.. The analysis
conducted on 90 successful test structures provides an average fracture toughness value of 3.2

+ 0.36 MPa Vm. This value is typically, 50% lower than for bulk tungsten, despite the
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submicron thickness, while the same intergranular fracture mechanism is observed. The link
with crack tip plasticity is further unravelled by extended finite element simulations relying on
a cohesive zone model. Care is taken to properly resolve the mechanical behavior of the
nanometer scale fracture process zone. The calibrated peak strength is equal 7.8 GPa, which is
less than two times the large yield stress of the nanocrystalline film. With such a ratio,
the impact of plasticity outside the fracture process zone is limited, corresponding to negligible
R curve effect and extra dissipation upon crack growth in contrast with bulk specimens for

which a ratio above four is expected.

1. Introduction

Tungsten (W) is considered the primary choice for plasma-facing parts in both the International
Thermonuclear Experimental Reactor (ITER) and the DEMOnstrator power plant (DEMO),
two devices designed to demonstrate the feasibility of nuclear fusion technology [1-3]. Its
suitability for the divertor armor and as a part of the breeding blanket comes from the unique
combination of high melting point (= 3422 °C), excellent thermal conductivity, low irradiation-
induced swelling, minimal sputtering yield, and low tritium retention [4-6]. However, tungsten
also has limitations as well, notably a relatively high ductile-to-brittle transition temperature
(DBTT) between 200 and 600 °C, which is influenced by several factors [7] including working
[8-10], grains orientation [11], and the presence of impurities [12], making it brittle at low
temperatures. Other drawbacks include embrittlement due to low recrystallisation temperature,

as well as neutron- and helium-induced embrittlement [13,14].

Previous studies primarily investigated the behavior of bulk W at elevated temperatures
under high heat flux conditions using electron beam heating and numerical simulations [15-22].
Cracks formed in W under these conditions extend from the surface to depths of micrometres

to millimeters. At lower temperatures, below DBTT, efforts to improve thermo-mechanical
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performance have been based on microstructural refinement, mechanical treatments, alloying,
and particle reinforcement [23-27]. Even in the steady state regime with heat fluxes of 5-
10 MW/m?, W will experience severe cyclic thermal loads in the daily operation of the future
DEMO reactor [28,29]. These cyclic loads induce significant stresses during the heating and
cooling phases, leading to potential crack propagation when the stress intensity factor exceeds
the fracture toughness K¢ of tungsten. Hence, knowledge of fracture toughness and its variation
with microstructure, temperature, strain rate, and crack orientation is critical for predicting

material durability [14,29-33].

The fracture toughness of bulk W has been extensively studied through macroscopic
experiments. Typically, room temperature K;c ranges between 6 and 12 MPam with variations
depending on whether it is polycrystalline rolled, sintered or single-crystal bulk tungsten [30-
33]. At small scales, several studies relied on notched microcantilevers to investigate the
fracture behavior of W. For instance, Wurster et al. [34] developed a procedure based on elastic-
plastic fracture mechanics (EPFM) with the J-integral and Crack-Tip Opening Displacement
(CTOD) parameters to extract the fracture toughness of single-crystal tungsten
microcantilevers. Stable crack propagation was found in contrast to the unstable cracking in
macroscale specimens. Similarly, Ast et al. [35] demonstrated a dependence of Kic on specimen
size, with smaller cantilevers exhibiting lower toughness than larger ones. However, once a
critical size was reached, the fracture toughness plateaued to values between 5.5 and 6.5
MPavVm. Extending this size-dependent behavior to W composite systems, Schmuck et al. [36]
observed a size effect in W—Cu nanocomposites, with fracture toughness increasing from 5.5
to 6.2 MPaVm as cantilever size grew from 5 x 5 to 35 x 35 um?. Shifting focus from size
effects to grain boundary properties, Tian et al. [37] reported grain boundary embrittlement in

recrystallised W, with toughness dropping to 4.7 MPavm, compared to 14.5 MPaVm for single



Main text

grains and 19 MPaVm for as-received material processed by sintering and two-directional

forging.

These studies illustrate that the fracture toughness of micro-sized tungsten samples can differ
significantly from bulk, but without a definitive conclusion on whether the variations depend
on specimen size as a result of constraint effect, on experimental bias due for instance to the
pre-cracking method, on changes in failure modes and/or on differences in the microstructure

and segregation of impurities at grain boundaries.

One of the main concerns with microscale testing, particularly using the Focused lon Beam
(FIB) technique for specimen preparation, is the adverse effect of ion implantation that can alter
material properties near the notch or the pre-crack tip. This has raised questions about the
reliability of fracture toughness measurements on FIB-prepared specimens [38]. As a result,
alternative approaches that minimize these effects are being explored to ensure robust results
[39-42]. Furthermore, the nature of the failure mechanisms in the submicron films must be
determined, as well as the development of crack tip plasticity and potential impact on
dissipation and size dependency, to make a link with the results on bulk specimens. Finally, a
remnant difficulty lies in the preparation of test specimens with sufficiently sharp pre-cracks,
with an opening ideally smaller than the critical CTOD; otherwise, the starter crack is not a real
crack but a notch. If this condition is not fulfilled, extra dissipation is needed to initiate the

crack [43]

In the context of the growing need to miniaturize test methods, particularly to address
challenges in scaling down towards coating-type applications and to reduce cost, time, space,
and radioactive waste compared to bulk material irradiation testing, this study aims at
determining the fracture toughness of nanostructured freestanding W films, at exploring the
representativeness with bulk W toughness, at investigating the cracking mechanism, and at

assessing the feasibility of advancing towards irradiation testing. We employ a
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MicroElectroMechanical-based testing approach nicknamed Crack-On-Chip (COC), which has
been developed and refined over the years at UCLouvain as an extension of the original lab-on-
chip method [39,44] and has demonstrated reliable results across various materials (Al.Os, SiO-,
SisNa, Cu, etc.) [40-42]. Here, we showcase the feasibility of on-chip fracture mechanics testing
for tungsten and adapt the data reduction scheme. As the test is based on a crack arrest method,
it means that the determined fracture toughness is not the initiation toughness due to possible
R-curve effect during crack propagation. For this reason, finite element simulations relying on
the XFEM method with a description of the fracture process through a cohesive zone
model are performed to separate the energy spent in the fracture process zone and the extra
plastic dissipation around the crack tip and crack wake. This is a challenging task in view of
the very small extent of the fracture process zone that requires extremely fine discretization.
Once calibrated, the CZM traction separation law provides the relevant information on the
failure process. Such a model, in addition to providing a foundation to understand the
experiments, offers a path towards transferring data obtained on microscopic test specimens to

bulk specimens and macroscopic components as used in fusion reactors.

2. Materials and methods

2.1. Processing of tungsten thin films

Tungsten films were deposited by DC magnetron sputtering in a VST-TFDS 462 system on a
(100) oriented Si substrate using a 99.99 % pure W target. The pressure in the deposition
chamber was initially reduced to approximately 4.5 x 10 Torr, followed by the introduction
of high-purity argon (99.9999 %) as the working gas prior to deposition. During deposition, the
substrate-target distance was set to 50 mm, with the substrate holder positioned at an angle
relative to the sputtering target and rotated at a speed of 8 rpm. The deposition power was kept
constant at 250 watts, and the argon pressure and target cleaning time were adjusted to fine-
tune the deposition conditions. After deposition, the W films were annealed to reduce residual
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stresses which are detrimental to proper deployment of the chip test method. This
was accomplished in a vacuum tube with a 200 sccm argon flow to minimize contamination or
oxidation of the tungsten layers. The process consisted of gradually heating the films from room
temperature to 600 °C, holding them at this temperature for two hours, followed by slow cooling
through natural furnace cooling. The film thickness for nanoindentation testing was set to 1000

nm to limit substrate effects, while the film used in the crack-on-chip method was 370 nm thick.

2.2. Microstructural characterization and residual stress measurements

Grazing Incidence X-Ray Diffraction (GIXRD) with a copper tube X-ray source (CuKa =
1.540598 A) was used to identify the crystallographic phase. This technique, which provides
enhanced surface sensitivity, was used to minimize substrate interference by applying a grazing
angle of incidence of about 0.6 °, thereby ensuring a stronger signal from the film. The surface
and grain morphology were characterized using a Zeiss Scanning Electron Microscope (SEM).
In addition, surface curvature measurements were systematically performed to evaluate the
residual stresses using a Veeco Dektak 150 profilometer and applying the Stoney equation [45],

as follows:
1 Es t2( 1 1
Ofiim = = (== =) (1)

where R,p and Rgp are the radius of curvature after and before film deposition, respectively,
ty and t, are the film and substrate thickness, respectively, and Es/(1 — v,) is the biaxial

elastic modulus of the silicon substrate.

2.3. Instrumented nanoindentation tests
The elastic-plastic properties of the films were determined through instrumented
nanoindentation with the DCM load-controlled head from the Agilent G200 system. A diamond

Berkovich tip was used whose area function, relating the projected contact area Ac to the contact
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depth hc, was derived from a fused silica reference sample according to the Oliver and Pharr
procedure [46]. The tests were performed with a target constant strain rate of 0.05 s up to a
maximum depth of 400 nm, using the Continuous Stiffness Measurement (CSM) mode to
monitor the evolution of the contact stiffness S. The apparent elastic modulus E and hardness

H were estimated using Sneddon’s equation [47,48] and Meyer’s definition [49], respectively:

2\/A_C'E*_ Et E '’ (2)
H=— (3)

where E* is the reduced elastic modulus, E; = 1141 GPa and v, = 0.07 are the elastic modulus
and Poisson ratio of the diamond tip, v is the Poisson ratio of tungsten set to 0.28, and F is the
applied load. The projected contact area A, was estimated using the Oliver and Pharr model

[46]. The film’s modulus Ef was derived using the Hay and Crawford model based on the

apparent modulus E [50]. Finally, from the hardness H, the representative stress o,
corresponding to the flow stress associated with ~8 % plastic strain was estimated using

Kermouche’s model [51].

2.4. Crack-on-chip experimental method

The COC method [40-42] is based on the deformation of a notched freestanding thin film
specimen, which is produced by releasing the high internal stresses of an actuator beam
structure to which the test specimen is attached. This causes a crack to initiate and propagate
from the notch tip until it arrests when the energy release rate drops to its critical value. The
fracture toughness of the film is determined by measuring the crack length after the test and by
using a finite element (FE) model described later to extract the K value. The crack arrest nature
of the test solves the difficulty of preparing a perfectly sharp initial pre-crack, assuming that

the crack has propagated long enough to avoid any influence from the starter notch.
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The design of this novel technique begins with the deposition of a 1 um thick sacrificial layer
of silicon dioxide (SiO2) on a silicon (Si) substrate using Plasma Enhanced Chemical Vapor
Deposition (PECVD). Next, a 200 nm thick layer of silicon nitride SiN (SisNa) is deposited on
top of the SiO layer by Low-Pressure Chemical Vapor Deposition (LPCVD) and patterned
using photolithography/etching into the shape of an actuator consisting of two long beams. This
SiN layer was selected because of'its large tensile internal stress of about 1 GPa and its isotropic
linear elastic behavior. Finally, in the last step, the 370 nm thick W sample layer is deposited
on top of the stack and patterned, forming a notched double cantilever-type beam that is
attached to the two horizontal actuator beams. This planar fabrication process allows a large
number of test structures to be produced and hundreds of specimens to be tested on a single

chip.

The mechanical test is initiated by releasing the internal stress in the SiN actuator through
chemically etching the SiO> sacrificial layer with a hydrofluoric acid solution. The two SiN
beams pull on the notched W-free beam, initiating and propagating a crack until it arrests in the
structure. An SEM micrograph of a COC test structure after the release of internal stress in the
SiN actuator is provided in Fig.1la, with a zoomed-in view of the arrested crack in the W
specimen, shown in Fig.1b. The Si die containing the COC test structures is then examined in
a SEM to measure the relevant geometrical parameters, particularly the crack arrest length, as
an input for the finite element simulation of the test presented in Section 2.5. Further details on
the COC method, including fabrication steps and test execution, can be found in the

Supplementary Materials, section A.

2.5. Crack-on-chip numerical modelling
Finite element simulations were conducted using the commercial software ABAQUS® to
develop an accurate data reduction scheme for extracting the stress intensity factor K and from

there the critical stress intensity factor Kic. Three different models were used, all relying on a
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large strain setting. These models consisted of two deformable bodies represented within a
single domain divided into partitions, including the W specimen and the SiN actuator as well
as the surrounding area around the test structure. The elastic behavior of these materials was
assumed to be linear isotropic. The elastic moduli were measured by nanoindentation and found
to be equal to 360 GPa for W and 250 GPa for SiN (with Poisson ratios fixed at 0.28 and 0.3,
respectively). The J» flow theory was chosen to represent the plastic yielding in the W specimen
with a Swift isotropic hardening law: (o, = k &™), where g, is the yield strength of W, k is the
hardening coefficient taken here equal to o,/E and n is the strain hardening exponent. The
residual stresses measured experimentally in the two materials were introduced in the FE

models as predefined fields, being - 0.7 GPa for W and + 1 GPa for SiN.

Each simulation consists of two steps representing the state of the crack-on-chip test
structure before and after release. In the first step, the entire structure is fully constrained, while,
in the second step, these boundary conditions are progressively removed from the W specimen,
the two actuator beams, and the over-etched length surrounding the test structure. The

ABAQUS®/Standard solver was used.

The first FE model is a 2D plane stress model with a static crack and a purely isotropic linear
elastic description, where the energy release rate is calculated using the J-integral method. The
crack is modelled by creating a partition as a 1D straight line starting at the notch tip and
extending along the specimen length. This line represents the crack generated in the actual test,
and its length is adjusted based on experimental measurement of the crack extension da. A
seam crack is defined along this line using the options available in ABAQUS. Several contours

are used to estimate the J integral and verify the path independency. The J integral is then
converted into a stress intensity factor K, using the relationship K, = /E J under plane stress

conditions (see Fig. 4c). The choice of plane stress versus plane strain condition will be justified
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a posteriori based on plastic zone size (and will turn to be unimportant in the case of a purely

linear elastic model).

The second model is a 2D plane strain elastic-plastic model, where crack propagation was
simulated using the extended Finite Element Method (XFEM) and a traction-separation law. A
starter crack of 50 nm was introduced into the tungsten film at the notch tip to help triggering
crack initiation. The XFEM method was used to simulate the propagation of this starter crack
during the release of the SiN actuator residual stresses without remeshing. XFEM was
particularly well suited due to the extreme degree of mesh refinement needed for these
simulations as shown later in the results section, the fracture process zone (FPZ) size will extend

over only a few nanometers, which must be sufficiently discretized.

A bilinear traction-separation law, involving two main material properties being the peak
stress ¢ and critical opening 6., was chosen to describe the local failure mechanisms in the
fracture process zone. Cracking initiates when the maximum principal tensile stress exceeds the
peak stress 4. When this stress is reached locally, the traction decreases linearly until it vanishes

at a critical opening 6., corresponding to the distance beyond which there is no longer any load
carrying capacity. Crack propagation is thus dictated by the fracture energy I, = %660 which,

in the case of purely brittle behavior, corresponds to the critical energy release rate at initiation
Je. In this work, we have chosen to adjust the parameters (&, I3), while &, is directly derived

from this pair of values.

The third model is a 3D static elastic model constructed to verify the hypotheses of the 2D
models and, ultimately, their validity for instance regarding the impact of a plane stress versus
plane strain setting or the presence of small bending effects. The in-plane geometry was
reproduced identically to the 2D models but with thicknesses equal to 190 nm for the SiN

actuator and 370 nm for the W specimen, which, being thicker, has its upper part higher than
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that of the actuator. An example of a finite element model (3D J-integral) of the crack-on-chip
test is provided in Fig. 1c, with a zoomed-in view of the crack extension 4a as measured

experimentally in Fig. 1d.

3. Experimental results

3.1. Microstructure and residual stress of tungsten films

When deposited as a film, tungsten can exhibit two distinct crystal phases: the a-phase, which
has a body-centered cubic (BCC) structure similar to bulk W but with a much smaller grain
size, and the B-phase, which has an Al5 structure. The choice of deposition parameters,
particularly the working gas pressure, is critical in determining the resulting phase [52-54], as
well as the residual stresses. Ten different DC magnetron sputtering deposition conditions were
tested by varying the argon partial pressure over a wide range from 1 to 15 mTorr. Fig. 2a
shows the variation of the residual stress as determined from the Stoney equation under these
different conditions. Note that more details on phase identification by GIXRD and
microstructure analysis by SEM are provided as Supplementary Materials (section B). Argon
pressures between 1 and 8 mTorr led to the formation of the a-phase with compressive residual
stresses ranging from - 2.5 to - 1 GPa, while argon pressures between 9 and 15 mTorr induced
the formation of the B-phase with tensile residual stresses ranging from + 1 to + 2 GPa. In order
to align with the structure of bulk W, we selected the a-phase while minimizing residual stresses
to avoid out-of-plane deformation problems during COC tests (section B). Thus, an argon
pressure of 6 mTorr was selected, resulting in the formation of the a-phase with residual stress
at around - 1.2 GPa. Subsequent annealing at 600 °C for 2 h further reduced the stress level, As
evidenced in Fig. 2b by the shift of the (100) diffraction peak of the a-phase to higher diffraction
angles post-annealing, leading to a residual stress of - 0.7 GPa. Finally, Fig.2c-d and Fig.2e-f
show SEM micrographs of the W-film before and after annealing, respectively. Micrographs
are given for both surfaces (c and €) and cross-sections (d and f). Only a slight change in surface
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morphology is observed. The annealed W film exhibits a dense compact morphology with an
average grain size of approximately 160 + 30 nm, determined from SEM images acquired with
an AsB detector and analyzed using ImagelJ. The surface roughness, measured by atomic force
microscopy (AFM), is approximately 1.64 nm (root mean square, RMS). Further details are

available in the supplementary materials. Section B.

3.2. Elastic-plastic properties of the annealed W films

The elastic modulus and hardness of a 1000 nm thick annealed a-phase W film were determined
by nanoindentation using a matrix of 16 indents. Fig. 3 shows a variation of the elastic modulus,
derived using the Hay and Crawford model [50], as a function of penetration depth. The
modulus is very stable throughout the indentation depth, showing that the Hay and Crawford
correction is working appropriately, leading to a value of ~ 360 GPa in agreement with the bulk
value. The hardness of tungsten was extracted at a depth of 100 nm, representing 10 % of the
film’s thickness, giving a value of ~ 14 GPa. As for the modulus, there is limited size
dependency up to 400 nm penetration depth. In order to identify the hardening law to be used
in the finite element models, the hardness was converted into a representative flow stress
associated to ~ 0.08 plastic strain, according to Kermouche’s analysis [51], yielding a value of
5.3 GPa. The strain hardening exponent is not known, as the film breaks in a brittle manner,
making it impossible to deform specimens in uniaxial tension into the plastic regime.
Nanocrystalline metals are known to exhibit small strain hardening capacity [55], and the value
n = 0.1 was arbitrarily selected as an upper bound. In any case, such a relative value has a
limited impact on the results presented hereafter. Based on the yield stress of 5.3 GPa at a plastic

strain of 0.08, one extracts the initial yield stress o, = 4.3 GPa.
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3.3. Fracture toughness analysis

Over 90 stable crack-on-chip test structures of annealed 370 nm o-phase W films were
examined by SEM to measure the lengths of the arrested cracks. Fig. 4a and b show SEM
images of two successful COC test structures featuring a starter notch of length ap = 3 um and
markedly different crack extensions equal to (a) = 1.2 um and (b) = 5.3 um, respectively,
associated to different actuator lengths of 16.2 um and 31.1 pum respectively. The fracture
toughness for each of the experimentally measured crack extensions has been determined with
the 2D elastic plane stress finite element model for static crack [40] (see Fig. 4c). Each structure
was replicated with identical parameters, including geometry, crack extension, and residual
stresses in addition to Young’s modulus and Poisson’s ratio of both the W specimen and the
SiN actuator films. For all structures, which had varying actuator beam and notch lengths, the
crack extensions 4a ranged from 0.2 to 13 um, as shown in Fig. 4d along with the calculated
Kic values. No obvious correlation could be found between the COC dimensions, actuator
length, starter notch length and 4a with K. suggesting that the large variability may have a
different origin, as discussed later in Section 4. In any case, generating 90 successful crack
arrest tests on submicron specimens to be analyzed through rigorous fracture mechanics was a

key milestone for this research.

Fig. 4d illustrates that most data points are clustered around crack extensions between 0.5
and 2 um (see dashed black box), corresponding to fracture toughness values ranging from 2.5
to 4 MPaVm. The fracture toughness values derived from the 90 COC test structures result in

an average Kic equal to 3.20 + 0.36 MPavm.

3.4. Failure mechanisms
Fig. 5 presents SEM micrographs of three successful W COC test structures, each illustrating
distinct crack behaviors and morphologies. In Fig. 5a, the crack deviates from a linear path

relative to the notch tip, suggesting that the propagation is influenced by the grain morphology
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typical of an intergranular cracking mechanism. Fig. 5b reveals a different behavior, where two
short cracks initiate and propagate independently from two separate locations at the notch tip.
Finally, Fig. 5c displays a crack that grows at an angle towards one side of the specimen, after

initiating from the notch.

Fig. 6 shows an SEM micrograph of a propagating crack in a COC test structure,
accompanied by zoomed-in images of the crack surfaces. The intergranular cracking
mechanism is confirmed. More evidence about the intergranular nature of the crack propagation
is provided in the supplementary materials (Fig. C2). The close-ups reveal that the surfaces are
not sharp and do not align perfectly if they were to be brought back together. This indicates

some degree of plastic distortion accompanying the failure process at the grain boundaries.

In order to ensure an accurate measurement of the crack extension (4a) and to confirm the
absence of any significant crack front inclination through the thickness of the W specimen, we
compared the crack lengths measured on both sides of some specimens. To this end, a focused
ion beam (FIB) was utilized to section the W test specimen, enabling measurement by looking
at the crack length on the bottom side. This measurement was then compared to the
corresponding value obtained from the top surface. Fig. 7 presents SEM micrographs of a COC
test structure: (a) before FIB sectioning, showing the top surface, and (b) after FIB sectioning,
showing the bottom surface. Careful analysis of the two micrographs using ImageJ ® software
indicates that the crack length on the bottom face of the COC test structure is slightly longer
than that at the top surface (1.63 pm vs. 1.61 um), with a difference of 20 nm (= 1.2 %) within
experimental uncertainty. The same procedure was applied to a second COC test structure with
a longer crack, yielding a top surface crack length equal to 10.97 um and a bottom surface crack
length of 11.10 pum, resulting in a difference of 130 nm (= 1.2%) which is close again to the
precision of crack length measurement. Further details about the FIB preparation can be found

in Appendix Section C.
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3.5. Modelling ‘R-curve’ effect due to plastic dissipation

The XFEM model, based on a description of the fracture process by cohesive zone
elements, was used to assess the impact of near-crack-tip plastic dissipation on the crack growth
resistance and on the toughness extracted after some amount of crack growth and not at the
exact time of initiation. The goal is to determine whether an ‘R-curve’ type behavior can be
expected, with the crack resistance increasing as the crack propagates owing to increasing

plastic zone size and reverse plasticity in the crack wake.

Given the average fracture toughness value of 3.2 MPaVm and the yield strength of 4.3 GPa,
a simple analytical calculation of the plastic zone size rp (plane strain) gives a value of ~ 50 nm,
which is only about 10 % of the film thickness. Therefore, the plane strain assumption made in
the numerical model is a priori justified by the fact that the material surrounding the plastic
zone behaves as an almost rigid body, preventing any through-thickness plastic contraction

(hence plane strain) from the perspective of the crack tip. This is checked a posteriori hereafter.

The mesh was very refined in the central part of the sample where the crack propagates, with
an element size of about 1 nm size and XFEM enrichment. Convergence with respect to the
mesh discretization was confirmed by running simulations with different element sizes up to 3
nm providing exactly the same arrest crack length at equilibrium. Figure 8 shows two snapshots
of the near crack fracture process zone corresponding to a calculation with peak stress 6 equal
to 7.8 GPa and Iy equal to 26 J/m? (see later for the choice of these values) and 1 nm element
size. The coloring indicates elements that are active in the FPZ. A value of 1 “red” means a
completely broken element with the Abaqus indicator “status XFEM”. Fig. 8a corresponds to
the crack just after initiation. The FPZ length is equal to 10 nm. Fig. 8b shows the near crack
tip at crack arrest with FPZ length now equal to 25 nm. Convergence is reached because enough
elements are included in the FPZ to resolve the large variations of the stress during the failure

process. This is a very important point in this study. The possibility to use such fine meshes is
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very much facilitated by the use of microscopic specimens compared to cm-sized specimens

and the convergence is facilitated by the XFEM method

Hundreds of simulations were conducted in order to identify the parameters of the traction
separation law that would allow the reproduction of the experimental values. Each simulation
is characterized by different pairs of peak strength 6 and I, as input parameters, with the
measured crack extension as output. The peak stress was varied between g, and 20, meaning
in this case between 5 and 10 GPa, while I}, was adjusted to induce crack propagation. To allow
this refined mesh in the crack path without meshing the entire specimen with such very small
elements, the crack extensions were limited to a maximum of 2 pm, which corresponds to the
majority of the experimentally measured extensions (highlighted in a black dashed box in

Fig. 4d).

Fig. 9a shows a map of the measured crack extensions Aa in the space of the imposed & —
I,. Interestingly, for a given fracture energy I}, the range of peak stresses & that results in the
experimental Aa values is narrow, and vice versa. This finding suggests that small local
variations of 6 and/or of , I}, likely due to small variation in the tungsten nanostructure, can
significantly influence the crack resistance and thus the crack arrest length, potentially

explaining the experimental scatter in fracture toughness values already discussed above.

Subsequently, the fracture energy values Ij were analytically converted to fracture

toughness values K., assuming no R-curve effect (i.e. G, = I + I, with I}, =~ 0) and using the

plane strain assumption as:

/ E
Kic = [T 1-v2 . (4)

Fig. 9b shows the resulting & — K;. — Aa map, with K;. values ranging from 2.8 to

3.6 MPaVm. Remarkably, the fracture toughness values obtained under the assumption of no
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R-curve effect perfectly match those obtained using the 2D purely elastic model in Section 3.3,
with K. =3.2+0.36 MPaVm. This confirms that any R-curve effect due to plastic dissipation
at the crack tip is minor in the case of the nanostructured W film and may only contribute to the
experimental scatter in the fracture toughness values. This comes from the nature of the quasi-
brittle fracture mechanism taking place at the grain boundaries with a strength reflected by &,
being significantly lower than 30,. As shown in a vast literature about crack propagation
simulation with a CZM, plastic dissipation remains modest as long as & < ao, with a typically

equal to 3 but depending on n and on the crack configuration [56].

Finally, the plane strain assumption based on the size of the plastic zone can be verified. Fig.
9c shows the equivalent plastic strain at the crack tip (with a crack extension of 1 um) in its
crack arrest configuration after the release of residual stresses in the actuator for a parameter
set of § =7.8 GPa and I}, =26 J/m? (= 3.2 MPaVm). The radius of the plastic zone is 23 nm,

i.e. only 6 % of the film thickness, which is small enough to ensure plane strain conditions.

4. Discussion

4.1. On the validity of K, and on the sources of uncertainty

4.1.1. Geometric and elastic parameters

A primary source of error in the determination of K arises from the uncertainties in the
experimental measurement of the geometric parameters of the COC test structures and/or from
the elastic properties that are introduced in the FE models. Systematic errors can occur during
SEM, profilometry or nanoindentation measurements, potentially exceeding 10 %. An error
propagation analysis was conducted to evaluate the impact of these uncertainties on Kc. This
analysis assessed the contribution of each measured parameter included in the FE simulations
based on the following analytical formula [40] for K corresponding to the COC test structures

with sufficiently long cracks (double cantilever type geometry):
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where Ly, W, tg, Eq, V4, o™ are the length, width, thickness, elastic modulus, Poisson ratio,
and internal stress of the SiN actuator beams, respectively, L, t, E, v are the length, thickness,
elastic modulus, and Poisson ratio of the test specimen, respectively, and a is the crack length.
The standard deviations on the measurements of each of these independent parameters lead to
the estimation of a total error on K, between 11 % and 12 %, when the fracture toughness is

determined using the 2D elastic plane stress model as described in Section 3.3.

4.1.2.Crack propagation behavior
Another source of variation of K, can be attributed to the crack propagation behavior, which

does not always ideally proceed along a straight line.

Firstly, the microstructure of the nanostructured W film is characterized by a high density of
grain boundaries. The crack follows the grain boundaries as shown in Fig. 5a. The GB’s can
either facilitate crack propagation by acting both as stress concentration sites and lower energy
interfaces with lower strength than the grains interior or hinder it by forcing the crack to follow
a tortuous path along the grain boundary pattern inducing some mode Il local contribution. This
variability in the crack path can result in different degrees of shielding, leading to varying
fracture toughness values across different COC test structures, for further SEM illustrations see
section C of the supplementary material. This behavior is consistent with the results of previous
studies, such as [23], which reported similar scatter on K, of ultra-fine-grained (average grain
size of 790 nm) W microcantilevers at room temperature. The authors found a variation in the
measured K, from 3.8 to 5.1 MPaVm and attributed the variations to crack initiation occurring
in one or two crystallographically favourable grains or along grain boundaries. The fracture

surface revealed a mixture of transcrystalline and intercrystalline crack propagation across

18



Main text

multiple grains and grain boundaries, explaining the observed scatter. Here, the impact would
be on setting the arrest crack length a little shorter or a little longer, depending on the specific
crystallography of the grains screened by the running crack when the energy release rate gets
close to the critical value. Another study [57] investigating the fracture toughness of 0.1 mm
thick W foil with a crack perpendicular to the elongated grains (~ 400 nm in the transverse
direction) at room temperature demonstrated significant scatter, ranging from 20 to 110
MPavVm. The fracture surface morphology varied, with cleavage fracture corresponding to the

lowest fracture toughness values and delamination corresponding to the highest values.

Secondly, due to microfabrication artifacts, the details of the notch tip geometry exhibit some
variability resulting in variable stress concentrations along the notch front. This variability
affects the crack initiation dynamics, resulting in partly different crack propagation histories,
sometimes with multiple nano cracks initiating from different locations on the notch tip, as
shown in Fig. 5b. The redistribution of stress concentration at the notch tip between two cracks
instead of one can affect the final crack length as well as the fracture toughness values. For
sufficiently long 4a, these effects should not affect too much the crack arrest but for short Aa

these effects cannot be discarded.

Thirdly, in addition to the notch effect, misalignment artefacts could bias crack propagation
towards one side of the specimen, as shown in Fig. 5c, causing variability in crack lengths and

fracture toughness values for different COC test structures.

A fourth source of error may result from some degree of crack inclination through the coating
thickness, causing differences in the crack length when looking at the two opposite surfaces.
However, based on the observations made in Fig. 7 only a slight difference in crack length was
found between the top and bottom surfaces of the W specimen, with the bottom surface being
approximately 1.2% longer. Given the columnar microstructure of the W films throughout their

thickness, it is unlikely that the crack length would differ substantially between the top and
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bottom surfaces, as the crack preferentially propagates along grain boundaries, as discussed
previously which supports the reliability of the top surface crack extension measurements for

accurate fracture toughness determination.

As a final sanity check, 3D simulations were performed with a static crack using linear
elasticity to challenge the predictions of the 2D plane stress model. The J integral values agree
perfectly between the two models. Comparative simulations were also conducted using the
elastic 2D static crack model under both plane stress and plane strain conditions for the test
specimen. The results indicated that the calculated fracture toughness value under plane strain
conditions is 7 % higher than that under plane stress conditions, this validates the extracted K¢

values.

4.2. Fracture toughness of W-thin film versus bulk

Fracture toughness studies on miniaturized W specimens, predominantly using focused ion
beam (FIB)-fabricated micro-cantilever beams, have reported a broad range of values
depending on material type, scale, and analysis method, see introduction. For tungsten single
crystals, Wurster et al. [34] reported values between 2.9 and 3.7 MPaVm using linear elastic
fracture mechanics (LEFM), 12.5 to 22.3 MPaVm when based on the J-integral and elastoplastic
analysis, and 9.2 to 14.4 MPaVm using the critical crack tip opening displacement. Ast et al.
[35] investigated the size effect affecting the fracture toughness (FT) of as-received and pre-
strained W single-crystal cantilevers. They reported minimum fracture toughness values as low
as 1.5 MPaVm in the smallest W cantilevers using LEFM, while slightly larger cantilevers
exhibited values around 3.31 MPaVm. Values between 5.5 to 6.6 MPaVm were reported, using
EPFM. Similarly, Bohnert et al. [58] addressed the fracture toughness of W single-crystal
through numerical finite element simulations and experimental methods, revealing values equal
to 12.9, 13.3, and 7.6 MPaVm using FE-based cohesive zone modelling, J-integral, and LEFM,

respectively. It is worth noting that the W cantilevers in this last study were much larger than
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those tested in previous studies. Extending to polycrystalline W specimens, Wurmshuber et al.
[59] evaluated the toughness of ultrafine-grained (UFG) W (140-160 nm, prepared via high-
pressure torsion) using size-varied notched cantilevers and EPFM J-integral analysis. Fracture
toughness ranged from 12 MPaVm for smaller beams to 30 MPaVm for larger ones.
Furthermore, in [35] a value of 6.5 MPaVm was reported for an ultrafine-grained W specimen
with an average grain size of 790 nm. Subsequently, Fritze et al. [60] evaluated the fracture
toughness of 4.5 um magnetron sputtered W films using notched micro-cantilever beams and
they reported fracture toughness of ~4.5 MPavm for pure W, decreasing to 3.4 and 3.2 MPaVm

with 2 and 4 at.% carbon doping, respectively.

Room-temperature fracture toughness values for bulk pure W with millimetre-scale
dimensions vary widely, depending on processing methods and resulting microstructures. Rupp
and Weygand [11] measured K. values of 13.4 MPavm and 8.1 MPavm for polycrystalline W
rods (produced by powder metallurgy and 65% rolling) for the crack propagation direction
parallel and perpendicular to the rolling direction, respectively. The material featured elongated
grains (aspect ratio ~1:3) and subgrains of a size that is less than 1 um, aligned along the rolling
direction. In a separate study, Gludovatz et al. [61] studied ultrafine-grained and potassium-
doped W processed via severe plastic deformation (high-pressure torsion), achieving grain sizes
of ~100 nm. They reported higher K¢ values of 35 MPaVm for pure W and 32.06 MPaVm for
potassium-doped W (1 mm rods), while coarse-grained specimens (>4 mm) showed
significantly lower toughness (5-10 MPaVm). Similarly, Faleschini et al. [32] studied pure
tungsten (99.98%) produced via powder metallurgy in as-sintered and rolled conditions, both
exhibiting grain sizes of several micrometers. Fracture toughness was approximately equal to
5 MPaVm for sintered specimens and 5.4 MPaVm for rolled ones. Following severe plastic
deformation (SPD), the grain size was refined to ~300 nm, resulting in a fracture toughness of

~30 MPaVm. Additionally, Murphy et al. [62] investigated W films produced by chemical vapor
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deposition (CVD), yielding a columnar grain structure (10 um wide, 10-200 um long). Fracture
toughness measured by four-point bending was approximately 5 MPaVm for notches parallel

and 4 MPaVm for notches perpendicular to the growth direction.

Reviewing the reported studies on the fracture toughness of W, it is evident that the wide
range of measured values arises from multiple factors. These include specimen size effects,
microstructural differences, as well as variations in failure mechanisms. Each of these factors
contributes to the observed discrepancies in K¢ values. Regarding specimen size effects, the
fracture toughness can potentially increase as the thickness of the test specimen increases
because of the near plane stress conditions, reach a peak value, and then decrease with a further
increase in thickness, This transition regime between plane stress and plane strain is different
from one material to another and it depends on both the strength and toughness of the material

that decisively controls the thickness regime dominated by near plane stress conditions [63].

In the case of the present W nanostructured films, near-plane stress conditions would
require thicknesses below 50-100 nm (thinner than tested here) to have a plastic zone size
similar to the film thickness [63]. In other words, no size effect can be expected in the present
context. If the yield stress decreases by a factor 3 and FT increases by a factor 2, the plastic
zone size would be around 2 to 4 micrometers, putting microcantilevers of the literature also in
the plane strain regime. Finally, aside from the plane stress/plane strain transition, other sources
of constraint effects can play a role if the specimen dimensions are not large enough, leading to
a drop of stress triaxiality at the crack tip. Such effects can be important for ductile fracture
mechanisms, but are out of the present scope. Hence, true specimen size effects can be discarded

(except for conditions of very large K¢ of W).

Regarding failure mechanisms, fracture toughness varies between transgranular
cleavage, primarily observed in single crystals and intergranular fracture in tungsten

polycrystals, with delamination ductile failure in some cases as in [57]. Notably, brittle cleavage
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has been reported in ultrafine-grained (UFG) tungsten (790 nm grain size) tested with a
submicron specimen [35]. The present results are relevant only within the context of an
intergranular (brittle) fracture mechanism. An interesting observation emerges when comparing
previous studies on W cantilever-free beams prepared from PVD [60] and CVD [62] coatings.
In both cases, intergranular (inter-columnar) failure was observed, with comparable K. values
of 4.5 and 5 MPaVm, respectively, despite the PVD coating being 4.5 um thick and the CVD
coating 1 mm thick. Intergranular/intercolumnar fracture in nanostructured metallic thin films
can be purely brittle, occurring by intergranular fracture when the material’s yield strength is
excessively high due to nano-sized grains or because of grain boundary embrittlement due to
impurities residing at this level. Alternatively, the fracture can be intergranular ductile, resulting
from the coalescence of voids nucleated along well-oriented grain boundaries, potentially
leading to their decohesion, owing to lower yield strength, which allows for more plastic
deformation [55]. In some cases, the two mechanisms could co-exist depending on the thickness
of the test film, as reported in [64] on sputter-deposited Cu films or on the impurities level at
the grain boundaries, as found for sputter-deposited Al films [65]. In any case, the present I, ~
26]/m? is too high for a pure cleavage mechanism. The crack morphology in our COC test
structures (Fig.6) appears more as a combination of brittle intergranular fracture with some

ductile events including sparse void nucleation and some degree of plastic distortion.

Finally, regarding microstructure, texture effects/ grain morphology [11, 61, 66],
impurities segregations at GB [37, 67], dislocation density [68], and grain size [61, 62] are the
main parameters that can affect the FT. In the present study, the dominant parameter is certainly
the grain size (~ 160 nm). This small grain size leads to yield strength levels above 4 GPa
compared to 1 to 1.3 GPa in bulk W with micrometre-size grains [69]. This means that if the
identified peak stress of the traction separation zone equal to 7.8 GPa is a correct estimation of

the strength of the fracture process zone for grain boundary failure independent of grain size
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(i.e. this assumes nominally similar GB and GB chemistry) the ratio ai in bulk W would be
0

close to 4. Such a ratio can then lead to a significant R-effect, absent when GE is below 3 as in

0

our thin film specimens. Combined with the fact that many bulk tests are based on not-fatigue
pre-cracked specimens, one can expect that the measured K is affected by an R-effect, more
crack tip plastic deformation and thus extra dissipation contributing to having a G in bulk form
is equal to ~ 100 J/m? to be compared to ~ 28 J/m?. Now, the fact that the present film structure
is columnar probably also plays a role in limiting the possible toughening by crack deflection,

which is difficult to assess quantitatively.

The cohesive zone approach has been used to rationalize the present results and justify
that the K¢ values obtained at crack arrest can be safely compared to K. extracted at initiation.
Otherwise, the methodology would have provided an inverse identification of K¢ at initiation
based on I'o. Furthermore, this model also allows linking with the differences to be expected
with bulk specimens. Further analysis is needed to consolidate this finding, but if it is correct,
it directly opens an avenue for the transferability of the nano- or micro-scale specimen results
to macroscopic components. Similar to the transfer of ductile or cleavage fracture laboratory
data to components by the local approach to fracture [70], a similar approach can be followed
with the CZM model here describing the intergranular failure mode. The underlying idea is that
once the parameters of the traction separation law are identified, they can be used independently
of the geometry as long as the failure mechanism does not change, i.e. remains in the brittle
intergranular regime. The transfer would remain valid even if the plastic properties vary as a
result, for instance, to a change of grain size, texture, or dislocation density, considering that

these changes are properly considered when modelling the plasticity.
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5. Conclusion

The fracture toughness of freestanding 370 nm-thick nanostructured tungsten films, deposited

via magnetron sputtering, has been determined with an on-chip fracture mechanics test method,

complemented by finite element modelling. These models included both 2D and 3D static J-

integral analyses, as well as extended finite element method (XFEM) simulations relying on a

cohesive zone model to represent the failure process. The study led to the following findings:

The crystal phase, morphology, and residual stress levels in magnetron-sputtered
tungsten films significantly vary with the deposition parameters, specifically the
working gas pressure. Care should then be taken to generate films that are the most
representative of the tungsten a-phase.

High compressive residual stress in sputter-deposited a-phase tungsten complicates
the execution of reliable on-chip cracking tests, requiring an annealing heat treatment
to reduce their magnitude.

The fracture toughness of a-phase W films is equal to K, = 3.2 + 0.36 MPaVm, meaning
G, =~ 28.3 + 3.6 J/m? aligning with previously reported data extracted from W micro-
cantilever under linear elastic fracture mechanics (LEFM) conditions. This value is
about 50% of the lowest fracture toughness reported for bulk W at room temperature

for similar quasi-brittle intergranular mechanisms.

The fracture process zone behavior can be represented by a traction separation law with
fracture energy Iy ~ 26]/m? and a peak strength & = 7.8 GPa to reproduce the

experimental results. These characteristics lead to limited R-curve effect on the cracking

of the thin film specimens, hence G, = [}, indeed. With o, = 4.3 GPa, the ratio Ui IS

0

equal to 1.8, explaining the absence of significant plastic dissipation. In bulk form, o,
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is much lower, with az then being larger than 3, that can explain more significant plastic
0

dissipation and higher fracture toughness.

e The cohesive zone model approach offers thus a path to transfer laboratory data obtained
on nano or micro-scale specimens to macroscopic components assuming the failure
mechanism is the same. For intergranular fracture, this implies that the grain boundaries
must have the same characteristics and composition. The possible change of plastic
behavior can be taken into account through changing the hardening law and constitutive

model.

The next step in this research effort is the application of ion irradiation to W films, combined
with transmission electron microscopy. The advantage of using thin films is to enable relatively
homogenous doses over the thickness of the specimen. This is crucial for optimizing the
performance of W coatings as well as bulk W components to be used in future nuclear fusion
power reactors, even though testing on neutron irradiated specimens will ultimately remain

necessary such as with the IFMIF-DONES facility under development [71,72].
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Fig. 1. (a) SEM micrograph of a crack on-chip test structure after the release of internal stresses
in the SiN actuator. (b) Zoomed-in view of the propagated crack in the W. (c) Example of a
finite element model (3D J-integral) used to numerically simulate the crack-on-chip test. (d)

Zoomed-in view at the crack extension

Fig. 2. (a) Residual stresses in the o and B phases of W films as a function of Ar pressure. (b)
(100) diffraction peak of the a-phase before and after annealing for a deposition at an Ar
pressure of 6 mTorr. (c) Corresponding SEM surface (d) cross-section image before annealing.
(e) Corresponding SEM surface (f) cross-section image after annealing (taken using In-Lens

detector)

Fig. 3. Results of nanoindentation tests performed on a 1000 nm thick annealed a-phase W film
showing (a) the film elastic modulus and (b) the apparent hardness as a function of penetration

depth

Fig. 4. SEM surface micrographs of some successful crack-on-chip test structures after the
release of internal stresses in the actuator, resulting in stable arrested cracks in the tungsten
films with extensions of (a) ~ 1.7 um, for an actuator length of ~ 16.3 um, and (b) ~ 5.3 um for
an actuator length of ~ 32.1 um. (d) Steady-state fracture toughness as a function of crack
extension, estimated using (c) the 2D plane stress elastic finite element model with the J-integral

method applied to a crack of the same length as the one measured experimentally.

Fig. 5. Selected SEM micrographs of COC test structures illustrating different crack
propagation behaviors leading to scatter in fracture toughness values: (a) crack deviation due
to the “microstructure effect”, (b) initiation and propagation of two cracks due to the “stress
state at the notch front effect”, (c) side crack propagation due to the “misalignment and notch

effect”.
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Fig. 6. SEM micrographs of a COC test structure display a propagating crack on the left.
Zoomed-in images on the right highlight the crack’s lips, revealing a smooth morphology with

a distorted shape. suggesting potential semi-ductile fracture behavior.

Fig. 7. Focused lon Beam (FIB) cut W-COC test structure showing crack length comparison
between (a) the top surface with a crack length of 1.61 um and (b) the bottom surface with a

crack length of 1.63 pm.

Fig. 8. Snapshot of the near crack tip regions in a cohesive zone-based FE simulation performed
with peak strength 6 = 7.8 GPa, cohesive energy Iy = 26 J/m?and 1nm element size. The left
figure corresponds to the situation just after crack initiation, indicating that the FPZ length is
around 10 nm. The right figure is when crack arrest is attained, showing that the FPZ length is
around 25 nm. This indicates that element sizes on the order of 1 nm are needed to resolve the

extremely small FPZ associated with the brittle failure mechanism under investigation.

Fig. 9. (a) Map of the measured crack extensions Aa in the space of the imposed & — I,
obtained with the 2D plane strain elastic-plastic XFEM model. (b) Same map, with the fracture
energy values I, analytically converted to fracture toughness values K;., assuming no R-effect
and using the plane strain assumption. (c) Equivalent plastic strain at the crack tip (with a crack
extension of 1 um) in its crack arrest configuration after the release of internal stresses in the

actuator for a parameter set of 6 = 7.8 GPa and T, = 26 J/m? (K, ~ 3.2 MPavVm).
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Fig. 1. (a) SEM micrograph of a crack on-chip test structure after the release of internal stresses

in the SiN actuator. (b) Zoomed-in view of the propagated crack in the W specimen. (c)
Example of a finite element model (3D J-integral) used to numerically simulate the crack-on-

chip test. (d) Zoomed-in view of an extended crack in the FE model.
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Fig. 2. (a) Residual stresses in the o and 3 phases of W films as a function of Ar pressure. (b)

(100) diffraction peak of the a-phase before and after annealing for a deposition at an Ar
pressure of 6 mTorr. (c) Corresponding SEM surface (d) cross-section image before annealing.
(e) Corresponding SEM surface (f) cross-section image after annealing (taken using In-Lens

detector)
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Fig. 3. Results of nanoindentation tests performed on a 1000 nm thick annealed a-phase W film
showing (a) the film elastic modulus and (b) the apparent hardness as a function of penetration

depth
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Fig. 4. SEM surface micrographs of some successful crack-on-chip test structures after the
release of internal stresses in the actuator, resulting in stable arrested cracks in the tungsten
films with extensions of (a) ~ 1.2 um, for an actuator length of ~ 16.3 um, and (b) ~ 5.3 um for
an actuator length of ~ 32.1 um. (d) Steady-state fracture toughness as a function of crack
extension, estimated using (c) the 2D plane stress elastic finite element model with the J-integral

method applied to a crack of the same length as the one measured experimentally.
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Fig. 5. Selected SEM micrographs of COC test structures illustrating different crack
propagation behaviors leading to scatter in fracture toughness values: (a) crack deviation due
to the “microstructure effect”, (b) initiation and propagation of two cracks due to the “stress
state at the notch front effect”, (c) side crack propagation due to the “misalignment and notch

effect”.

45



Figures (main text)

Fig. 6. SEM micrograph of a COC test structure displaying a propagating crack on the left.

Zoomed-in images on the right highlight the crack’s lips, revealing a smooth morphology with

a distorted shape. suggesting local plasticity accompanying the cracking process.
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Fig. 7. Focused lon Beam (FIB) cut W-COC test structure showing crack length comparison
between (a) the top surface with a crack length of 1.61 um and (b) the bottom surface with a

crack length of 1.63 pm.
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Fig. 8. Snapshot of the near crack tip regions in a cohesive zone-based FE simulation performed
with peak strength 6 = 7.8 GPa, cohesive energy I; = 26 J/m? and 1nm element size. The left
figure corresponds to the situation just after crack initiation, indicating that the FPZ length is
around 10 nm. The right figure is when crack arrest is attained, showing that the FPZ length is
around 25 nm. This indicates that element sizes on the order of 1 nm are needed to resolve the

extremely small FPZ associated with the brittle failure mechanism under investigation.
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Fig. 9. (a) Map of the measured crack extensions Aa in the space of the imposed & — I,

obtained with the 2D plane strain elastic-plastic XFEM model. (b) Same map, with the fracture

energy values I, analytically converted to fracture toughness values K;., assuming no R-effect

and using the plane strain assumption. (c) Equivalent plastic strain at the crack tip (with a crack

extension of 1 um) in its crack arrest configuration after the release of internal stresses in the

actuator for a parameter set of 6 = 7.8 GPa and T, = 26 J/m? (K, ~ 3.2 MPavVm).
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