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ABSTRACT: It is now established that the huge qualitative
difference in flow behavior between entangled polymer melts
and solutions in nonlinear elongational flows cannot be
explained in the framework of the “standard” tube model.
Instead, the additional relaxation mechanism of alignment-
induced friction reduction, acting primarily in melts, has
shown its interesting potential to explain the experimental
data. Here, we critically assess this mechanism by means of a
systematic experimental investigation of the extensional
response of long polystyrene chains diluted in short chain
matrices of varying molar mass, varying the interaction
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between long chains and their molecular environment. We find that, surprisingly, all polystyrene blends exhibit different
transient strain hardening properties but the same apparent steady-state elongational viscosity; i.e., the long chains reach the
same final stretch state as long as the short chain exceeds a critical molar mass of about 4 kg/mol, well below the entanglement
limit, and do not significantly contribute to the strain hardening. This observation contradicts, in part, the basic assumption
according to which the elongation state of a chain depends on its molecular environment, and raises new fundamental
questions, in particular on the relationship between transient strain hardening and the stretch state of the chains and its
consequences on the nonuniversal behavior of melts and solutions in strong flows.

I. INTRODUCTION

Predicting the linear viscoelastic (LVE) properties of
monodisperse polymers has reached a quantitative level
based on mesoscopic approaches such as slip-link models' "'
or the Doi—Edwards tube-model theory'® combined with
established relaxation mechanisms such as reptation, contour
length fluctuations, and constraint release (CR)."*~"7 The
latter mechanism is particularly important for binary blends
since it describes the influence of fast relaxation of shorter
chains on the relaxation of longer chains.'®™*° Despite the fact
that predicting the flow properties of such blends remains one
of the main challenges for tube models,” 7> a consistent
molecular picture could be proposed for describing the linear
regime, which allows explaining the different experimental data
based on the same framework.”" In particular, in the case of
polymer chains diluted in an oligomer matrix, the universality
of linear viscoelastic response of polymers was demonstrated
with different chemical structures and concentrations, as lon:

as the chains have the same number of entanglements.'>**>%*

However, it was shown recently that the universality between
polymer melts and solutions breaks down under nonlinear
elongational flows:*>*° while polymer melts exhibit a
monotonic extension-thinning behavior for all applied strain
rates,”” polymer solutions with the same number of
entanglements exhibit an initial thinning behavior followed
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by a strong extension hardening, which occurs at rates
comparable to the reciprocal Rouse time of the chains.”® As
a result, molecular theories for linear flows cannot be extended
to nonlinear flows without further considerations.

This nonuniversality is now well established experimentally;
however, its molecular origin and in particular the absence of
an extension thickening for polymer melts are not yet fully
understood.””** This indicates that there is an important
relaxation mechanism missing in polymer physics. Marrucci
and Tanniruberto®" proposed a first explanation, which is a
flow-induced contraction of the tube diameter from its
equilibrium, that ultimately results in a pressure-induced
relaxation effect. Known as the interchain pressure concept,
it includes a novel nonlinear parameter: the tube diameter
relaxation time, 7,. By incorporating this concept in the
molecular stretch function theory, Wagner et al.** were able to
attain a semiquantitative agreement for monodisperse PS
melts®” and showed that the tube diameter relaxation time
scales with the Rouse time of the chains. Later, this work was
successfully extended to entangled chains diluted in
oligomers33 and small molecule solvents.>* However, this
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required using two different Rouse times for the melt and the
solution state,>> which is difficult to comprehend. Further-
more, with binary blends of monodisperse linear chains, it was
shown that 7, varies with the weight ratio of long to short
chains in the blend, which should not be the case if it is related
to a Rouse process.36

Recently, it was proposed37 that the monotonic thinning
behavior observed in the melt state is due to an alignment-
induced reduction of the monomeric friction under fast
elongational flow.”®*” This mechanism calls for a stretching
of the chains in fast flows, inducing strong local anisotropy and
resulting in a decrease of the (monomeric) friction coefficient
of the chains. A priori, this should mainly affect entangled
polymer melts, since in solution the small molecules do not
align.”® However, a recent work by Huang et al."’ suggests that
in oligomeric solution friction reduction can also take place
due to nematic interactions®'~** between the oligomers and
the polymer molecules and with the importance of this process
increasing with the size of the oligomers. Subsequently, a
nematic interaction parameter & was included in the nonlinear
tube model,** defined as the ratio of the order parameter of the
short molecules to the average order parameter of the system.
The resulting model allowed obtaining a more accurate
description of the properties of various polystyrene (PS)
melts and solutions.**™* Very recently, Park and Iannir-
uberto*® established the dependence of € on the molar mass of
PS oligomers. Four different regions were distinguished as
shown in Figure 1. Initially, € increases with the oligomer
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Figure 1. Nematic interaction parameter, &, vs styrene molar mass,
M,,. The dashed part of the curve is hypothetical."” The M,, of the PS
matrices used in this study (symbols) were chosen to explore all three
hypothetical regimes.

molar mass (for M < M,), followed by a regime where ¢ is
constant (up to M =~ M,). Then ¢ decreases and finally
becomes constant when the chains are fully entan§led. Only
the first regime has been observed experimentally,*”*® whereas
the other regimes are not ;ret confirmed, with the exception of
the work of Ylitalo et al.*’ (for polybutadiene).

However, this is in contrast to the work of Tassin et al,*
who found a constant value of ¢ for 10 and 27 kg mol'styrene
oligomers, and to the work of Doi et al,*® who showed that
nematic interaction has only a small effect on the viscoelastic
properties, although it can be strong for the optical properties.
On the other hand, the validity of reduced friction upon large
flow is also questioned by results obtained with specific slip-
link models such as the one proposed by Andreev et al.,, which
also shows deviations from the experimental data, but in the
opposite direction,'® thus leading to a larger discrepancy if a
reduced friction is considered. It must be noted, however, that
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other slip-link models, such as the multichain approach
proposed by Yaoita et al.>> or the model of Takimoto and
Doi,*° show the opposite trend, i.e., a pronounced hardening in
blends of long chains with short chains.

From the above it is evident that role of oligomer size on the
extension-hardening reduction, and its consequences on
advancing the state-of-the-art in polymer physics in the
direction of developing molecular constitutive equations,
represents an outstanding challenge. In this paper we address
this challenge with a systematic data set, based on carefully
designed experimental systems, that allows exploring the
transition from polymer melts to polymer solutions in uniaxial
extension by means of long PS chains diluted in matrices of
oligomers of different sizes. To this end, long chain PS is
diluted at equal concentrations in polystyrene matrices of
different molar mass, M, .y ranging from unentangled to
fully entangled states. These samples have been selected to
ensure that friction reduction due to changes in configuration
is solely governed by the suggested long chain—matrix nematic
interaction, i.e., the reciprocal Rouse times of the matrices
exceed the elongation rates, so that the short chains do not
stretch over the entire range of our experiments (see details in
the Appendix).

The results provide the needed ingredients to understand
why and how the transition from polymer—oligomer to
polymer—polymer interaction affects the strain hardening
behavior. Indeed, the experimental data suggest that all PS
blends have the same apparent steady elongational viscosity
when compared at same distance in temperature from their
glass transition temperature, T,. This observation leads us to
the conclusion that as long as the matrix exceeds a “critical
molar mass” (around 4 kg/mol™’), the long chains/matrix
nematic interaction is not present or at least is constant and
independent of the molar mass and entanglement state of the
matrix molecules. In addition, the departure of the transient
viscosity curves from their linear viscoelastic (LVE) envelopes
is much more pronounced in an oligomeric matrix than in an
entangled matrix, demonstrating the large influence of partial
relaxation of the longer matrix chains on transient strain
hardening. These results raise thus new questions on the
physics of the polymeric response in strong flows.

Il. EXPERIMENTAL DETAILS

Four different blends were prepared by diluting a long PS chain
(PS820) at a concentration of 10 wt % in four different matrices
(from Polymer Source, Montreal, Canada). The long component was
always self-entangled. The short chains ranged from oligomers (OS9)
to a fully entangled state (PS73), but they never stretched at the
particular experimental conditions. Their weight-average molar mass
M, and polydispersity PDI were assessed by gel permeation
chromatography, and for PS820 by field flow fractionation coupled
with multiangle light scattering (at BASF, Germany), yielding 820 kg
mol™" and 1.02 for PS820; 8.8 kg mol™" and 1.11 for OS9; 23 kg
mol™" and 1.09 for PS23; 34 kg mol™" and 1.11 for PS34; and 73 kg
mol™" and 1.08 for PS73.

The PS blends were prepared following a four-step procedure
inspired by an earlier work.”” In this procedure, first the polystyrene
and the oligomer are weighted according to the desired weight
fractions and dissolved together in THF. The mixture is then stirred at
room temperature overnight to ensure that the components are well
dissolved and mixed. In a next step, the whole mixture is added to a
nonsolvent (methanol) drop by drop, using a buret. The precipitated
polymer/oligomer blend is then separated and collected using paper
filtration. Finally, the blends are dried at high temperatures under
vacuum to remove any remaining traces of the solvents.

DOI: 10.1021/acs.macromol.8b02701
Macromolecules 2019, 52, 2521-2530


http://dx.doi.org/10.1021/acs.macromol.8b02701

Macromolecules

Table 1. Main Characteristics of the Blends

blend composition Z,/Zg T, [°C] exptl temp, T [°C] 7 (matrix) at T, + 314 °C [s]
Bl 10% PS820—90% PS73 54/5 106.6 138 2.9
B2 10% PS820—90% PS34 54/2 104.7 136 0.63
B3 10% PS820—90% PS23 54/1 103.5 135 0.29
B4 10% PS820-90% OS89 54/<1 98.6 130 0.04
The presence of solvent can profoundly alter the strain hardening > BI.10% PS820 - 90% PS73
behavior of the PS samples. Thus, extra cautions were taken to ensure R 102 o B2:10% PS820 - 90% PS34
that the samples are free from any sort of impurities. For this, the PS g' B3 : 10% PSB20 - 80% PS23
blends were dried inside a vacuum oven at a temperature higher than o l\?\?L;:?ufv :fizgs_ni)n/o 089
the melting temperatures of the solvents and close to the glass 5.0
transition temperature of the PS blends. Both THF and methanol B 10
have a melting temperature of around 65 °C, while the glass transition 3
temperature of the PS systems is ~100 °C. Therefore, the PS blends ETj
were first dried at 90 °C for several hours and then at 70 °C for about = 1072
a week. It should be noted that the samples were dried as powders %
rather than in solid blocks to ensure an easier diffusion of the solvent.
The quantity of THF added in the first step influences the final o
form of the mixture. Therefore, this quantity was tuned to obtain PS 10

mixture in fine powder form, thus making it easier to evaporate the
residual solvents.

The main characteristics of the blends are listed in Table 1. The
number of entanglements along the long and short chains (Z; and Z,
respectively) and the isofrictional Rouse relaxation time of the matrix
(7p) are also given (details in the Appendix). T, was determined by
differential scanning calorimetry.

Because the longest chain PS (PS820) was diluted at same
concentration (10 wt %) but in in the short chain matrices of different
lengths, the T, of each blend was found to vary, depending on the
molar mass of the short components. This difference in T, values
must be taken into account to allow a comparison of the viscoelastic
responses. This can be achieved by working under iso-T, conditions,*®
ie, by keeping the same temperature difference between the
experiment and the glass transition temperature of each blend.
Working at iso-T, condition is in particular important for amorphous
polymers such as PS because of its high T, (~100 °C) and therefore
the relatively low temperature difference between the glass transition
and the experimental temperature.

The LVE properties were measured by small-amplitude oscillatory
shear tests performed on a MCR 301 (Anton Paar, Austria)
theometer using a stainless steel parallel plate geometry (with a
diameter of 8 mm), with a convection oven for temperature control
(~0.1 °C) under constant nitrogen gas supply. After an amplitude
sweep to determine the LVE region, frequency sweep tests were
performed at three different temperatures (ranging from 130 to 170

°C for samples B1—B3 and from 120 to 160 °C for sample B4 with
lower T) and shifted onto a single master curve at a reference
temperature T, using time—temperature superposition (TTS).**
These master curves were then brought to iso-T, conditions (Tes —
T, =314 °C)** by shifting horizontally and ensurlng a good overlap
of the viscoelastic response in the high-frequency region, in which the
chain relaxation is controlled by local Rouse dynamics and thus
depends only on (T, — Tg). As discussed below, the validity of the
shift factors to this specific reference temperature can then be
confirmed by comparing their value to the shift factors versus
temperature curve used to build the different TTS master curves for
different blends.

The shifted iso-T,, data measured at 120 °C (for blend B4) or 130
°C (for blends B1— B3) are then used as reference curves to shift the
other experimental data measured at higher temperatures and to
create general master curves. It should be noted that no vertical shift
has been considered here, since the range of temperatures used is
rather limited. In Figure 2, all shift factors used to create the master
curves are plotted against (T — Tg). As it can be seen, when plotted in
such a way, the values used for the PS blends nicely coincide with
each other and the WLF equatlon for melts and entangled chains
diluted in oligomer matrix***’
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20 30 40 50 60 70 80 90
T — Ty(°C)
Figure 2. Time—temperature superposition shift factors as a function

of (T — T,), determined for the different polymer blends. The
continuous curve represents the WLF equation used in ref 1.

_CIO(T - ’I;ef)
C?? + (T - Tref) (1)

where ¢ = 8.19, 3 = 89.53 K, T,.s= 138 °C, and T, the temperature, is
expressed in °C. The fact that all these curves superimpose also
validates the factors used for shifting the data under iso-T, conditions.
Furthermore, this good agreement, together with a good overlap of
the high frequency data in the storage and loss moduli curves,
validates the values experimentally found for Tg

Note that the WLF curve used in this work is in good agreement
with the one proposed in previous works.”**’

Transient elongational stress measurements were performed with a
filament stretching rheometer (VADER-1000, Rheo Filament, USA)
using a stainless steel parallel plate geometry (with a diameter of 6
mm), with an oven for temperature control (~0.1 °C) under constant
nitrogen gas supply. Prior to the measurements, all samples were dried
under vacuum at 65 °C overnight. These samples were then molded
into discotic specimens with a fixed radius of 2.75 mm using a
homemade mold under vacuum. The samples were pressed at 140—
150 °C and annealed at the same temperature (at least 20 min) under
vacuum. A three-step protocol was followed: first, the sample was
slightly squeezed at 150—160 °C to ensure adequate contact between
the sample and the plates. Next, the sample was prestretched to a
smaller radius R, ranging from 1 to 2.5 mm (to reduce the risk of
sample detachment during the next step). Finally, the temperature
was decreased to the experimental temperature (T — T, = 31.4 °C,
see Table 1), and subsequently the time-dependent stress growth
coefficient was measured at constant Hencky strain rates between
0.001 and 0.2 s™'. The importance of working under iso-T,
conditions, as well as further details on the measurement protocol,
are presented in the Appendix.

logar =

lll. RESULTS AND DISCUSSION

The linear and nonlinear responses of the PS blends are shown
in Figures 3 and 4, respectively. The tube-based model used to
predict the LVE properties of the blends is discussed briefly in
the Appendix.

The LVE data clearly show a fast relaxation of the short
matrix at high frequencies, followed by the relaxation of the
long chains at lower frequencies. While the short chains in
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Figure 3. Experimental (symbols) and predicted (lines) storage (open
symbols) and loss (closed symbols) moduli of the PS blends at iso-T,
conditions.

sample Bl with about five entanglements form a rubbery
plateau, the breadth of this plateau gradually diminishes with
shorter matrix molecules, and it eventually disappears for blend
B4. Despite the fact that the same concentration of long chains
is used for all blends, their terminal relaxation time decreases
with decreasing length of the matrix due to a larger CR
effect."”””*” These experimental data are used to create the
LVE envelopes for the elongational data of Figure 4. Any
upward deviation from these envelopes is a signature of
transient strain hardening (SH). As already mentioned, the
observed SH results entirely from the stretching of the long
chains (see Figure 6) but is influenced by their interaction with
the different matrices. The Hencky strain rates are also low
enough to ensure that the short matrices do not orient with the
flow (with their inverse reptation time shorter than the highest
strain rate), except for the long chains blended to the longest
matrix, PS73, and deformed at the highest strain rate (0.02
s7!). It should be noted that in this work the term “steady
elongational viscosity” represents the constant elongational
viscosity reached by the transient viscosity curve after a certain
time but does not especially refer to a steady state.”' >

We first interpret the extend of SH with the established
approach, i.e., via the deviation from the linear envelope and by
comparing normalized curves with respective LVE envelopes
(Figure 4b).****575% While all blends depict strong transient
strain hardening, the deviation from the LVE envelope is
reduced with increasing M, ,.,ui A similar trend, going from
polymer solution to melt, has been reported in the literature™®
and was attributed to the above-mentioned stretch-induced
friction reduction. However, this explanation cannot hold for
the present samples since the matrices are not stretched (see
Figure 6). The alternative scenario is the monomeric friction
reduction due to enhanced nematic interactions. In such a
case, by looking at the importance of the transient strain
hardening (Figure 4b), the results would suggest that ¢
increases monotonically with M, ..ix even when the matrix is
fully entangled. This raises a first issue: the interpretation of
the data is physically questionable, since it is clear that nematic
interactions cannot be enhanced in entangled polymer melts.
In fact, from the analysis of the non-normalized data (Figure
4a), we would rather conclude that in this range of molar
masses (M, n.uix > 4 kg/mol) the nematic interaction
parameter is constant. This highlights the importance of
correctly interpreting the data and to re-examine the meaning
of transient strain hardening. Furthermore, our results
contradict the hypothetical decrease of the nematic interaction
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Figure 4. (a) Transient response of PS blends under elongational flow
at various rates as indicated. Solid lines are the LVE envelopes, while
the dashed lines are predictions of the contribution of long chains to
the LVE envelop. Slight discrepancy at short times with highest W
(defined with respect to the long chain) is discussed in the Appendix.
(b) Responses of blends Bl, B2, and B4 are normalized by the
corresponding LVE data in elongation, which have been estimated
from the complex viscosity, such as #;yg(t) = 37(w = 1/t) (blend B3
is excluded for clarity). (c) Transient response of blend B1 (black and
gray) and blend B4 (blue and light blue) sample. Experimental
elongation curves (symbols) are compared to the full LVE envelopes
(solid lines) and to the long chain LVE (dash-dotted curves;
estimated from model). Dashed curves are drawn to illustrate the
onset of long chain stretching. (for clarity, only blends B1 and B4 are
shown).

parameter with increasin§ molar mass of the matrix, as it was
proposed by Ylitalo et al.”” and Park and Ianniruberto® in the
case of high molar mass matrix (M, . > M., see Figure 1).
While previous works*”*® have experimentally shown that
nematic interactions have a large influence on the elongation
behavior of long chains diluted in very short matrices (M, i
< 4 kg/mol), the experimental data presented here allow us to
complete this picture for larger molar masses (M, p.uiy > 8 kg/
mol) and to show that in such a case nematic interactions are

constant.
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Figure S. (a) Relaxation state reached by the long chain through the
CR process before stretch occurs. The black blobs correspond to the
initial entanglement segments, with a corresponding primitive path of
length L., while the blue blobs correspond to their equilibrium state
after the CR process, with a corresponding primitive path of length
Legcr- (b) Chain conformation corresponding to L/Lego= 1: It
represents the transition state at which Acg = L/Legcg > 1 while 4 =
L/Lego=1. (c) Onset of stretch A = L/Lego > 1 (shown for one long—
long entanglement blob).
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Figure 6. Transient response (symbols) of PS melts, coming from ref
29. Solid lines represent the linear viscoelastic envelopes. Strain rates
are shifted to AT, = 31.4 °C from 234 °C.

As already mentioned, defining SH as typically done in the
literature”>*>*”* with respect to the LVE envelope raises
concerns in the case of blends. This is partially due to the fact
that the entanglement state of the linear matrix may strongly
affect the LVE response. Consequently, we expect that part of
SH coming from the long chains is masked by the viscoelastic
response of the matrix itself, especially if the latter takes time to
relax. To rationalize this effect, we used the tube model®” to
extract the contribution of the long chains to the LVE envelope
of the blend, which is depicted with dotted lines in Figure 4a.
Comparing this to the measured LVE envelope of the blend
(solid lines), it becomes evident that for samples B1—B3 the
long chain stretching should start well below the level of the
full LVE envelope (illustrated further in Figure 4c) but is
masked by the matrix contribution. In contrast to this, for
sample B4 the oligomer matrix relaxes fast enough and
contributes only weakly to the LVE envelope, so that the SH
arising from the long chains is fully detectable and appears to
be stronger. Therefore, the LVE envelopes influence the way
the curves are normalized and consequently the final level of
SH (Figure 4b). These observations demonstrate the large
effect of the linear response on the actual magnitude of SH and
justify an alternative way proposed in the following to quantify
the actual stretch state of the long chains in a way that is
independent of the LVE properties of the blends.

To achieve this, we directly relate the final long-chain
stretching to the steady values of the elongational stress growth
curves, as the short component has no effect at this level (given
the choice of M, .y and €), and all blends contain the same
weight ratio of long to short chains. Interestingly, it is observed
that all tested PS blends reach the same apparent steady-state
value (for Wiz = é7goue > 1), implying that the particular
choice of matrix chains has no impact on the final stretch of the
long chains. We can then conclude that beyond a “critical
molar mass” of the matrix (of about 4 kg/mol®™), the
polymer—matrix interaction has no effect or at least remains
unaltered and friction reduction does not depend on the length
of the matrix chains anymore. This unambiguous experimental
observation contradicts thus the behavior proposed in Figure
1.

These results also illustrate the large ambiguity in relating
the extent of transient SH (i.e, departure from linear
envelope) to the stretch state of the chains: while Figure 4a
suggests that the long chains reach the same steady-state
stretch level, and hence the same final SH (i.e., elongational
viscosity), the transient SH shown in Figure 4b strongly
decreases with M,

matrix*
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Figure 7. Left: blend B1 measured at different temperatures. Right: data shifted according to the TTS shift factor.
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Figure 9. Comparison between measured and averaged data for blend
B4 at 0.003 s~ ..

Table 2. Main Characteristics of Different Components of
the Blends

mol wt [kg/mol] Z PDI T, [°C]
820 54 1.02 106.6

73 S 1.08 105.6

34 2 1.11 103.3

23 1 1.09 92.4

8.8 <1 1.1 94.6

As already discussed, this large difference in transient
hardening mainly comes from the LVE response of the matrix,
which masks the initial SH of the long chains. But this is not
the only reason: Even if we compare the data with the LVE of
the long chains estimated from our tube model (see Figure 4c),
the transient SH still decreases with increasing M,, i, This is
due to a second process that influences transient SH, namely,
the capability of the long chains to partially relax before
starting to stretch. Indeed, long chains diluted in a fast-relaxing
matrix will rapidly relax a part of their orientation through the
CR process, since the continuous loss/creation of entangle-
ments with short chains enables them to explore a larger
effective tube diameter, acy(t), defined as

acg (t) = agh(t) "/ (2)

where a, is the initial tube diameter (i.e. accounting for all
initial short—long and long—long entanglements), ¢(t) is the
dilution factor, and « is the dynamic dilution exponent, which
has been fixed to 1, consistent with our previous work.””***’
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As illustrated in Figure Sa, another consequence of the CR
process is the reduction of the effective length of the primitive
path, L., cr(t), of these long chains:

Leq,CR(t) = Leq,0¢(t)a/2 (3)

where L., represents the initial length of the primitive path,
i.e., before the relaxation of the short chains.

It is important to note here that while the equilibrium length
of the long component, L., is constant for all PS blends, the
time scale at which L,y c(t) decreases strongly depends on the
matrix relaxation time. It is also important to note that the
transient SH appears as soon as the stretch factor Acgx(t) =
L(t)/Leqcr, Which compares the real length of the primitive
path, L?t), to its effective equilibrium length, L. cg, takes on
values >1.%° Consequently, the importance of transient SH
increases with the efficiency of the CR process, ie, with
decreasing the molar mass of the short component. In other
words, if the long chains have time to relax by CR before
starting to stretch, they will have a larger “reservoir” of
deformation and their transient strain hardening will be more
important. Because of the shorter length of their primitive
path, L. cr (see Figure 4c), long chains diluted in a fast
relaxing matrix also start to show transient strain hardening
before the same long chains diluted in a longer matrix.

On the basis of this result, we propose to distinguish two
different stretch regimes: The first one starts at time fgy, at
which the elongation curves depart from the linear envelop
(ie, L(tsy) > Leq‘CR(tSH)). In this regime, the stretch factor
At) = L(t) /Lego (which is defined as a function of the initial
length of the tube) is still equal to 1 (see Figure Sb), while
Acr(t) is already taking on larger values, leading to SH. When
the deformation is increased further (see Figure Sc), the curves
enter the second stretch regime, in which 4 is also becoming
larger than 1. In this regime, as it can be observed in Figure 4a,
the evolution of A(t) with time is identical for all samples.
Because the same long chains in the same weight ratio of long
to short chains are used for all blends, which all reach the same
apparent steady viscosity, this indicates that the evolution of
L(t) is identical for all samples. However, the stretch factor
Acr(t) stays different, since its starting point, Leq,CR(tSH),
depends on the short matrix:

hep) = — K L0 Fao ey Tao
Lygcr(ts)  Lego Legcr(ts) Loy cr(tsm)
4)
As already mentioned, Acg increases with decreasing M, auiv

leading to an enhancement of the transient SH (see Figure 4a).
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Thus, one can say that the length of the long chains
primitive path, L(t), increases independently from its
molecular environment, while the importance of transient
strain hardening depends on the relaxation state of the long
chains at the time t = tgy at which L(t) becomes longer than
Leq,CR(t). Because this last process strongly depends on the
sample composition, the importance of transient strain
hardening also varies a lot (see Figure 4b). The results
illustrate the key role of the matrix for the transient SH and are
expected to have large consequences for blends in which the
weight ratio of long to short chains is varied.

It must be noted that the picture proposed here most
probably fails at very high Hencky strain rates, at which the
chains are close to their finite extensibility. Indeed, in such a
case, the entanglement segments (defined in the initial or in
the dilated tube) lose their Gaussian properties and do not
behave as Hookean spring anymore. Because the strain rates
applied are rather low (i.e., such as the monomeric
equilibration has time to take place along molecular segments
of around 100 kg/mol), we believe the chains do not reach this
finite limit.

IV. CONCLUSION

In conclusion, we have demonstrated that above a critical
molar mass (of ~4 kg/mol40 for PS) polymer—matrix
interactions remain unaltered, and the size of the matrix
does not play a role anymore on the final stretching of the long
chains. Our results put the existing framework for under-
standing polymer stretching into question and provide new
insight into the components relevant for the actual SH process:
there exists a clear distinction between transient strain
hardening and final stretching of the long chains that
determines the steady-state elongational viscosity. The former
strongly depends on the polymer matrix, whereas the latter
depends solely on the elongation rate (as well as the long chain
M,, and concentration). This distinction is important for the
fundamental understanding of the transition from polymer
melts to polymer solutions under extensional flow and will
have consequences in our continuing quest to establish a
universal framework describing viscoelastic behavior under
strong flows.

B APPENDIX

A. Rouse Time of the Short Chains Matrix and Related
Stretch State
In this section, the different characteristics of PS blends (as
presented in Table 1) are defined. The number of
entanglements along the short and long chains was calculated
from the ratio of the molar mass of the corresponding
component and the molar mass between entanglements, Z =
M,,/M.. Following our previous works, the value of M, is fixed
to 15 kg/mol.27

The Rouse time, which is the longest relaxation time of an
unentangled chain, is important in elongational flow as
polymer chains are presumed to be stretched when the flow
rate exceeds the reciprocal of this characteristic time. In a
typical tube model, this relaxation time is defined as Tp,u =
7.Z%, where 7, is the relaxation time of a molecular segment
between entanglements.” The value of 7, depends on the iso-T
condition, and in this work it is set to 0.12 s at ATg =31.4 °C,
in agreement with our previous works.”” Consequently, the
short chains should start to stretch at strain rates of 1/7Tggye

2527

ie., 0.35, 1.59, 3.45, and 25 s™! for matrices of molar masses
equal to 73, 34, 23, and 8.8 kg/mol, respectively, while PS820
starts to stretch are strain rate of 2.8 X 107 s™\. To avoid
stretching of the short components, the highest strain rate used
in this work is 0.2 s%.

Because chain stretching depends on the Rouse time of the
chains, it is important to accurately determine the actual value
of this time. However, it has been shown that this value can
vary up to a factor 2, depending on the used model.*® If the
Rouse time was 2 times shorter than the proposed values, this
would not affect the results. On the other hand, if it was 2
times longer, this would mean that the short chains should
start to stretch at 0.175, 0.8, 1.73, and 12.5 s™! for matrices of
molar masses of 73, 34, 23, and 8.8 kg/mol, respectively. We
see that in such a case all samples stay below their stretch limit,
apart from the longest matrix (73 kg/mol), when deformed at
the highest strain rate. Thus, even with this uncertainty, the
picture proposed here is still valid.

The fact that strain rates selected here do not lead to strain
hardening of the matrix can be further validated by looking at
literature elongational data of PS melts®” similar to the ones
used in this work. In Figure 6, it is observed that a PS melt with
a molar mass of 50 kg/mol does not show strain hardening
(which results from stretch of chains) at strain rates lower than
0.4 s~', while a PS melt with a molar mass of 100 kg/mol starts
to strain harden at rates above 0.13 s™'. This last strain rate

2
corresponds to a critical rate of (0.13 s_1<%0> =) 0.265 s in
the case of polymer chains of mass equal to 70 kg/mol. This
value is indeed above the maximum Hencky strain rate used in
this work.

B. Importance of Working under Iso-T; Conditions

All uniaxial extension measurements were performed at iso-T,
conditions as mentioned in Table 1. This is important as the T,
of blends containing the highest and lowest M, ., B1 and
B4, differs almost by 8 °C. This temperature difference can’t be
ignored, especially for PS, whose activation energy is very high,
so that even a small change in temperature can cause strong
variations in its viscoelastic properties as shown in Figure 7
(left).

An alternative way of measuring at iso-T, conditions is to
measure the blends at the same temperature and then shift
using the TTS shift factors, as mostly done in the literature
(also shown in Figure 7 (right). However, to avoid any shifting
(which might induce a certain degree of error), in this work all
measurements are done at the same iso-T,, conditions.

C. Experimental Issues

i. Influence of Sample Prestretching. For blend B4, there is
a slight deviation from the LVE envelope for high strain rates
at low times. Owing to its high strain-hardening nature, the
blend B4 had to be prestretched more to avoid detachment of
sample from the plates (due to a high force buildup). This
prestretch can result in residual stresses, which take a longer
time to relax. However, this phenomenon only influences the
data at short times. The steady value at long times are
unaffected, as the stress involved is a few orders of magnitude
higher.

It must be noted that we could not measure the elongational
properties of the pure sample PS820. Indeed, this highly
viscous sample requires an important prestretching to avoid its
detachment. Consequently, an equilibration time of around 6 h
at 170 °C is needed, which leads to sample degradation.
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ii. Steady Value at High Wi All blends in Figure 4a seem
to reach the same steady value for all applied Wy, apart from
the one at the highest Wiy of 73. Indeed, for this particular Wy,
blends B1—B3 reach the same steady value, while B4 does not.
This is due to the fact that as shown in Figure 8 blend B4
suffers brittle fracture at high Hencky strains, before the
apparent steady state is reached. Measurements were repeated
three times at this specific strain rate, and brittle fracture was
observed at a similar Hencky strain for all measurements. The
experimental data indicate, however, an onset of a steady state
right before the fracture.

iii. Averaging of the Data at Low Strain Rates. Data
measured at low strain rates (0.003 s™* for all blends and 0.01
s™! for blend B4) were averaged to eliminate noise. Indeed, at
these low rates, the viscoelastic response of the blends was
close to the sensitivity limit of the force transducer, thus
leading to a significant level of noise as shown in Figure 9. As
can be observed, this averaging has little effect at long times
and has almost no effect on the steady value.

Measurements at very low strain rates (0.001 s™') were
performed in an attempt to recreate the linear viscoelastic
envelopes. However, the response from the materials turned
out to be too noisy (for &y > 2), and the steady state could not
be attained. It should be noted that blend B4 could not be
measured at this particular rate, as the sample base viscosity
was too low.

D. Modelling of the Linear Viscoelastic Data

To model the linear viscoelastic properties of the long linear
chains in different oligomers/short chains matrices, we used
the tube-based model (TMA) developed at UCL Louvain and
followed the approach described in refs 27 and 59 in the case
of binary blends with well-separated relaxation times. We
summarize the main concepts here.

After the relaxation of the short chains, the long chains start
to explore their dilated (fat) tube, which is only composed of
long—long entanglements. These motions, which take place at
the rhythm of the motion of the short chains, are well
described by a constraint release Rouse process and end as
soon as the long—long entanglements segments (ie., the
segments between two entanglements formed by the long
chains) are relaxed. The corresponding relaxation time of these
last ones is

2

Uy

7’-long—longent = maX(Tobs’ Te) l)_
2

©)

where v; and v, are the weight ratio of the short chains (90
wt %) to the long chains (10 wt %), 7, is the Rouse time of a
segment between two (short or long) initial entanglements,
and 7, is the average lifetime of a short long entanglement.
Following ref 59, this last one can be defined as

T

Tobs — 3 2

Z (6)
where Z, and 7, are the initial number of entanglements and
the terminal relaxation time of the short chain matrix,
respectively.

The influence of the fast motion of the matrix on the
contour length fluctuations of the long chains must also be
taken into account. Following ref 59, when the long
component is diluted in a matrix with a much lower molar
mass, we consider that the fluctuations of the long components
take place in a dilated (or fat) tube at the time scale of the
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short chains motions. Therefore, the contour length fluctua-
tions of the molecular segments, xg,, localized along the dilated
tube (xg, = O at the chain extremities and x,, = 1 in the middle
of the chain) are activated by the constraint release events
coming from the short component, and the corresponding
relaxation times are described as

93

_ 4 4
TCR—CLF(xfattube) - Tlong—long,ent 16 (UZZarm,Z) Xfat tube

(7)
where Z,,,., is the number of initial entanglements along half
of the long chains.

In addition to CLF, the long chains can reptate. We consider
that the reptation process is also taking place in a dilated tube.

On the other hand, the relaxation of the short chain matrix is
described by a Rouse process (for the 8.8 matrix) or, in case
that it is entangled, by considering its relaxation by contour
length fluctuations, reptation, and constraint release, as is
usually done.””

The material parameters of the models are the plateau
modulus, the average molar mass between two entanglements,
and the Rouse time of an entanglement segment. They have
been fixed according to ref 27, ie., equal to 230 kPa, 15 kg/
mol, and 0.12 s (at a reference temperature of T, + 31.4 °C),
respectively. The relaxation times of the short matrices have
been fixed to 15, 1, 0.3, and 0.014 s for the matrix in blends B1,
B2, B3, and B4, respectively.
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