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Prof. Luc Piraux Université catholique de Louvain, Belgique
Prof. Patrik Schmuki University of Erlangen-Nürnberg, Allemagne
Prof. Christian Bailly (President) Université catholique de Louvain, Belgique
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pense notamment à Thomas Pardoen pour nos discussions sur l’électrostriction,
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Je voudrais remercier aussi mes deux excellents voisins de bureau Mathieu
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General introduction

Anodisation has been studied for almost eighty years, primarily in the field of
corrosion science, as a simple and efficient way of producing thick protective
oxide coatings on Al, Fe, Ti or Zr alloys. Anodisation is very specific oxidation
process in that it relies on the migration of ions across solid films over rather
large distances typically up to several hundreds of nanometers, the migration
being promoted by very high electric fields of the order of 107 V/cm. From the
fundamental point of view, many aspects regarding the growth of anodic films
have been studied extensively. However, so far, little interest has been devoted
to the mechanical aspects involved in the growth process. It has been known
for long that large internal stresses develop in anodic films during their growth.
Internal stresses are therefore often cited in the literature as a possible origin
for film crystallisation or for various growth instabilities although, paradoxi-
cally, very little experimental evidence is available on the magnitude of such
stresses and their evolution during the growth. Especially in the case of Ti, the
stress development in anodic oxide films is poorly known as the few experimen-
tal studies unravelling this field report apparently contradictory observations,
from which the only conclusion seems to be that the mechanical behaviour of
such films is complex.

The evolution of the internal stresses accompanying the growth is however
important from the perspective of applications as well as from the fundamental
point of view. A good control of the internal stresses is indeed crucial in order
to guarantee the durability of anodic coatings, their structural and functional
properties. In addition, the stress evolution directly reflects the motion of the
ions in the film and therefore provides a unique means to investigate in-situ the
mechanisms of growth of anodic films.

Within this framework, this thesis was devoted to the investigation of the
stress evolution in anodic TiO2 films, as obtained from high-resolution in situ
stress measurements. This project combined mechanical and electrochemical
aspects in a materials science approach towards a better understanding of the
mechanisms of growth of anodic TiO2 films. The stress measurements have
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8 INTRODUCTION

been performed in situ using a multi-beam sensor, derived from the classical
beam deflection technique. To the best of our knowledge, this study is the first
report on the use of the multi-beam sensor for the monitoring of processes in
liquid environments.

To our opinion, the main contributions of this theses are threefold:

• demonstrating the capability of the multi-beam sensor for monitoring
processes in liquids, and developing an adequate experimental set-up al-
lowing for in situ stress measurements in anodic films

• providing experimental data on the stress evolution in anodic TiO2 films,
with specific emphasis put on establishing correlations between the evo-
lution of the mechanical and electrochemical variables

• deriving a novel constitutive equation for predicting the magnitude of
electrostriction stresses in anodic oxide films and providing quantitative
measurements of the electrostriction stresses in TiO2 films, supporting
the model

This manuscript has been divided into 5 chapters. In the first chapter, the
reader is introduced to anodisation processes. A comprehensive review of the
literature on Ti anodising is presented, with a special interest in studies dealing
with the stress behaviour of anodic TiO2 films. The second chapter is presented
in a textbook style and aims at providing the necessary background to readers
wanting to start-up with in situ stress measurements. Our experimental set-up
is described in details, the calibration equations are derived and their domain
of validity is discussed. Experimental results on the stress evolution in anodic
TiO2 films are presented and discussed in the third and fourth chapters. The
third one focuses on general observations on the stress evolution and their cor-
relations with the cell voltage evolution. The fourth chapter is devoted more
specifically to the reversible contribution of electrostriction stresses during the
growth of anodic oxide films. Finally, the last chapter deals with efficiency
changes affecting the growth of anodic TiO2 films. The influence of such effi-
ciency changes on the cell voltage evolution is discussed in the first part. In the
second part, the origin of the efficiency changes is discussed based on in-plane
TEM observations.
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12 CHAPTER 1. STATE-OF-THE-ART ON TI ANODISATION

This first chapter is divided into four sections. The first one provides a gen-
eral introduction to anodisation processes. The second deals more specifically
with the anodisation of Ti. Owing to their central importance in this work, the
third section is devoted to stress measurements in anodic oxide films. Finally,
the fourth section gives an overview of the various techniques available for the
characterisation of anodic oxide films.

1.1 General introduction to anodisation

The first sub-section aims at introducing the main concepts and notions in
relation to anodisation which will be used throughout the subsequent sections
and chapters. Theoretical models for the growth kinetics and the breakdown
are presented in, respectively, the second and third sub-sections.

1.1.1 Definitions and concepts

Definition: Anodisation can be defined as the well-desired electrochemical
growth of a solid (oxide) film on a metal (or a semi-metal) substrate, ob-
tained by polarising the metal anodically in an electrochemical cell. During
the anodisation, electrons flow from the metal to be anodised to the cathode
through the external circuit. This results in the ionisation of metal atoms at
the anode surface. The latter then react with oxygen-containing anions from
the electrolyte, which leads to the formation of a solid film, usually an oxide.
Once the first monolayer of oxide is formed on the substrate, further growth
of the oxide film requires that the metal cations, produced at the metal/film
interface, can react with the oxygen-containing anions, injected in the film at
the film/electrolyte interface. Hence, the growth of the oxide film relies on the
transport of the metal cations and/or O2− anions across the film. In order to
have such ions to migrate, very large electric fields must be sustained in the
oxide film. Typically, the field in a growing anodic oxide film is of the order of
0.1 to 1·109 V/m [139]. It should be noted that not all metals can be anodised.
The conditions for a metal to be suitable for anodisation are the following [102]:

• That the anode metal is susceptible to forming an oxide compound with
oxy-anions from the solution. In the case of Pt, for instance, no com-
pounds are formed in most electrolytic solutions.

• That the corresponding metal-oxide, produced by the reaction of metal
cations with oxygen-containing species from the electrolyte, is essentially
insoluble in the used electrolyte. If it is not, only anodic dissolution will
be observed, like in the case of Cu for instance, as anodic polarisation of
a copper electrode in acidic electrolytes results in the dissolution of the
metal electrode in the form of Cu2+ ions.
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Figure 1.1: Localisation of the metals suitable for anodisation in the periodic
chart. The elements shaded in dark grey are the so-called valve-metals. Other
metals, shaded in light grey can be anodised as well under specific conditions.

• That the corresponding metal-oxide is a poor electronic conductor. If
the oxide exhibits a high electronic conductivity, only a thin passivating
oxide film of molecular thickness will be formed on the anode surface,
after which other electrochemical oxidation reactions will take place on
the surface of the passivation film and further oxidation of the metal will
no longer occur. This is the case for instance for Fe in dilute aqueous
sulphuric acid.

The metals which can be anodised are mainly the so-called ‘valve metals’:
Al, Ta, Ti, Nb, Zr, Hf and W. The latter metals form stable solid oxide films
which are good ionic conductors and, generally speaking, poor electronic con-
ductors. Other metals and semi-metals such as V, Mn, Fe, Ni, Co, Bi or Sb can
be anodised as well under specific conditions. As illustrated on Fig.1.1, all the
valve metals are transitional metals, with the exception of aluminium which
belongs to the IIIA family of the periodic table. One of the main advantages
of anodisation is the extreme simplicity of the process. In order to carry out
anodisation, only the metal electrode to be anodised, a counter-electrode, a
power source and an electrically conductive electrolytic solution are required.
A schematic representation of an anodisation cell is shown on Fig.1.2. A supple-
mentary reference electrode can be used in order to provide for a more accurate
control of the anode potential. The influence of the characteristics of the anode
and of the electrolyte will be discussed in the specific case of Ti in section 1.2.
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Figure 1.2: Schematic representation of an anodisation cell.

Growth mode: As mentioned in the previous paragraphs, anodisation is car-
ried out by forcing a current to flow from the cathode to the anode, using an
external power source. Typical potentiostats and programmable power sources
can be used in different control modes, leading to different growth modes of the
oxide films. The anodisation can be conducted by applying a given constant
potential difference between anode and cathode (potentiostatic mode), by im-
posing a constant cell current (galvanostatic mode), or by sweeping the anode
potential at a given rate (potentiodynamic mode). Galvanostatic of potentio-
dynamic growth is sometimes followed by a potentiostatic aging at the final
voltage. Under potentiostatic conditions, the oxide film grows rapidly during
the first seconds of the anodisation. As a result, a very high cell current flows
through the cell at the beginning of the experiment, then decays exponentially.
Chronocoulometry provides a way of following potentiostatic anodisation, as
illustrated on Fig.1.3. Under galvanostatic conditions, in the ideal case when
the film grows with 100% efficiency (no side-reactions) and without any struc-
tural transformation throughout the growth, the oxide film grows at a constant
rate, proportional to the imposed current density, according to the Faraday
law. Under such conditions, a constant field is required through the film in
order for the constant current to flow through the cell [260]. Hence, the cell
voltage increases proportionally with the thickness of the oxide film on the an-
ode. Therefore, chronopotentiometric curves provide a simple tool allowing to
follow the thickness evolution during the growth. This is illustrated on Fig.1.3.
The potentiodynamic growth is very similar to galvanostatic conditions in the
ideal case. Indeed, as evident from Fig.1.3, scanning the cell voltage at a given
constant rate will cause a constant current to flow through the cell.
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Figure 1.3: Schematic representation of the evolution of the cell current (i), the
cell voltage (V ) and the film thickness (hf ) for a galvanostatic, a potentiostatic
and a potentiodynamic anodisation process. For each growth mode, the shaded
figure represents the control variable.

Anodising ratio: As mentioned in the previous paragraph, under galvanosta-
tic or potentiodynamic conditions, the measured cell voltage is usually observed
to be proportional to the thickness of the oxide film on the anode. The propor-
tionality coefficient is called ‘anodising ratio’ (AR) or sometimes ‘formation
coefficient’. Under ideal conditions, the anodising ratio usually keeps a constant
value throughout the growth. Its value is primarily a function of the nature
of the metal but also varies slightly with the process parameters (growth rate,
T◦). It should be noted that, owing to its definition, the anodising ratio is in
fact equal to the inverse of the electric field E applied to the film AR = 1/E. A
smaller AR-value means that a larger field is required to grow the film. Under
potentiostatic conditions, a similar linear relationship exists between the for-
mation voltage and the thickness of the oxide film, for a constant anodisation
time.

Ionic migration: After an initial step during which a first monolayer of
oxide is formed on the metal surface, the oxide film grows further by migra-
tion of ions through the existing film. The mobile ionic species are the metal
cations Mx+ and the oxygen-containing anions, mainly O2− with some possi-
ble contribution of OH− ions as well [190, 76]. The relative contribution of
anions and cations can vary widely from one metal oxide to another, and de-
pends on the process conditions as well. One direct consequence of one or the
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Figure 1.4: Illustration of the evolution of the film thickness with the anode
potential for a galvanostatic anodisation experiment. This figure is reproduced
from Blackwood et al. [23].

other type of ion dominating the ionic transport is the location of new film
growth. Indeed, as illustrated on Fig.1.5, if the film grows by migration of
cations from the metal/oxide interface outwards, new oxide will be formed at
the oxide electrolyte interface. In contrast, the oxide film will grow mainly at
the metal/oxide interface if inwards anionic transport is dominant. In the case
of anodic ZrO2 films for instance, the Zr4+ ions are almost immobile and the
film grows only at the metal/oxide interface by inward migration of O2− ions
into the Zr lattice [45]. However, in most cases, both types of ions contribute
to the ionic current and new oxide is formed at both interfaces [110, 133]. The
proportion of the ionic current carried by anions and cations is referred to as,
respectively, the anionic transport number ta and the cationic transport
number tc. Obviously, tc = 1 − ta. The transport numbers ta and tc thus
reflect the proportion of the oxide film formed, respectively, at the metal/oxide
and oxide/electrolyte interfaces. As will be discussed later on in this thesis,
the location where new oxide is formed can have a significant influence on the
anodisation process.

Barrier and porous oxide: Anodic oxide films can be formed either as a dense
material, referred to as barrier oxide, or present a nanoporous morphology. At
the beginning of anodisation, anodic oxide films usually grow on all valve metals
in the form of barrier layers. Under specific conditions, a porous layer develops
on top of the barrier oxide, characterised by a more-or-less regular arrangement
of cylindrical pores oriented with their principal axe normal to the sample
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Figure 1.5: Illustration of the influence of the type of ionic transport on the
location of new film growth.

Figure 1.6: Representation of a barrier and porous oxide films.

surface [147]. This is illustrated on Fig.1.6. The tendency to adopt a porous
morphology depends on the metal oxide and the electrolyte. For instance, the
formation of such porous layers is observed for Al in the most acidic electrolytes
while, in contrast, it is observed only in fluorine-containing solutions in the case
of Ti [141]. The formation of porous oxide has not been studied in the present
work. Therefore, all discussions in this thesis focus mainly on the growth of
barrier films.

Amorphous and crystalline oxide: Regarding the structure of anodic oxide
films, there is no general trend among the different metal oxides. On some
metals, the anodic oxide films are observed mainly as an amorphous phase.
This is the case of Al and Nb, for instance. On other metals, mainly Hf and Zr,
the opposite trend is observed, with the oxide films being generally fully crys-
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talline, even at low formation voltages [133]. Finally, in the case of Ti, the oxide
films are usually observed to be initially amorphous but partial crystallisation
of the film can take place during the growth, depending on the experimental
conditions.

Breakdown: Homogeneous anodic oxide films cannot grow infinitely. Their
growth is always limited by the breakdown of the film. The latter consists of a
local increase of the electronic conductivity of the film, which strongly perturbs
the growth process and leads to the formation of oxide films having a specific
morphology. Breakdown can have many different origins, which are discussed
more extensively in section 1.1.3.

At this point, the main concepts which will be used throughout this man-
uscript have been introduced. In the following section, the growth kinetics of
anodic oxide films are discussed.

1.1.2 Growth kinetics of anodic oxide films

One of the most fundamental cornerstones of general kinetics theory is that,
the overall kinetics of a given process consisting of a series of successive steps
is determined by the rate of the slowest step. As illustrated on Fig.1.7, typical
electrochemical processes involve:

• the transport of reactants to both the cathode and the anode

• a couple of electrochemical reactions, involving charge transfer reactions

• the transport of the reaction products away from both electrodes

Each of those steps can be the rate-limiting step. As compared to such classi-
cal electrochemical processes, anodisation involves one supplementary step as
a result of the solid oxide film covering the anode and through which charge
and mass must be transported. It is generally agreed that, under usual exper-
imental conditions, the rate of the anodisation process i.e. the rate of growth
of the anodic film, is limited by this supplementary solid-state mass-transport
step. Therefore, specific kinetic models apply to anodisation, which differ in
some respect from the classical ones for homogeneous electrochemical processes.

There are two main classes of models describing the kinetics of anodisation,
corresponding to a high-field and a low-field treatment of the migration
kinetics. According to high-field theories, the ionic current density associated
with the migration of one type of ion, for instance metal cations, through the
film varies exponentially with the electric field within the film according to
[241, 10, 139]:

ic = ioexp (β · E) (1.1)
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Figure 1.7: Schematic representation of the sequence of steps typically involved
in an electrochemical reaction. ‘O’ and ‘R’ represent the oxidised and reduced
form of a redox couple.
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The contribution of diffusion to the ion transport is postulated to be negligible
as compared to the migration. In contrast, low-field models consider that the
effective electric field in the film is low, due to shielding effects at the interfaces,
so that the classical Fick and Nernst-Einstein equations apply to the transport
of ions through the film. As a result, the current density associated with the
migration of metal cations is given by:

ic = −zFDc
dcc
dx

− zFµcc
dΦ
dx

(1.2)

where z is the charge of the metal cations, F is Faraday’s constant, D is the
diffusion coefficient, µ is the electrochemical mobility and c stands for concen-
trations. The subscript ‘c’ refers to cationic transport. In Eq.1.2, the first term
represents the contribution from diffusion and the second term the contribution
from low-field migration [37].

So far, there is no general agreement as to which approach should be used.
Both high-field and low-field approaches have been reported to be coherent with
some series of experimental data. In the following paragraphs, the high-field
and low-field theories are presented in more details.

The low-field approach

The main model based on the low-field approach is the point-defects model
(PDM) presented by Macdonald and co-workers in 1981 [37] and further de-
veloped in more recent publications of this group [142]. The PDM, originally
developed for Fe passivation, was based on the following hypotheses:

1. The oxide film contains a significant concentration of points-defects, namely
oxygen and metal vacancies. The ionic current through the film is carried
by such vacancies.

2. The oxide film grows at the metal/oxide interface only, by migration of
anions inwards. Cationic transport leads to the ejection of metal cations
into the electrolyte, which, depending on the electrolyte, can lead to the
formation of a porous precipitated oxide layer on top of the barrier one.
However, the formation of the porous layer is not taken into account by
the PDM.

3. The rate-limiting step of the process is the diffusion of the anions through
the film.

4. Adopting the Kroger-Vink notations, the reactions taking place at the
metal/oxide and oxide/electrolyte interface and responsible for the cre-
ation and annihilation of the point defects can be written as :

m⇔MM +
χ

2
VO·· + χe− (1.3)
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m+ VMχ′ ⇔MM + χe− (1.4)

VO·· +H2O ⇔ 2H+(aq) +OO (1.5)

MM ⇔ VMχ′ +Mχ+(aq) (1.6)

5. The electric field in the film is buffered by electron/hole pair generation
at the film/electrolyte interface, so that the field strength (E) within the
film is independent of the applied voltage and oxide thickness (hf ). Only
the potential drop φf/e across the oxide/electrolyte interface varies with
the applied potential while the metal/film interface is considered to be
in equilibrium (hence being characterised by a constant potential drop
Φm/f ).

Vext = φm/f + φf + φf/e = φm/f + E · hf + φf/e (1.7)

6. The potential drop φf/e at the film/electrolyte interface is assumed to
vary linearly with pH and external applied voltage, as expected for a
polarisable interface:

φf/e = φo
f/e + αV + βpH (1.8)

The constitutive equations of the PDM linking the thickness of the oxide film
to the experimental conditions were derived in the following way. According to
the PDM, the rate of increase of the thickness of the oxide film is proportional
to the flux of oxygen vacancies crossing the film JVO′′ (see Hyp. 2).

dhf

dt
=

ω

NAV
JVO′′ (1.9)

where ω is the thickness of oxide formed per unit area and corresponding to
1 mole of oxygen. The flux of oxygen vacancies crossing the film obeys the
generalised Fick’s first law, describing diffusion in the presence of both a con-
centration and a potential gradient.

JVO′′ = −DVO′′

dcVO′′

dx
−DVO′′

cVO′′

RT
2F

dφ

dx
(1.10)

DVO′′ is the electrochemical diffusivity of oxygen vacancies. In order to cal-
culate JVO′′ from the differential equation Eq.1.10, one must know the bound-
ary conditions, i.e. the concentration of oxygen vacancies at both interfaces.
The latter concentrations are calculated from the potential difference at the
metal/film and film/electrolyte interfaces and the ∆G◦ values associated with
the reactions consuming and producing vacancies (Eq.1.3 to Eq.1.6). Follow-
ing this procedure, Macdonald et al. arrive at the following equation for the
evolution of the film thickness:
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dhf

dt
=

A(B − 1)
exp (2Ehf )− 1

(1.11)

where A and B are functions of the external applied potential Vext, the solution
pH, the constant field E in the film and the ∆G◦ of reactions Eq.1.3 to 1.6.
Under potentiostatic conditions, Eq.1.11 can be further expressed as [37]:

hf (t) =
1

2E
[ln (2EA (B − 1)) + ln t] (1.12)

The latter equation predicts a logarithmic growth, as indeed experimentally
observed. Under galvanostatic conditions, Eq.1.11 can be transformed into:

i =
A · (B − 1) · 2FNAV

Ωexp(2Ehf )
(1.13)

hence providing a relationship between current density, electric field and oxide
thickness. The PDM equations are obviously much more complicated than the
one for the high-field model (Eq.1.1) and analytical predictions of the influence
of the various parameters is not straightforward.

It is worth mentioning other models based on the PDM, for instance the
one by Pyun and Hong [193], Krishnamurthy [121, 122, 123] or Bojinov [28].
Pyun and Hong transposed the PDM to the growth of anodic films at the
oxide/electrolyte interface by cationic migration (instead of the purely anionic
transport postulated in the PDM). These authors logically obtain constitutive
equations which are formally very similar to those of the original PDM. The
formalism adopted by Krishnamurthy et al. is interesting in that it allows
describing the film formation as a moving-boundary problem. Krishnamurthy
et al. also introduce dimensionless formulation of the kinetic equations. Bojinov
has adopted the same interfacial reactions and constant field hypothesis as in
the PDM but relaxes the PDM hypotheses relative to the low-field motion of
the ions, which is no longer described by the Nernst-Planck equation but in a
more general way [28]. In those models, however, mixed transport cannot be
taken easily into account. The model proposed by Battaglia and Newmann [18]
is based on a similar low-field approach and is a priori adapted to situations
when multiple charge carriers contribute to the current, although this renders
the derivation of the constitutive kinetic equations very complex.

The high-field model

The following derivation of the high-field equation is essentially reproduced
from the review paper by Lohrengel on the high-field model [139]. Let us
consider two successive atomic planes of the oxide film located at positions x
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and x+ a along the X-axis normal to the metal/film interface. 1 These planes
contain, respectively, a number nx and nx+a of charge carriers (for instance
interstitial metal cations or oxygen vacancies) per unit area. The latter charge
carriers can jump to an adequate site on an adjacent atomic plane, with an
activation barrier W being associated with this movement. Accordingly, the
probability p for one mole of charge carriers to jump from a position x to a
position x+ a is given by:

p = ν exp
(
−W
RT

)
(1.14)

where ν is the attempt frequency. In the absence of an applied electric field,
the activation barrier is symmetric and the probability for a charge carrier to
jump in the opposite direction from x+ a to x is also given by Eq.1.14. Hence
the molar flux of atoms between x and x+ a is given by:

dn

dt
= nxν exp

−W
RT

− nx+aν exp
−W
RT

(1.15)

Now, when an electric field E is applied, the activation barrier is lowered for
the jump in the direction of the field and increased in the opposite direction,
as illustrated on Fig.1.8. As a result,

dn

dt
= nxν exp

− (W − αazFE)
RT

− nx+aν exp
− (W + (1− α)azFE)

RT
(1.16)

where α is a coefficient describing the symmetry of the activation barrier, so
that α · a defines the position of the maximum of the activation barrier. If we
express Eq.1.16 in terms of concentrations instead of number of moles per unit
area (using cx = nx/a) and calculate the concentration of charge carriers at
x+ a considering a linear concentration gradient according to:

cx+a = cx + a
dc

dx
(1.17)

it yields :

dn

dt
= aν exp

−W
RT

[
cxexp

(
αazFE

RT

)
−
(
cx + a

dc

dx

)
exp

(
− (1− α) azFE

RT

)]
(1.18)

The high-field approach then postulates that, due to the strong electric field,
the contribution from diffusion is negligible as compared to that of migration
(i.e. dc/dx ≈ 0) and that migration in the reverse direction, against the field, is
negligible as well. According to Van Rysselberghe, this should be the case for

1It should be noted that, while the notion of ‘atomic planes’ tacitly assumes that the oxide
film is crystalline, the conclusions remain valid in the case of amorphous films as well.
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large enough current densities (>5µA/cm2) [241]. Under these assumptions,
Eq.1.18 simplifies to:

dn

dt
= νacx exp

(
−W
RT

)
exp

(
αazFE

RT

)
(1.19)

In the case of an electrochemical environment, the current density is propor-
tional to the flux of the charge carriers so that:

i = zF
dn

dt
(1.20)

If we define two parameters io (primary ionic current) and β (field factor) as,
respectively:

io = zFνacxexp

(
−W
RT

)
(1.21)

and
β =

αazF

RT
(1.22)

equation Eq.1.20 can be written as:

i = io exp (β · E) (1.23)

This is the usual form of the classical equation for high-field models.

As pointed out by Lohrengel, the general model described above does not
require any assumption as to the position of the activation barrier. According
to Verwey, the rate-limiting step is the transfer of charge-carriers through the
bulk of the film according to the high-field migration. Mott and Cabrera [35],
in contrast, consider that the rate-limiting step is the injection of cations from
the metal into the oxide film. Within this framework, the activation barrier as-
sociated with the high-field model would be located at the metal/film interface,
but the growth kinetics would obey the same equation. The high-field model
does not either make any a priori assumption as to the type of charge carrier.
While, in the very first description of the high-field model by Guntherschultze
and Betz, both anions and cations were assumed to contribute to the ionic
current, Mott and Cabrera [35], Verwey and Bean [19] later postulate that the
current is carried by interstitials metal cations only, while Fehlner and Mott
make the converse assumption and postulate anion migration-induced growth
[139]. From studies on the transport coefficients in anodic oxide films, it is now
well established that, for most valve metals (Ta, Al, Nb, Ti), both anions and
cations are mobile and contribute to the growth of the oxide film, while anionic
transport is largely dominating in the case of the anodic films grown on Hf
and Zr [45]. Therefore, rigorously, in the case when both anions and cations
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Figure 1.8: Schematic representation of the energy barrier associated with the
transfer of a charge carrier between two adjacent planes, respectively in the ab-
sence and in the presence of an applied electric field (reproduced from Lohrengel
[139]).

contribute to the ionic current density, both the anionic and cationic current
densities are described by a high-field equation, with adequate coefficients io,a,
io,c, βa and βc. The total ionic current density would be given by:

ii = io,a exp (βa · E) + io,c exp (βc · E). (1.24)

The latter expression is less straightforward than the classical high-field equa-
tion Eq.1.23 and contains four unknown parameters io,a, io,c, βa and βc instead
of two. However, in the literature, Eq.1.23 is generally used and it is postulated
that one type of charge carriers is largely dominating [92]. Finally, it should be
noted that the high-field model doesn’t involve any assumption as to whether
ions move through the oxide films as interstitials or through a vacancy migra-
tion mechanism.

Finally, it is worth mentioning the contributions of Bean [19], Young [264],
Kirchheim [114, 115] or Davenport [44] to further refine the high-field model.
According to Bean et al., the io factor of the high-field model is field depen-
dent in the low-field range. This effect arises from a field-dependence of the
activation barrier associated with the production of interstitial metal cations.
According to Young, the ‘a’ parameter from the high-field equation, character-
ising the length of the jump between two adjacent positions is not constant but
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field-dependent due to the electrostriction effect which induces a change in the
density of the film. Therefore, he proposes that the current-field relationship
should be corrected as:

i = io exp
(
β · E − γ · E2

)
(1.25)

In the case of oxides in which electrostriction strains are large (TiO2, for in-
stance, as will be demonstrated in chapter 4), this could be an important effect
to take into account. Kirchheim has proposed an improved version of the high-
field model. In contrast to the models derived by Cabrera and Mott or Verwey
in which the potential drops at the interfaces are supposed to be constant
(equilibrium conditions), Kirchheim takes into account the possibility of hav-
ing overpotentials (φη) at the film/electrolyte interface, which vary with the
current density:

Vext = φm/o + φf + φo
o/e + φη (1.26)

He also integrates in his model the step of production of the charge carriers.
This allows accounting for the observations from current and voltage transient
experiments. Davenport et al. followed the approach of Kirchheim and showed
that the external applied potential can be separated into the potential difference
φf across the film and a potential difference φinter at the interfaces. The latter
was demonstrated to follow a Tafel relationship. It should be noted that, for
constant current conditions, the overpotentials are expected to keep a constant
value, so that neglecting this contribution leads to a slight overestimation of the
field ∆Vf applied to the film. Correcting the cell voltage values for the contri-
bution from the overpotentials is mainly important in the case of galvanostatic
transient experiments and leads to a limited error in the case of galvanostatic
anodisation.

Both the low-field and high-field models have been presented in this section
in order to give a general overview of the main models describing the growth
kinetics of anodic oxide films. However, in the following sections and chapters,
the kinetics of anodisation will always be discussed in reference to the high-
field model. This choice is justified mainly by the fact that the high-field theory
is more widely accepted for valve-metal anodising while the coherence of the
PDM-based models has been demonstrated mainly for the passivation of iron
and nickel. The simplicity of the high-field equation, as compared to the PDM
one, further provides a considerable advantage. It should be noted that recent
tracer experiments have demonstrated that, besides diffusion and migration,
stress-induced material flow (creep) contributes as well to the mass transport in
thick porous anodic oxide films [65, 134]. Transport models taking into account
the contribution of viscous flow have recently been developed by the group of
Kurt Hebert [90]. Whether creep contributes as well to material transport in
barrier films is so far open question. In the following paragraph, the high-field
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equations are discussed in the specific case of galvanostatic, potentiostatic and
potentiodynamic anodisation.

Discussion of the kinetic equations

Galvanostatic conditions: Under galvanostatic conditions, the electric field in
the oxide film is related to the constant applied current density according to

E =
(ln i− ln io)

β
(1.27)

Provided that no modification of the experimental conditions (the temperature,
for instance) or of the characteristics of the growing oxide film (e.g. its density)
take place, io and β keep constant values, so that the growth of an anodic oxide
film under galvanostatic conditions proceeds under constant field conditions as
well. A direct consequence of this is that the potential drop across the anodic
film φf increases linearly with its thickness. Furthermore, in the ideal case
when the growth efficiency remains constant throughout the growth process,
the thickness of the oxide film increases linearly with time, according to the
Faraday law:

hf = Ωit (1.28)

where Ω is the effective thickness of oxide film formed per unit charge. If φf is
assimilated to the cell voltage V (hence neglecting the potential drops at the
interfaces),

E =
V

hf
(1.29)

Combining equations 1.27, 1.28 and 1.29, the cell voltage is predicted to increase
with time at a constant rate:

V =
(

Ωi (ln i− ln io)
β

)
t (1.30)

Fig.1.9 shows a typical V -t curve for the growth of an anodic oxide film on an
Al-Nb alloy, in the ideal case described above.

Potentiodynamic conditions: Under potentiodynamic conditions, the anode
potential is swept at a rate v from the open circuit potential to a formation
voltage. Starting from the high-field equation as expressed on Eq.1.27 and
assimilating again φf to the cell voltage yields:

v · t
hf

=
(ln i− ln io)

β
(1.31)
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Figure 1.9: Typical time-evolution of the cell-voltage during an anodisation
experiment carried out under galvanostatic conditions and exhibiting ideal be-
haviour. This figure is reproduced from Janik-Czachor et al. [101].
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Figure 1.10: Typical cyclic voltammogram corresponding to the potentiody-
namic growth of an anodic oxide film, reproduced from Di Quarto et al. [53].

Considering again the ideal case of constant growth efficiency and thus express-
ing hf as in Eq.1.28, rearranging Eq.1.31 yields :

i (ln i− ln io) =
βv

Ω
(1.32)

According to the previous equation, scanning the potential at a constant rate is
expected to give a constant current. Fig.1.10 shows a typical cyclic voltammo-
gram for the potentiodynamic growth of an anodic oxide film on Ti, reproduced
from Di Quarto et al. [53]. After the initial current increase at 0V, the current
is observed to keep a constant value in the range of 0.5 to 8.5V, as predicted
by Eq.1.32. According to equation Eq.1.27, we can conclude that, under these
conditions, the oxide film grows under constant field conditions, as in the case
of the galvanostatic experiment.
Any deviation from the linear V -t behaviour under galvanostatic conditions,
or of the constant current plateau for potentiodynamic growth is interpreted
as a perturbation in the growth of the oxide film. Typical perturbations may
include:

• a change in the effective growth efficiency due to the onset of a side-
reaction, which may lead to a change in the electric field in the film, or
associated with a change in the dissolution rate of the oxide film
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Figure 1.11: V -t curve for the anodisation of Al under galvanostatic conditions
in 0.4 M H3PO4 electrolyte. A marked transition is observed in the evolution
of the cell voltage, corresponding to the transition from the growth of a barrier
film to the growth of a porous film. This figure is reproduced from O’Sullivan
and Wood [181].

• A change in the structure of the oxide film associated for instance with
crystallisation or with the development of a porous or cracked layer

This is illustrated on Fig.1.11, which shows a typical example of V -t curve for
galvanostatic anodisation of Al in phosphoric acid with a current density of 5
mA/cm2. The observed transition from a linear V -t evolution to a V -plateau
is associated with the transition from a barrier film growth to a porous film
growth [181].

Potentiostatic conditions: Under potentiostatic conditions, the prediction
of the growth kinetics is less straightforward than in the previous two cases.
The electric field in the film will decrease rapidly as the thickness of the anodic
oxide film increases and, therefore, the growth rate also. Equation 1.31 can be
presented in the following way:

ln
i(t)
io
hf (t) = β · V (1.33)

In the ideal case described above, hf can be calculated as

hf =
∫

Ω · idt (1.34)

Combining the equations 1.33 and 1.34 yields the general time-evolution of the
cell current as a function of the applied voltage.
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1.1.3 Breakdown of anodic oxide films

Homogeneous growth of anodic oxide films is usually limited by the break-
down of the film. At some stage during the growth process, the oxide film
does no longer withstand the high electric field to which it is submitted and
a local increase of its conductivity, usually by many decades, is observed, ac-
companied by a partial destruction of the oxide film [211]. Breakdown can
have different origins, depending on the metal oxide and on the processing
conditions. The most studied type of breakdown is the dielectric breakdown
which, in many respects, is analogous to the breakdown of (dry) dielectrics in
metal/insulator/metal structures but also exhibits some specific features which
arise from the presence of the electrolyte and from the fact that the film is
growing. It has been for long a matter of debate whether dielectric breakdown
takes place as a bulk phenomenon or locally, at flaws in the oxide film and
whether it originates is electron avalanching or thermal effects. Indeed, some
authors proposed that breakdown could be caused by a bulk Joule heating of
the oxide film. However, Ikonopisov [99] convincingly showed that this scenario
was incompatible with the observation that the breakdown voltage Vb was not
modified when the anodisation was interrupted just below Vb, allowing for the
film to cool down before pursuing the anodisation process. So, it seems un-
likely that the initial triggering mechanism would be a bulk Joule heating. As
to the bulk or local nature of the breakdown, evidence in favour of this second
possibility has been provided by several authors, for instance Shimizu et al.
[216] who demonstrated the role of flaws as breakdown sites on Al2O3 films.
Young proposed that breakdown could be initiated by a local heating due to
the preferential conduction through cracks and flaws [216]. Although such lo-
cal heating at the breakdown sites is well-established, it is unclear whether the
temperature increase triggers breakdown or, conversely, comes as a consequence
of it. A correlation between crystallisation and breakdown was established by
Yahalom et al. and crystallisation was therefore proposed as another possible
cause of breakdown [260]. However, more recent studies have provided evidence
that crystallisation results from breakdown rather than causing it [106, 216].
In analogy with the breakdown of dielectrics, Ikonopisov proposed that an elec-
tron avalanching could be at the origin of dielectric breakdown in anodic films,
with the primary electrons being injected from electrochemical reactions at the
oxide/electrolyte interface. He derived a semi-quantitative model accounting
for the dependence of Vb on the main experimental parameters. Albella et al.
[158, 8] adopted the electron avalanching model from Ikonopisov but claimed
that direct injection of electrons from the electrolyte is unlikely and that the
primary electron current is rather provided by electrolyte species incorporated
in the oxide film. The strong correlation observed by Albella et al. between the
primary electronic current and the concentration of incorporated species in the
case of Ta anodising (See Fig.1.12) is evidence in favour of their theory. Ac-
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cording to their model, the breakdown process would thus require the following
steps:

• incorporation of electrolyte species in the film

• ionisation, under the action of the electric field, of the incorporated
species. The latter act as donor or acceptor levels in the bandgap of
the oxide film depending on the valence of the metal cations and incorpo-
rated electrolyte species, which leads to the injection of electrons in the
conduction band of the oxide film.

• electrons multiplication due to avalanching

• breakdown when the avalanche current reaches a critical value, as illus-
trated on Fig.1.13.

Besides dielectric breakdown, other types of breakdown have been reported.
Some authors have demonstrated that anodic films can break down as a conse-
quence of mechanical effects. Indeed, cracks in the film constitutes preferential
breakdown sites, where the underlying metal is exposed to the electrolyte. Sato
[205] derived a model linking the mechanical stress experienced by the oxide film
to the electric field and the surface energy of the film at the film/electrolyte in-
terface. He concludes that the compressive electrostriction stresses can be high
enough to induce local cracking of the film. Mechanical breakdown was indeed
reported by Di Quarto et al. in the case of ZrO2 films [52]. These authors
also demonstrated that this type of breakdown is distinct from the “classical”
dielectric breakdown discussed above which, in their experiment, takes place
after the mechanical breakdown, at a higher V . Finally, film breakdown can
also arise from a corrosion process, associated with the presence of aggressive
ions or from anodic corrosion of the film at weak sites.

Growth of oxide films in the breakdown regime

It is worth noting that dielectric breakdown does not impede further growth
of the anodic oxide films but leads to the formation of oxide films exhibiting
specific morphological and functional characteristics. The growth of anodic
oxide films in the breakdown regime has been studied quite extensively during
the last decade. This process, usually referred to as ‘spark-anodising’ or ‘plasma
electrochemical oxidation’ (PEO), allows producing microporous oxide films
having a very hard surface and very good self-lubricating properties, hence
being of interest for tribological applications. The microporous morphology
can also favour osseointegration and PEO anodic oxide coatings are therefore
studied as well for biomedical applications. The growth of anodic films on the
breakdown regime has not been investigated in this work and will therefore
not been further described. More information can be found for instance in
references [262] and [153].
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Figure 1.12: Evolution of the primary electronic current jo (expressed in rel-
ative form, ji being the ionic current) and of the concentration of incorpo-
rated species with the electrolyte concentration, reproduced from Montero et
al. [158]. The cases of an incorporating (H3PO4) and non incorporating (oxalic
acid) electrolyte are compared.
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Figure 1.13: Schematic representation of the electron avalanching phenomenon,
reproduced from Albella et al. [9].
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1.2 The specific features of Ti anodisation

With respect to the anodising behaviour, the main specific feature of Ti as
compared to other typical valve metals is the semiconducting character of its
anodic oxide. As pointed out in the introduction of this chapter, one require-
ment for a metal to be suitable for anodisation is that its oxide is a poor
electronic conductor. In fact, TiO2 exhibits a marked n-type semiconducting
character and Ti is therefore a priori not the best candidate for anodisation.
A direct consequence of the significant e− conductivity of the growing anodic
TiO2 films is that, besides the ionic current responsible for film growth, an
electronic current, associated with side-reactions taking place at the surface of
the oxide film, can flow through the film. Therefore, under galvanostatic con-
ditions, there is a competition between oxide growth and other electrochemical
oxidation side-reactions (mainly the oxygen evolution reaction (OER)). A sig-
nificant fraction of the imposed current can be consumed in side-reactions,
hence directly decreasing the efficiency for film formation and slowing down
the growth process. In the case of potentiostatic or potentiodynamic processes,
the growth process is not slowed down by the side-reactions but the coulombic
efficiency is decreased due to a large supplementary current being consumed in
side-reactions. In addition, as will be discussed extensively in this work, the
side-reactions can profoundly influence the growth process as well.

1.2.1 Influence of the semiconducting character of anodic
TiO2

Electronic properties of anodic TiO2 films

The e− conductivity of metal oxides ranges from that of insulators to semicon-
ductors and even conductors. Their conductivity depends on the width of the
oxide bandgap and on the position of the Fermi level within the bandgap [206].
Crystalline metal oxides present a band structure of e− energy levels typical
for ionic crystals, with a valence band formed from the 2p orbitals of oxygen
while the conduction band is composed of the outer orbitals of the metal ions
[211]. Al, which belongs to the family IIIA of the periodic table, is a typical
example of such metal oxides, as illustrated on Fig.1.14. The valence band of
alumina is formed from the 2p orbitals of oxygen atoms while the conduction
band is formed from the 3s and 3p orbitals of Al. The valence and conduction
bands are separated by a wide bandgap of 7 eV, responsible for the marked
insulator behaviour of Al2O3. In the case of transitional metal oxides (such as
TiO2), the supplementary contribution from the d-orbitals of the metal to the
conduction band of the oxide results in a reduction of the bandgap [206].

In the case of TiO2, the valence and conduction bands are separated by a
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Figure 1.14: Illustration of the formation of the electronic bands of Al2O3 from
the atomic orbitals of Al and O, reproduced from Sato et al. [206].

Figure 1.15: Comparison of the bandgap values of typical metal oxides, repro-
duced from Schultze et al. [211]. TiO2 is observed to belong to the semicon-
ductor oxides.
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gap of 3.2 eV (TiO2 anatase) or 3.06 eV ( TiO2 rutile) [67]. As compared to
other metal-oxides, TiO2 has a quite narrow bandgap, as illustrated on Fig.1.15,
reproduced from Ref.[211]. Owing to its low bandgap, TiO2 is expected to have
a more pronounced semiconductor behaviour than, for instance, HfO2 or Al2O3,
which is indeed experimentally observed. The bandgap of ionic metal oxides is a
function of the bond energy [206] and has been shown to be proportional to the
difference of the Pauling electronegativity of the oxygen anion and metal cation
(χM and χO) [54]. The following semi-empirical equation has been proposed
by Di Quarto et al. for assessing the bandgap of transitional d-metals [54]:

Eg[eV ] = 1.35 (χM − χO)2 − 1.49 (1.35)

The two numerical constants apply to oxides of d-transitional metals and take
other values in the case of sp metals (Al for instance). The Pauling electroneg-
ativity of oxygen is around 3.44 eV, while that of Ti is around 1.66 eV [202].

With respect to the ideal structure of a perfect ionic crystal described above,
anodic oxide films present supplementary energy states within the bandgap
associated with the various types of structural defects:

• 1D defects: all punctual defects in the oxide film like oxygen or Ti vacan-
cies, Ti interstitials and interstitial or substitutional heteroatoms intro-
duce energy levels in the bandgap. In the case of TiO2, oxygen vacancies
would be the main type of defects, giving rise to donor levels close to the
conduction band [197].

• 2D defects: the presence of dangling bonds at the film surface or at
interfaces (grain- or phase boundaries) provide a second type of electronic
defects of considerable importance [206].

• amorphous films: although the long range order characteristic for crys-
talline materials is not present in amorphous materials, the short range
order is sufficient to give rise to a band-like structure of e− energy states.
However, the edges of the bands become indistinct owing to local vari-
ations of the bond distances and bond energies [206]. The concept of
bandgap is replaced by that of a ‘mobility gap’ with a trail of localised
states within the bandgap (See Fig.1.16). The mobility gap is slightly
larger than the corresponding bandgap for the crystalline oxide. Ac-
cording to Di Quarto et al., Eq. 1.35 for the bandgap of crystalline
d-transitional metal oxides can be adapted to amorphous materials as
follows:

Eopt
g −∆Eg,am = 1.35 (χM − χO)2 − 1.49 (1.36)

where ∆Eg,am corresponds to a enlargement of the effective gap associ-
ated with the amorphous structure. Typical values for the latter contri-
bution amount to 0.1 to 0.5 eV, depending on the degree of order of the
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Figure 1.16: Illustration of the concept of ‘mobility gap’ of amorphous oxide
films, reproduced from Sato [206].

material [202]. Therefore, direct injection of electrons from the valence
band to the conduction band is expected to be more difficult in amor-
phous films as a consequence of the enlarged bandgap. However, other
conduction modes can contribute to e− transport in amorphous films. Ac-
cording to Leiva [138], if a sufficient concentration of defects is present in
the oxide film, electronic conduction is possible by a hopping mechanism
from one defect to another (percolation).

The electronic properties of anodic TiO2 films evolve in the course of the
growth process, as evident from impedance or photoelectrochemical studies
[137, 146]. Typically, TiO2 films exhibit semiconducting properties only above
a given voltage (under galvanostatic conditions) or after a given anodisation
time (under potentiostatic conditions). Changes in the electronic properties
are likely to result from progressive changes in the film stoichiometry (hence
a variation in the donor density) and in the degree of order of the film (hence
inducing a progressive decrease of the ∆Eg,am in Eq.1.36). These transforma-
tions of the oxide film, which are associated with oxide crystallisation will be
discussed in subsection 1.2.2.
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Side-reactions accompanying anodisation

Owing to the semiconducting character of TiO2, large electronic currents can
flow through anodic TiO2 films, arising from side-reactions taking place on the
oxide surface. Delplancke et al. [49] have studied the current efficiency associ-
ated with oxide growth and with the various side-reactions during galvanostatic
anodisation of Ti in sulphuric medium. He found that, besides oxygen evolu-
tion which is by far the main side-reaction, a fraction of the total current is also
consumed for peroxide formation. The overall fraction of the current which was
effectively used for oxide growth amounts to about 10% [49]. Other authors
[242] report efficiency values slightly larger but still well-below 100% for Ti
anodisation in the voltage region where oxygen evolution takes place.

To the best of our knowledge the exact mechanism of oxygen evolution on
anodic TiO2 films has not yet been identified. Boddy [27] has carried out stud-
ies on the OER on TiO2 monocrystal electrodes. He concludes that surface
states play a major role in the OER. According to his proposed mechanism,
e− would be injected from surface states into the conduction band of the oxide
film and the resulting hole would be rapidly annihilated by an electrochemical
reaction taking place on the surface of the oxide film. Recently, this scenario
has been cited by Roh et al. [197] as well but has not been confirmed so far.
The bulk TiO2 crystals used by Boddy for his experiments are likely to have a
smaller defect concentration than anodic TiO2 films, which might be the reason
for the dominant role of surface states. It is not unlikely that the conduction
mechanisms would be different in the case of anodic films. Schultze et al. [210]
proposed that the rate-determining step for the oxygen evolution reaction on
metals covered with semiconducting oxide films with high donor densities is the
electron transfer between an adsorbed species and the oxide film or the metal.
The OER might involve a partial dissolution of the anodic film, as suggested by
Delplancke et al. [49] and Vergé et al [242]. The latter authors indeed observed
a mass loss of their Ti anode, measured using an electrochemical quartz mi-
crobalance (EQCM), correlated with the voltage at which the oxygen evolution
sets off.

Evidence has been provided by Habazaki et al. [76] that oxygen evolu-
tion can take place as well within anodic TiO2 films, with fine oxygen bubbles
being formed around anatase nanocrystals (see Fig.1.17). According to Zhu-
ravlyova [265], the oxygen gas would be produced as a solid-state oxidation
of O2− ions from the film material at flaws, where impurity levels are locally
increased. Matykina et al. [154] have provided supplementary evidence that
oxygen gas evolved within anodic TiO2 films can form high-pressure gas-filled
cavities which grow, coalesce and finally lead to local rupture of the films, allow-
ing for release of the gas. According to their observations, the oxygen evolution
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Figure 1.17: Schematic illustration of oxygen evolution within anodic TiO2

films, reproduced from Habazaki et al. [76]. Oxygen bubbles are formed around
anatase nanocrystals.

within the film would be associated with the formation of rutile nanocrystals,
which would be facilitated at the metal/oxide interface on basal-like Ti grains.
Hence, in addition to decreasing the growth efficiency, the side-reactions can
have a more profound impact on the growth process and the characteristics of
the film.

1.2.2 Crystallisation of TiO2 films

Anodic TiO2 films are usually reported to be initially amorphous, then to
crystallise progressively in the course of the growth process2. First, isolated
crystallites with an average size of 10 nm form in an amorphous matrix. Their
size and number then increase with increasing anodisation time or voltage, to
yield a polycrystalline microstructure. This was shown in TEM studies carried
out by Jouve et al. [106] Shibata et al. [215] and Marsh et al. [146]. Usually,
amorphous TiO2 is observed to crystallise mainly to anatase at first. Trans-
formation of anatase to rutile, the high-temperature allotropic form of TiO2,
is usually observed to accompany the breakdown of the oxide film, as a result
of the high temperatures attained locally [186, 70]. However, evidence of the
presence of rutile crystallites before breakdown has been shown as well in some
studies [48, 253, 154]. Both crystalline phases are tetragonal, but have very
different cell parameters. The crystalline cell for anatase and rutile are repre-
sented on Fig.1.18.

2Only a few studies [253, 259], in which the oxide films are grown at a particularly low rate
(0.1 mV/s) report the formation of crystalline TiO2 from the beginning on the anodisation
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Figure 1.18: Representation of the cell of anatase and rutile TiO2, reproduced
from the CaRIne 3.0 software database.

Even before crystallites are clearly observable by TEM, re-arrangements of
the atoms towards a more ordered structure take place. Marsh et al. [146]
report that their samples anodised below 10V do not yet show clear evidence
of crystallisation when observed in TEM. In contrast, they observe a signif-
icant modification of the photoelectrochemical behaviour of their oxide films
between 5V and 10V, characterised by a marked decrease of the sub-bandgap
activity, which suggests evolution towards a more ordered film. Habazaki et al.
[76] also conclude that nanocrystals of anatase grow from zones of relatively
ordered oxide of sub-nm size. X-ray absorption (XAS) studies carried out by
da Fonseca et al. confirm the fact that a short range order exists in the oxide
film before crystallisation can be detected by X-ray diffraction under grazing
incidence conditions (GXRD) [43]. These authors observed a short-range struc-
ture consisting of clusters of 11 atoms, involving a first Ti-shell surrounded by
an O-shell and a second Ti-shell.

Most experimental observations point out to the conclusion that crystallisa-
tion is a slow thermally-activated process. Indeed, crystallisation is promoted
by low growth rates [253, 259], by long anodisation times, by potentiostatic
aging [16, 43, 127] and elevated temperatures [215]. In contrast, crystallisation
is delayed at low T◦, high growth rates and is also complicated when the short
range order of the oxide film is reduced, for instance in the case of Ti alloys or
when anodisation is carried out in an electrolyte which migrates inwards in the
oxide film and becomes therefore incorporated into the inner part of the oxide
film (see section 1.2.4).
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According to the TEM studies carried out by Habazaki et al. [76], only the
inner part of TiO2 films, the one formed at the metal/oxide interface by anion
migration inwards, crystallises, while the outer part of the oxide film remains
amorphous. In the case of anodic oxide films grown on Ti alloys, the first crys-
tallites are formed in the region adjacent to the plane separating the inner and
outer part of the oxide film. Habazaki et al. also observe that aging the Ti
alloy in air for several weeks prior to the anodisation favours crystallisation.
Based on this observation, they propose that crystallisation would be initiated
from crystalline nuclei already present in the native air-formed oxide film.

The presence of specific ions in the electrolyte can influence directly the
crystallisation process. In a recent study by Kunze et al. [127], it was shown
that the presence of F− ions in the electrolyte favours the crystallisation of
the film to rutile while, in F−-free electrolytes, the TiO2 films crystallise to
anatase. The atomistic origin of this phenomenon has not yet been identified.
A relationship might exist as well between internal stresses and crystallisation.
Indeed, some authors [260, 133, 214] have proposed that crystallisation could
be triggered by large compressive stresses developing in the film. Other au-
thors [243, 244, 100] conversely propose that crystallisation could induce local
tensile stresses, finally leading to local cracking of the film. These questions
are discussed in more details in the section devoted to growth stresses.

According to Habazaki et al. [76] there is a direct relationship between the
film crystallisation and the increase of the electronic conductivity of the film,
leading to oxygen evolution and the resulting decrease of the growth efficiency.
The photoelectrochemical studies carried out by Santamaria et al. [202] suggest
that the transition from an insulator to a semiconductor behaviour of the film
could indeed be the result of a crystallisation-induced decrease of the bandgap
of the oxide film.

It is on purpose that, in this sub-section, no values for the voltage at which
crystallisation takes place were mentioned. Indeed, reported literature val-
ues are scattered over a very wide range for different experimental conditions
and even for apparently identical ones. This is likely to be due to both a high
sensitivity of the crystallisation voltage towards slight differences in the charac-
teristics of the Ti substrate (purity, crystallographic texture, surface condition)
and to a different sensitivity of the experimental techniques used to detect the
onset of crystallisation.

1.2.3 Discussion of the validity of the breakdown models

Especially in the case of Ti, many different sources of breakdown can be ob-
served depending on the processing conditions. Dielectric breakdown is ob-
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served in electrolytes free from aggressive ions and at high current densities.
There is a good agreement on the features of dielectric breakdown :

• Breakdown is accompanied by visible sparks moving across the sample
surface, audible cracking, copious gas evolution [9], local overgrowth of
the film [216] and current or voltage oscillations (see Fig.1.19) [99].

• Breakdown corresponds to a short-circuit of a capacitor. The energy
stored on the capacitor heats the breakdown channel, eventually up to
temperatures where metal vaporisation or plasma formation occurs [211].

• Prolonged anodisation at or above the breakdown voltage yields films
with a very characteristic microporous structure, as illustrated on Fig.1.20
[106].

• Breakdown is observed to take place when the cell voltage reaches a given
value Vb. Wood [255] observed a proportionality between Vb and log(ρ)
where ρ is the electrolyte conductivity. The latter observation was con-
firmed by several authors [106, 52, 2]. In contrast, the breakdown voltage
appears to be virtually unaffected by the history of the sample [99].

At low current density, electrical breakdown is usually observed, owing to
the semiconducting character of anodic TiO2. In that case, the loss of the
insulating character of the film is attributable to changes in the bandgap of the
film induced by atomic rearrangements. Mechanical breakdown has never been
explicitly demonstrated so far in anodic TiO2. However, Di Quarto et al. [51]
have provided undirect evidence that cracks may form in anodic TiO2 films.
Furthermore, considering the model derived by Sato for the field-induced stress
in anodic films, the resulting stress in TiO2 is expected to be particularly large
owing to the large dielectric constant of TiO2 as compared to other valve-metal
oxides. Hence, it is not unlikely that mechanical breakdown could take place
under given conditions. Anodic corrosion of TiO2 films has been observed in
the work of Delplancke et al. [48] on films films anodised galvanostatically at
low current density after long anodisation times. This kind of breakdown was
reported to lead to the formation of a very characteristic cone structure of the
oxide films, the cones being formed as a result of the deposition of corrosion
products around the corrosion pit.

1.2.4 Discussion of the influence of the processing condi-
tions on the anodisation behaviour of Ti

Influence of the metal substrate

Influence of alloying elements: Systematic studies on the anodisation behav-
iour of binary alloys of valve metals have been carried out by the groups of



44 CHAPTER 1. STATE-OF-THE-ART ON TI ANODISATION

Figure 1.19: Illustration of the current and voltage oscillations accompanying
the breakdown of a TiO2 film under supposedly galvanostatic conditions, as
reproduced from Jouve et al. [106].
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Figure 1.20: Characteristic microporous morphology of anodic oxide films ob-
tained upon anodisation in the breakdown regime. This figure is reproduced
from Diamanti et al. [55].

G. Thompson and K. Shimizu. Among many others, the alloys of Ti with Zr
[78, 81], Al [71, 76], Si [76, 232], Mo [75, 77] and W [72, 79] have been in-
vestigated. Supplementary experimental observations devoted mainly to the
electronic properties of anodic oxide films grown on Ti alloys have been pro-
vided by the group of F. Di Quarto [185, 174, 202]. According to these authors,
the presence of alloying elements in the titanium substrate affects the growth
of the oxide film mainly in three ways. Firstly, the anodisation of alloys usually
leads to a multi-layered structure. Secondly, the presence of alloying elements
tends to delay the crystallisation of the TiO2 films, which directly affects the
growth efficiency. Finally, it modifies the dielectric constant and electronic
properties of the oxide film.

Firstly, generally speaking, anodic oxide films formed on alloys will present
an inhomogeneous composition profile, characterised by a multi-layered struc-
ture, as a result of different migration rates of the different elements composing
the alloy [78]. Indeed, the outer region of the anodic oxide film will contain
essentially the most mobile species from the alloy while the inner region of the
anodic film will be enriched in the less mobile species. On Ti-Mo alloys, for in-
stance, the anodic oxide film comprises an outer TiO2 layer, free of Mo, due to
the larger migration rate of Ti as compared to this metal. This phenomenon is
illustrated in Fig.1.21 , taken from the work of Habazaki [77], which shows the
composition depth profile of an anodic oxide film grown on a Ti-28.5 at% Mo
alloy, as obtained by GD-OES. The depletion of Mo at the surface of the film is
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Figure 1.21: GDOES composition depth profile for an anodic film grown on a
Ti-Mo alloy, reproduced from Habazaki et al. [77]. The outer region of the film
(corresponding to the low values on the time-scale) is observed to be depleted
in Mo, hence indicating a lower mobility of the latter specied as compared to
Ti ions.

clearly visible. Similar observations have been reported for other Ti alloys, the
most alloying elements exhibiting a lower mobility than Ti. The mobility of a
specific alloying element in the oxide film has been proposed to be correlated
with the energy ξM−O of the corresponding Mx+-O bond. For a species M,
forming an oxide MxOy, the energy of the Mx+-O bond is calculated as the
energy for atomisation of MxOy divided by the coordination number (C) and
by the stoichiometric coefficient x [72].

ξM−O =
ξatomisation

xC
(1.37)

The energy of the Ti4+-O bond is between 319 and 323 kJ/mol, which is the
lowest reported value for typical valve-metals [74]. For comparison, the bond
energy for the Mz+-O bond for the valve-metal oxides are presented in Table
1.1. The energy of Si4+-O bonds in SiO2 has been included as well, owing to
the importance of Si as an alloying element. As a consequence of the low value
of the Ti4+-O bond, Ti is expected to exhibit a large mobility in anodic oxide
films. In contrast, the very high energy associated with the Si4+-O bond is
believed to be the reason why Si species are observed to be almost immobile
in oxide films grown on Ti-Si alloys, so that, at the end of the anodisation,
they are found in the portion of the oxide film which has been formed at the
M/Ox interface by inward migration of anions. As a result Si has proved very
successful as a marker species for the investigation of transport coefficients in
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Si Ti Mo W Zr
Bond energy [kJ/mol] 465 319-323 360-385 407-413 368
Source [74] [74] [249] [79] [78]

Table 1.1: Typical values for the Mz+-O bonds in valve-metal oxides and SiO2.

Figure 1.22: Illustration of the influence of the presence of Mo as an alloying
element in Ti on its anodisation behaviour. Additions of Mo are observed to
delay the onset of the oxygen evolution reaction to higher voltages (reproduced
from Habazaki et al. [77]).

thin anodic TiO2 films.

Secondly, the presence of alloying elements usually renders crystallisation of
the film more difficult, as a result of a decrease in the short-range order in the
film. With that respect, Si-additions are particularly efficient as 6 at% Si have
been demonstrated to be sufficient for increasing the crystallisation voltage of
TiO2 films from about 10 V to more than 100 V. Similarly, 11 at% Mo (see
Fig.1.22) or 26 at% Al in Ti have been reported to increase the crystallisation
voltage above 160 V in ammonium pentaborate buffer, while 23% Zr hinders
the crystallisation up to 200 V [78]. Again, some evidence suggests that the
efficiency of a given alloying element for delaying the crystallisation would be
related to its mobility in the growing film [76]. A direct consequence of the de-
layed crystallisation is that films can be grown with a high efficiency to larger
thicknesses on Ti alloys than on pure Ti.

Finally, the presence of alloying elements obviously modifies the chemistry
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of the anodic oxide film and, therefore, influences the functional properties of
the anodic films. If we consider the case of the anodisation of Ti-Zr alloys,
for instance, the dielectric constant of the film has been reported to decrease
progressively with increasing Zr-content, up to about 42 at% Zr, because of a
decreased quantity of anatase being formed in the film (see Fig.1.23). Above
that threshold, the dielectric constant of the film increases again with increasing
Zr-content because crystalline ZrO2 is formed at the metal/oxide interface [78].
Incorporated alloying elements also modify the bandgap of the oxide film, as
shown by Santamaria et al. for Ti-Zr alloys as well [202]. The oxide bandgap
Eg increases with increasing Zr content and, as a result, the behaviour of anodic
oxide films grown on Ti-Zr alloys is shifted from semiconducting to insulating
with increasing Zr-content (See Fig.1.24). This observation can be rationalised
based on the model derived by Di Quarto et al. for the optical bandgap of
amorphous oxides (Eq.1.36): Indeed, for a mixed oxide AaBbOy, the effective
metal electronegativity is given by:

χM = xAχA + xBχB (1.38)

where xA and xB are the molar fractions of A and B. In the specific case of
Ti-Zr alloys, the Pauling electronegativity of Ti in the oxide is 1.656 while that
of Zr is 1.4. Therefore, increasing the proportion of Zr in the alloy decreases
the effective electronegativity χM in Eq.1.36, so that an increased value of the
optical bandgap is expected [202].

Influence of oxygen in the metal substrate: Bulk metal substrates usually
contain negligible amounts of oxygen. Therefore, the influence of incorporated
oxygen on the growth of anodic films has been given so far little attention.
However, in recent years, more and more studies deal with the anodisation of
metal thin films prepared by PVD techniques. Such films, and especially Ti
films can incorporate significant quantities of oxygen during deposition, the
influence of which is poorly known. From the Ti-O phase diagram, it can be
seen that the Ti substrates can dissolve large amounts of oxygen, up to 30 at%
[213]. To the best of our knowledge, the influence of incorporated oxygen on
the anodisation process has never been studied so far in the case of Ti but was
investigated by Habazaki et al. for the case of Nb [80]. We decided to include
the results on niobium as a basis for the discussion. Nb films containing up
to 52 at% oxygen have been prepared by magnetron sputtering and anodised
galvanostatically in phosphoric acid electrolyte. Habazaki et al. report the
following observations:

• The V -t curves for the anodisation of Nb are not modified qualitatively
when O is incorporated. However, films grow at a higher rate (larger
dV/dt) with increasing content of oxygen (see Fig.1.25).

• The anodic films contain essentially Nb2O5, independent of the initial
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Figure 1.23: Influence of the proportion of Zr on the dielectric constant of
anodic oxide films grown on Ti-Zr alloys, reproduced from Habazaki et al. [78].

oxygen content of the metal substrate. The field strength, ionic trans-
port numbers and mobility of phosphate species in the film seem to be
unaffected by the initial O-content.

These authors conclude that the oxygen species are present in the metal es-
sentially in the form of O2− ions and contribute to the growth of the oxide
film, in addition to those from the electrolyte. These results should of course
be validated for Ti as well before final conclusions can be drawn. However, if
observations made on Nb extend to other valve-metals as well, the incorpora-
tion of O-species in the metal substrate is not expected to influence strongly
the growth process but could lead to errors in the quantification of the growth
efficiency calculated from the slope of the V -t curves.

Influence of the micro-texture: The influence of the microtexture of the Ti
substrate on the growth of anodic oxide films has been known for long [126].
Jouve [106] or Delplancke [48] for instance reported that after anodisation of
a polycrystalline Ti sample, the initial microstructure of the Ti substrate is
still clearly visible under an optical microscope and that the oxide film shows
different interference colours on the different Ti grains. Both authors conclude
that the thickness of oxide films formed up to a given forming voltage (and
hence the anodising ratio) is dependent on the orientation of the underlying Ti
grain. Jouve et al. [106] also showed that the breakdown voltage depends on
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Figure 1.24: Influence of the proportion of Zr on the bandgap value of anodic
oxide films grown on Ti-Zr alloys, reproduced from Santamaria et al. [202].
The black solid line corresponds to the expected value for a crystalline oxide,
calculated from Eq.1.35.
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Figure 1.25: Illustration of the influence of the oxygen content on the anodisa-
tion V -t curve of sputtered Nb films, reproduced from Habazaki et al. [80].

the microtexture of the Ti substrate.

Further insight into this phenomenon was gained a few years later by the
use of electrochemical characterisation techniques with high spatial resolution.
Indeed, techniques like scanning electrochemical microscopy (SECM), photo-
electrochemical microscopy and Raman microprobe spectroscopy allow for local
investigation of the properties of anodic oxide films grown on a specific Ti grain.
Kozlowski et al. [119] carried out photoelectrochemical mapping of anodised
polycrystalline Ti samples and showed that the photoresponse of the anodic
oxide film was homogeneous throughout a given Ti grain but varied largely
from one grain to another, as illustrated on Fig.1.26. In parallel, Fushimi et
al. [64] showed, using SECM mappings, that the electronic conductivity of
the oxide film depends on the orientation of the Ti substrate. The papers by
Kozlowski and Fushimi however disagree with one another as to the origin of
the heterogeneity in the (photo)electrochemical properties of the oxide films.
Indeed, Fushimi et al. claim that their observed differences in the electronic
conductivity of the oxide film reflect only the grain-to-grain differences in the
thickness of the oxide film. In contrast, based on independent local oxide thick-
ness measurements by Auger depth profiling, Kozlowski et al. conclude that
the variations in the thickness of the oxide film from one grain to another are
too small to result in the large observed variations in photoresponse and that
the latter must be attributed to differences in the defects concentration in the
film. Although the observations reported by Kudelka et al. [124] seem to con-
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Figure 1.26: Photoelectrochemical mapping of the anodic oxide film grown
on a polycristalline Ti substrate, reproduced from Kozlowski et al. [119]. The
brighter regions correspond to Ti grains on which the anodic oxide film exhibits
a larger photocurrent.

firm the latter conclusion that the donor concentration in anodic TiO2 films
is indeed dependent of the substrate orientation, this point remains so far a
matter of debate.

The group of J. Schultze provided a significant supplementary contribution
to this field by correlating the actual orientation of the Ti grains (determined
by anisotropy micro-ellipsometry) with the properties of the oxide film (char-
acterised using photoelectrochemistry, impedance spectroscopy and electron
transfer reaction) [124]. For this purpose, they designed a specific electrochem-
ical droplet cell, allowing for electrochemical measurements on single Ti grains.
They showed that oxide films grown on the dense-packed (0001) planes of the Ti
substrates exhibit the lowest density, the highest electrochemical activity and
donor density and that the anodising ratio is voltage-dependent in the voltage
range of 0 to 10V. In contrast, the TiO2 films grown on the loose-packed (xxx0)
planes exhibit the largest density, a more insulating behaviour, with a low donor
density, and a constant anodising ratio. Films grown on other Ti planes exhibit
properties intermediate between those of films grown on the dense-packed and
loose-packed planes. They also showed that the influence of the texture of the
Ti substrate is much more marked in the case of slowly grown oxide films than
in the case of rapidly grown ones. In particular, they showed that anodic oxide
films grown potentiostatically on (0001) planes behave similar to oxide films
grown slowly on (xxx0) planes, as illustrated on Fig.1.27. This confirms the
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Figure 1.27: Evolution of the electronic properties of TiO2 films, as a function of
the orientation of the Ti grain on which they are grown, for both potentiostatic
and potentiodynamic growth, reproduced from Kudelka et al. [124].

observation reported by Delplancke et al. that the differences in the electronic
properties of anodic TiO2 films as a function on the orientation of the substrate
grains vanished in the case of potentiostatic growth while they are clearly ob-
servable for galvanostatically grown films [50].

Kudelka et al. [124] have also mentioned a direct influence of the orientation
of the Ti substrate on the oxygen evolution reaction, with a much more exten-
sive oxygen evolution being observed on oxide films grown on (0001) planes
(see Fig.1.28). Recently, these results were confirmed in a study by Matykina
et al. [154] devoted to the influence of the substrate microtexture on the oxygen
evolution reaction on TiO2 films. They observe that the oxide films grown gal-
vanostatically to high cell voltages (but below the breakdown voltage) exhibit
a very different morphology depending on the orientation of the underlying Ti
grain. A relatively smooth and featureless oxide is formed on the loose-packed
(xxx0) planes while the oxide formed on the dense-packed (0001) planes is very
rough, as illustrated on Fig.1.29. They show that the orientation-dependence
of the film morphology is due to different rates of oxygen evolution within
TiO2 films formed on different Ti grains. Oxygen is evolved inside the oxide
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film and forms high-pressure gas-filled cavities, which progressively coalesce
and lead to a roughening of the film, blistering and eventually rupture when
the gas is released. The oxide formed on the dense-packed planes of the Ti
substrate is characterised by a higher rate of oxygen evolution than the oxide
formed on loose-packed Ti-surfaces. From electron diffraction patterns, they
also confirmed that the oxide film of the ‘smooth regions’ is amorphous while,
in the ‘rough regions’, where oxygen evolution is abundant, rutile peaks are
clearly visible. They conclude that the amorphous-to-crystalline transition is
facilitated at the metal/film interface on the dense-packed Ti grains.

Influence of the electrolyte

The influence of a given electrolytic solution on the anodisation process is es-
sentially determined by a series of ‘abilities’ and ‘tendencies’:

• the ability to conduct the current through the cell

• the ability to provide the oxygen species which will be used for oxide
formation

• the tendency to dissolve the oxide film

• the tendency to become incorporated to the oxide films

• the tendency to induce side-reactions

In this sub-section, these different abilities and tendencies are discussed in ref-
erence to their impact on the anodisation process.

conductivity : It is the primary role of an electrolytic solution to conduct
the current through the electrochemical cell and the latter must therefore be
sufficiently conductive. In aqueous electrolytes, conductivity is usually not a
concern. In contrast, it can be an issue when anodisation is performed in or-
ganic environments. When the electrolyte is too resistive, besides increasing
the power consumption of the process because of large ohmic potential drops
through the electrolyte, it can lead to inhomogeneous growth of the oxide film
(non-uniform thickness) as a consequence of localised current lines between the
two electrodes. This kind of problem can be avoided by using a well controlled
cell geometry with parallel electrodes and a cathode with a surface at least as
large (or preferably larger) as that of the anode.

dissolution: Each electrolyte has the ability to dissolve (chemically) the ox-
ide film at a given rate (usually very low) which depends on the pH and on the
presence of specific aggressive anions (Cl−, F−). Information on the typical dis-
solution rates of anodic TiO2 films in usual acidic and alkaline electrolytes can
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Figure 1.28: Cyclic voltammograms obtained on Ti grains exhibiting different
crystallographic orientations, reproduced from Kudelka et al. [124].The large
current peak associated with the onset of the oxygen evolution reaction is ob-
served to be more marked on dense packed (a) grains than on the loose-packed
ones (e).
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Figure 1.29: Illustration of the different morphologies of TiO2 films grown on
Ti grains having different orientations, reproduced from Matykina et al. [154].

be found in the work of Blackwood et al. [22]. Generally speaking, TiO2 is very
stable in neutral electrolytes and its dissolution rate increases slightly with de-
creasing pH. Blackwood et al. report a dissolution rate of the order of 2.5 nm/h
in 3.0 M H2SO4 electrolyte. The most straightforward impact of the chemical
dissolution is to reduce the effective growth rate of the oxide film. According
to Sibert [219], the dissolving character can also be beneficial to the stability of
the oxide films. He reports that the ‘best’ electrolytes for anodisation (allowing
for growing thick films exhibiting good adherence and mechanical stability) are
those which are capable of slightly dissolving the oxide film, thus allowing for
some reordering of the film at the oxide/electrolyte interface. However, to the
best of our knowledge, his observation has never been confirmed so far. The
presence of specific aggressive anions in the electrolyte, mainly F− ions modifies
considerably the growth process of TiO2 films [12, 13, 233, 82, 127]. Indeed,
F− ions are known to attack locally TiO2 films and have also been reported
to migrate rapidly through the film, at a rate equal to twice that of O2− ions
[82]. As a consequence, they tend to accumulate at the metal/film interface.
Anodisation of Ti in F−-containing electrolytes under given conditions leads to
the formation of nanoporous oxide films, similar to those produced on Al upon
anodisation in acidic electrolytes. The growth of such nanoporous anodic films
has not been investigated in this work, and the rest of the discussion in the
present chapter focuses on the growth of barrier oxide films only. Extensive
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information on the growth of nanoporous Ti can be found in the work of the
group of P. Schmuki [233, 234, 141, 127]. Additional contributions to this field
have been provided by C. Grimes et al. [160, 161] The presence of fluorine ions
in the electrolyte has also been reported to impede the growth of the oxide film
at the film/electrolyte interface [82], to favour crystallisation to rutile [127] and
to modify profoundly the stress evolution associated with the growth of the
film, leading to a more tensile behaviour [12, 13]. To the best of our knowl-
edge, no other electrolyte anions have a specific dissolving action on TiO2 films.

side-reactions: The main side-reaction accompanying anodisation in aque-
ous electrolytes is the oxygen evolution reaction (water oxidation reaction).
The latter reaction can be avoided by working in a medium having a larger
domain of electrochemical stability than water, for instance some organic elec-
trolytes. Besides the oxygen evolution reaction and the oxide dissolution, other
side-reactions have been reported as well, mainly the formation of peroxides.
Information on the main side-reactions accompanying anodisation in sulphuric
media and the relative proportion of the current consumed associated with
those reactions has been provided by Delplancke et al [49].

incorporation: incorporation of electrolyte anions in the growing film has
been known for long [7]. As a consequence of the positive charge on the anode,
negatively-charged species show a larger tendency to be incorporated. Neutral
species, like water molecules, can also be incorporated [169, 213], and some
authors even report incorporation of small cations like Na+ upon anodisation
in NaOH or NaCl [92]. With this respect, the choice of the electrolyte has a
strong influence. For instance, the counteranions of organic acids are much
less incorporated in the film owing to the larger size of the alkyl chain as com-
pared to typical inorganic anions. In contrast, significant amounts of phosphate
species (typically a few atomic %) are incorporated in the growing film during
anodisation in phosphate-based electrolytes.

Wood [256] has proposed a theoretical model describing the incorporation
of anions from the electrolyte in the growing film and their subsequent migra-
tion within the film. Although his model was developed for anodic alumina
films, the same principles should hold as well in the case of other valve metal
oxides like TiO2. The main hypothesis of his model, based on that proposed
by Leach and Pearson [132], is that, when a monolayer of oxide is formed, all
the molecules adsorbed in the double layer are consumed for forming the oxide
film and the double layer must be renewed. As a consequence, the amount of
electrolyte species which are incorporated in the film directly depends on their
concentration at the surface of the film in the double layer. The surface concen-
tration in turn depends on the bulk concentration, the surface pH (i.e. on the
concentration of adsorbed OH− species) and the current density. According to
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Wood, as a first step, the anions are incorporated in the oxide films as such. No
breaking of oxygen bonds takes place at that stage. Wood points out that the
anions which are incorporated might be different from the main species present
in the bulk of the electrolyte. Indeed, the stability of the various ions is de-
termined by the local pH, as illustrated on Pourbaix diagrams. As the surface
pH might differ from the bulk pH, the stable species at the surface might be
different from those in the bulk. It should be noted that, in contrast to acidic
electrolytes, alkaline electrolytes such as NaOH or KOH are expected to yield
much cleaner anodic films, due to the absence of electrolyte anions other than
OH− that could be incorporated. Incorporation of electrolyte ions is favoured
by a small ionic radius of the anions, a large concentration of the electrolytic
solution, a lower pH (because of a decreased concentration of adsorbed OH−

on the oxide surface) and higher temperatures. The influence of the current
density is not very clear so far.

Once incorporated, the electrolyte species can migrate within the film, in-
wards or outwards depending on their charge and at a rate which depends on
their bond energy [256]. Therefore, the bond breaking appears to be a key-step
of the ionic transport in amorphous films. If a given species is immobile it will
be found in the whole region of the oxide film formed at the oxide/electrolyte
interface. If it migrates inwards, it will eventually contaminate a region of the
film larger than that formed at the oxide/electrolyte interface. In contrast, if
the species migrates outwards, it will be found only near the oxide/electrolyte
interface. The model of Wood is illustrated on Fig.1.30. Habazaki et al. have
studied the mobility of various electrolyte species in anodic TiO2 films. Phos-
phates, for instance, migrate inwards at a significant rate and are typically
found in the outer 62% of TiO2 films (while only 42% has been formed at the
oxide/electrolyte interface) [74]. Based on that observation, Habazaki estimates
the relative migration rate of PO3−

4 ions in TiO2 films to be approximately 34%
of that of O2− species. In contrast, B, W and Mo species incorporated in anodic
TiO2 are observed to migrate outwards at a rate equal to, respectively, 50, 67
and 44% of that of Ti4+ [73]. When anodisation is carried out in chromates-
containing electrolytes, chromium is incorporated as well but migrates outwards
at a rate very close to that of Ti (about 92%). Therefore, it is found only in the
very surface of the anodic film. This confirms an observation reported earlier
by Zwilling [267] for the anodisation of Ti and TA6V alloy in chromic acid.

The question may arise as to the influence of the incorporated species on
the morphology and properties of the film. The TEM studies carried out by
Habazaki et al. [76] reveal that the region of the oxide film grown at the ox-
ide/electrolyte interface is systematically amorphous, independent of the depth
of penetration of the electrolyte species into the film. In contrast, in the case
when electrolyte species migrate inwards (P for instance) and are incorporated
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Figure 1.30: Illustration of the localisation of incorporated electrolyte species in
anodic oxide films (shaded regions), as a function of their tendency to migrate,
respectively outwards (c), inwards (d) or to remain immobile (b). This figure
is reproduced from Wood et al. [256].

into the inner region of the film, formed at the metal/oxide interface, these
species are observed to have an inhibiting effect on crystallisation. This is
in agreement with the general observation that amorphous TiO2 films can be
grown to larger thicknesses in H3PO4 than in H2SO4. From these observations,
they conclude that, although the ‘disorder’ associated with the incorporated
species is likely to have a delaying effect on crystallisation, similar to what is
observed for alloying elements from the substrate, this effect in not the only
cause of the amorphous character of the outer region of the film.

To the best of our knowledge, besides their influence on the crystallisation
behaviour, the influence of incorporated species on the functional properties
of the anodic oxide film has never been studied. The incorporated quantities
are relatively low (up to a few at%) but this might however be sufficient to
modify the conduction properties of the oxide film through the introduction of
energy levels in the bandgap of the semiconducting TiO2 films. Furthermore,
as discussed in the section 1.1.3 devoted to breakdown, the incorporated anions
would also have a direct effect on the breakdown of the anodic films by pro-
viding the primary electronic current which, due to avalanching effect, leads to
breakdown. As a result, more concentrated electrolytic solutions are observed
to lead to a decrease of the breakdown voltage [2].

Hydration: Evidence has been provided by several authors that anodic ox-
ide films, and especially anodic TiO2, contain incorporated water. Only a few
experimental techniques, mainly XPS, RBS, elastic recoil analysis (ERA) and
neutron reflectometry (NR), allow for direct (in the case of ERA) or indirect (in
the case of RBS and NR) observation of the presence of H atoms (and hence of
water molecules). XPS provides supplementary information by allowing identi-
fication of the specific bonds involving the H atoms. Most of the investigations
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carried out on anodic TiO2 films using one of those techniques point out to
the presence of hydroxylated compounds in the film. It is therefore likely that
anodic TiO2 films typically contain some bound water. Hydration of TiO2

films has been extensively discussed in papers by Ohtsuka and collaborators.
In a first paper [169], Ohtsuka et al., using ellipsometry, measured overfaradaic
thickness-to-charge ratios and attribute this observation to water being incor-
porated in the oxide film. In a more recent paper, they report that anodic TiO2

film grown faster exhibit a lower refractive index, a higher dielectric constant
and a lower density than films grown slowly [170, 171]. They interpret these
combined observations as an indication that films grown at a high rate are more
hydrated than slowly grown ones. Ohtsuka et al. go as far as to conclude that
anodic oxide films would initially grow as an hydrated oxide [172]:

Ti4+ox + 4H2O ⇒ Ti(OH)4,ox (1.39)

then dehydrate progressively in the course of the growth, under the action of
the electric field :

Ti(OH)4,ox ⇒ TiO(2−x)(OH)x + (2− x)H2O (1.40)

Supplementary indirect evidence that anodic oxide films grown on Ti are hy-
drated has been provided by Serruys et al. [213], who have investigated anodic
TiO2 films grown at 12 mA/cm2 in 1.0 M H2SO4 using RBS and ERA. RBS
analysis revealed a marked oxygen overstoichiometry in the film, which could
not be accounted for by the incorporation of SO2−

4 anions. Using ERA, they
established the presence of hydrogen in their films and concluded that hydroxy-
compounds must be present in the oxide, in the form of either hydroxides or
hydrated oxide. Tun et al. [236, 237] have performed neutron reflectivity stud-
ies on TiO2 films formed potentiostatically in a NaCl electrolyte. They observe
a bi-layered structure of the films, with an outer region being characterised by
a low scattering length density which they ascribe to the presence of signifi-
cant amounts of hydrogen in the film. Finally, direct evidence of the presence
of O-H bonds in the anodic TiO2 films has been provided by XPS studies by
Shibata et al. [215], Huang et al. [91], Kunze et al. [126] and Xia et al.
[259]. An estimation of the amount of bound water, calculated from XPS data,
can be found in the work of Shibata et al, for films grown potentiostatically
for 1h at 1.5V in 0.5 M H2SO4. These authors report that the ratio of the
amount of oxygen atoms involved in O-H bonds to that involved in M-O bonds
(NO(O−H)/NO(Ti−O)) increases from about 10% for films grown at 303K to
about 25% for films grown at 333K. Above that temperature, the amount of
OH bonds increases dramatically and reaches 80% for films grown at 350K, as
illustrated on Fig.1.31. For comparison, Ohtsuka et al. [169] report an esti-
mated stoichiometry of their anodic films corresponding to TiO2 · 1.4H2O (i.e.
NO(O−H)/NO(Ti−O)=0.7) while Serruys et al. [213] estimate the stoichiometry
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Figure 1.31: Influence of the electrolyte temperature on the amount of water
incorporated in anodic TiO2 films, as reported by Shibata et al. [215].

of their oxide films as TiO2 · 0.6H2O (i.e. NO(O−H)/NO(Ti−O)=0.3). It should
be noted that the observations reported by Kunze et al. [126] for angle-resolved
XPS tend to demonstrate that hydration is mostly localised at the very surface
of the film. Not much is known as to the influence of the bound water on the
characteristics of the oxide films. Generally, it is well accepted that water is a
source of disorder in the film, delaying the crystallisation process. According
to Ohtsuka et al. [171], bound water would increase the dielectric constant of
the film owing to the high polarisability of the O-H bonds.

Influence of the temperature

The influence of the temperature on the growth of anodic TiO2 films has
been investigated under different growth conditions, characterised by differ-
ent growth modes, growth rates and electrolytes. All reported studies agree on
the following two trends. The first general observation is that the anodising
ratio increases (i.e. the electric field across the film is reduced) with increasing
temperature . The second observed trend is that films grown at higher tem-
perature are more ordered and therefore crystallise more easily.
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Figure 1.32: Influence of the electrolyte temperature on the dielectric constant
of anodic TiO2 films, reproduced from Shibata et al. [214].

Larger AR (and larger thickness-to-voltage ratios in the case of potentiosta-
tic experiments) are observed with increasing temperatures [215, 231, 192]. Sul
et al. report an increase of the anodising ratio by 6% when increasing the
temperature from 17◦C to 42◦C for galvanostatic anodisation both in 0.1 M
acetic acid and in 0.1 M NaOH. Similarly, Prusi et al. report increases of the
thickness-to-voltage coefficient by 7 to 18% when increasing the temperature
from 0◦C to 20◦C and by 4 to 7% from 20◦C to 40◦C for potentiostatic anodi-
sation in KOH solutions with different concentrations. This observation can
be rationalised based on kinetic arguments. Indeed, a larger anodising ratio
means that the electric field required for transporting a given current through
an oxide film of given thickness decreases as the temperature increases. This
is not surprising since the mobility of ions is expected to increase with increas-
ing temperature. According to Shibata et al., this observations could also be
attributable to a larger amount of water being incorporated in films grown at
a higher temperature, as suggested by their XPS results (see Fig.1.31).

A second observation by Blackwood et al. is that oxide films grown at a
higher temperature are more stable, which they attribute to a more ordered
structure of the film [22]. These authors therefore suggest that the growth
process involves a specific, thermally activated, transformation which ‘con-
sumes’ defects. This re-ordering could be a preliminary step for crystallisation.
Observations by Shibata and Zhu [215] on the influence of the temperature on
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the crystallisation of the films seem to confirm this scenario. After 1 hour po-
larisation at 1.5V at 20◦C, they obtain oxide films with low dielectric constant
(ε =26), typical for amorphous TiO2, while after a similar potentiostatic growth
at 60◦C, permittivity values typical for anatase (ε =50-60) are measured (See
Fig.1.32). The onset of the oxygen evolution is also reported to take place at
lower voltages at higher temperatures, as a result of a facilitated crystallisation
of the film [214]. Delplancke et al. report a marked influence of the electrolyte
temperature on the overall growth behaviour [48]. They observed two differ-
ent growth-behaviours associated with, respectively, low-current density and
high current density and leading to oxide films showing different morpholo-
gies. Delplancke observed that the current threshold between low and high
current density is temperature-dependent, with higher temperatures leading to
increased threshold currents. They suggest that this transition might be due
to the capacity to dissipate the heat produced in the film during growth. Be-
low the critical current density/temperature, all the heat produced in the film
would be dissipated to the electrolyte, so that the film does not heat up. In
contrast, above the threshold current or temperature, the heat dissipation in
no longer sufficient so that the film rapidly heats up which eventually leads to
breakdown.

Influence of the growth mode and growth rate

The growth mode: As mentioned in section 1.1.1, there are mainly three anodi-
sation modes. Anodic oxide films can be grown either by polarising the anode
at a given potential for a given duration, by imposing a given cell current or
by sweeping the anode potential up to the formation voltage at a given rate.
Selecting one ore the other growth mode influences the anodisation process as
well as the properties of the anodic oxide film. As will be developed further
in this paragraph, the main difference between the three growth modes is their
respective associated growth rates. Therefore, it was decided to address in the
same paragraph the influence of the growth mode and growth rate. In the case
of potentiostatic growth, the current density in the very first instants of an-
odisation is very large, usually limited only by the performances of the power
source. Kudelka et al. [124], for instance, report current density peaks of more
than 100 A/cm2 at the beginning of their potentiostatic anodisation at 4V. As
a result of this high current, the whole oxide film is formed in a few millisec-
onds. If the polarisation is maintained over a longer time-period, the very fast
growth of the anodic film is followed by an aging step. In the case of galvano-
static experiments, the oxide film grows at a given, imposed, rate given by the
Faraday law. The growth rate is constant as long as the structure of the film
is not modified (mainly its density) and as long as no side-reaction takes place
and decrease the growth efficiency. The potentiodynamic mode is in fact very
similar to galvanostatic conditions, with the oxide film growing at an imposed
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rate given by the sweeping rate. The effective growth rate is constant as long
as the density of the oxide film is not modified and as long as the anodising
ratio is constant. In contrast to galvanostatic conditions, the potentiodynamic
mode allows keeping a constant growth rate even when side-reactions reduce
the growth efficiency.

A discussion of the influence of the growth mode on the characteristics
of the oxide film can be found in the studies carried out by Delplancke [50],
Wiesler [253], Kudelka [124] or Bourdet [30]. From their studies, it comes out
that oxide films grown potentiostatically are slightly thicker and more insulat-
ing than oxide films grown galvanostatically or potentiodynamically, and that
their properties are less-dependent of the orientation of the underlying Ti sub-
strate. Typically, galvanostatic anodisation is carried out with current densities
in the range of 0.1 to 100 mA/cm2. If galvanostatic anodisation would be car-
ried out at a current density comparable to those measured for potentiostatic
growth, it is likely that the differences between the two growth modes would
vanish.

Before discussing the influence of the growth rate on the characteristics of
the oxide film, it is worth mentioning a supplementary growth mode, proposed
recently by Poznyak et al. [189]. These authors have grown anodic oxide films
with thicknesses in the range of a few nm to 200 nm by using repeated pulse
discharges. Pulses of more than 1000 V and a few µs were obtained from the
discharge of a capacitor. The voltage pulses produce plasma conditions at the
anode surface. Owing to the plasma regime, the film grows with overfaradaic
efficiency. Tuning the value of the capacitance allows modifying the thickness
of the oxide film which grows during the pulse, although there does not seem
to be a straightforward relationship between the pulse power and the thickness
increment. A comparison between the films grown by pulsed discharges and
films of comparable thicknesses grown galvanostatically in H2SO4 reveals that
the pulse discharge growth mode yields more stoichiometric oxides, exhibit-
ing a more homogeneous composition throughout the oxide thickness (reduced
concentration gradients, as measured by AES depth profiling). Pulse discharge
grown oxides also appear to incorporate more species from the electrolyte than
the galvanostatically grown ones. Mott-Schottky analysis also shows that the
donor density in the pulse discharge oxides is up to 2 orders of magnitude
smaller than in the galvanostatic oxides. As to the crystallisation behaviour,
both type of oxides exhibit a similar behaviour, with the films being amorphous
up to a certain thickness, then progressively crystallising to anatase.

The growth rate: During potentiodynamic or galvanostatic anodisation, the
rate of growth of the oxide film can be controlled (almost) directly via, re-
spectively, the potential scan rate or the applied current density and can be
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typically varied over a wide range. This paragraph provides a discussion of the
influence of the growth rate on the characteristics of the oxide film. As will
be further discussed, a faster growth process yields less-dense and less-ordered
films than a slow growth, while the influence of the growth rate on the func-
tional properties of the film, remains so far controversial.

Michaelis et al. [156] and Ohtsuka et al. [170] both observed that the re-
fractive index of anodic TiO2 films decreases with increasing growth rate. In
parallel, both authors report that the anodising ratio increases with increasing
growth rate. According to Michaelis et al., these two observations are likely to
be correlated. Indeed, according to the Drude model, the refractive index of
the film is related to the electron density in the material. Postulating that the
latter is in turn proportional to the density of the oxide film itself, variations in
the oxide density are anticipated to result in variations of the refractive index.
Hence, the increase of the anodising ratio and the decrease of the refractive
index with increasing growth rate are indications that films grown faster are
less dense than slowly grown ones. The latter conclusion is in agreement with
the observation reported by Wiesler that films formed under potentiostatic
conditions are 10% less dense than films grown slowly under potentiodynamic
conditions [253]. However, this trend contradicts with what would be expected
considering only the high-field model. Indeed, according to the high-field equa-
tions Eq.1.23, larger fields (i.e. lower AR-values) are required to allow for larger
currents to flow through the film [167], as will be further discussed in chapter 5.
This latter effect is readily observed in experiments during which the current
density is decreased in the course of anodisation. This kind of experiment was
carried out for instance by Di Quarto et al. [51]. Upon each stepwise decrease of
the current density, these authors observe a downward V -step, which provides
direct evidence that the electrical field in a given film decreases with decreasing
current density. However, it is likely that other factors come into play when
the growth rate of the film is modified, due to a direct influence of the growth
rate on the oxide density [156], on its degree of hydration [170] (see subsection
1.2.4) or on the amount of incorporated electrolyte species [132]. The latter
effects can overcome the natural influence of the current density on the field in
the growing film.

Besides the influence of the growth rate on the final thickness of the film,
there is significant evidence that slowly grown oxide films are more ordered.
According to Blackwood [22], this more ordered character accounts for the im-
proved stability (lower dissolution rates) of oxide films grown at a slower rate.
It could also account for the smoother surface of galvanostatically-grown films
as compared to the potentiostatically grown ones, as observed by Bourdet et
al. A fast growth, as in the case of potentiostatic anodisation, also appears
to suppress the possibility of preferential crystallisation of TiO2 on Ti grains
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of specific orientations. Both Delplancke [50] and Kudelka [124] report that
the strong influence of the Ti-microtexture on the growth of anodic films ob-
served under galvanostatic or potentiodynamic conditions vanishes in the case
of potentiostatic growth. Indeed, under potentiostatic conditions, oxide films
having the same thickness and electrochemical properties grow on all Ti grains,
independent of their orientation (see Fig.1.27).

The main point on which there is no general agreement in the literature is
the influence of the growth rate on the dielectric properties of the oxide film.
While Blackwood et al. [24] report a decreasing ε-value and an increasing donor
density with increasing growth rate, Ohtsuka et al. [171] report the opposite
trend, with rapidly grown oxide films having a larger dielectric constant and
a lower donor density. The observations reported by the two groups on the
dependence of ε on the growth rate are reproduced on Fig.1.33. Kudelka et al.
[124] compared GS and PS films and observed that rapidly grown oxide films
were more insulating. The latter results are more in agreement with the trend
reported by Ohtsuka.

In addition to modifying some of the characteristics of the growing film, the
growth rate also has a considerable influence on the growth process itself, with
oxide films grown at different rates exhibiting different morphologies. This is
particularly obvious in the work of Delplancke et al. [48] who report the ex-
istence of two distinct growth regimes corresponding to low- and high-current
density conditions. In the case of the high-current density regime, the cell volt-
age increases continuously up to the breakdown region, in which a microporous
oxide is formed. (cf. section devoted to breakdown) In contrast, at low cur-
rent density, a V -plateau is rapidly observed, which corresponds to the onset
of oxygen evolution. Under such conditions, after some time, a very particular
cone structure develops. So, the growth rate (in this case the current density)
can influence the morphology of the film as well.

Finally, it should be noted that the potential values at which transitions
in the growth process take place (onset of the OER, breakdown) are generally
observed to increase with increasing growth rates. Dyer [57] or Ohtsuka [171],
for instance, report that the onset of the OER is shifted to higher voltages
when the growth rate increases (see Fig.1.34). Jouve [106] observed a propor-
tionality between log i and both the voltage marking the onset of the OER and
the dielectric breakdown. Finally, McAleer et al. [148] demonstrated that the
growth instabilities observed during the growth of their films could apparently
be avoided by growing the film at a high-enough rate (see Fig.1.35).

Post-anodisation treatments: After a galvanostatic or potentiostatic growth,
different post-anodisation treatments can be carried out, usually in the form
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Figure 1.33: Influence of the growth rate on the dielectric constant of poten-
tiodynamically grown TiO2 films, as reported by a) Blackwood et al. [24] and
b) Ohtsuka et al. [171].
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Figure 1.34: Cyclic voltammograms measured on Ti for different sweep rates,
reproduced from Ohtsuka et al. [171]. The characteristic increase of the cell
current at the end of the plateau region and corresponding to the onset of the
OER is observed to be shifted to lower V for films grown more slowly.

of potentiostatic aging or potentiodynamic cycling, at the same temperature
as for the growth or at a higher T◦. As to the potentiostatic aging, all exper-
imental evidence point out to the conclusion that they result in an increased
degree of order. As to potentiodynamic cycling, only little experimental data
is available and the influence of the cycling is not yet clear.

Blackwood et al. [22] report that potentiostatic aging, at a higher temper-
ature than the growth temperature, improves the stability of their oxide films,
which is manifested as a decrease of the rate of chemical dissolution of the films
under open-circuit conditions. They attribute this effect to progressive changes
in the film structure, leading to a more ordered structure. Similarly, Marsh
and Gorse [146] attribute to a progressive ordering of the films the significant
decrease of the sub-bandgap photocurrent that they observe on their anodic
oxide films with increasing time of potentiostatic aging at the formation poten-
tial. According to Ohtsuka et al. [172], this re-ordering of the film structure is
associated with a progressive dehydration of the film. The latter authors have
studied the influence of potentiostatic aging using in-situ ellipsometry. Ac-
cording to their observations, potentiostatic aging results in an increase of the
refractive index of the film, as well as a decrease of the film thickness when the
film is aged below its formation potential (see Fig.1.36). These two combined
observations suggest a densification of the film which, according to Ohtsuka, is
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Figure 1.35: Cyclic voltammograms obtained on Ti electrodes, with sweep
rates of, respectively a) 1V/s, b) 2.1V/s, c) 3V/s and d) 5 V/s. This figure is
reproduced from McAleer et al. [148].
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Figure 1.36: Time-evolution of the refractive index and thickness of an anodic
oxide film submitted to a potentiostatic aging at a potential lower than its
formation voltage, as reported by Ohtsuka et al. [172].

attributable to a dehydration process.

Eventually, potentiostatic aging can lead to the crystallisation of the oxide
film. This has been demonstrated by da Fonseca et al. [43], who detected crys-
talline anatase by grazing-angle XRD in initially amorphous TiO2 films after
an aging step under potentiostatic conditions. A similar observation has been
reported by Arsov [16] who used in-situ Raman spectroscopy. Aging at lower
potentials lead to longer incubation times before the Raman signal character-
istic for Anatase was observed.

The influence of potential cycling on the properties of the oxide films are
not well understood yet. Two main studies deal with this question. Oliveira
et al. [173] have studied the effect of potential cycling on the oxygen evolution
reaction on potentiodynamically grown TiO2 films. They observe a progres-
sive increase of the OER current with increasing number of cycles (between
0.5 and 10 V) on an initially amorphous TiO2 film. This observation indi-
cates an increasing electronic conductivity of the film. When the potential
scan range is extended to a more cathodic value of -1.1 V, Oliveira et al. ob-
serve a very marked increase of the current peak associated with the oxygen
evolution. These authors propose this behaviour to be due to an increased elec-
tronic conductivity of the film and/or an increase of the effective surface of a
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porous TiO2 layer on the surface during cathodic polarisation. Azumi and Seo
[17] have carried out impedance measurements on TiO2 films during repeated
potential cycles. They report a very complex behaviour, which they attribute
to a reversible field-induced water dissociation inside the oxide film. According
to these authors, above 3V, water in the film would be dissociated which leads
to the formation of TiO3 peroxide and to the annihilation of donor species.
As a result, the outer part of the film would become more insulating. Dur-
ing the reverse scan, the reverse transformation would take place below 0.5V.
From the very limited number of studies available on the influnce of potential
cycling and the very complex nature of the reported phenomena, it is obvious
that supplementary experimental evidence would be necessary to better under-
stand the influence of potential cycling of anodic oxide films on their properties.

1.2.5 Stability of anodic TiO2 films

Dissolution of anodic films under open-circuit conditions

The group of L. Peter [22, 23] provided very insightful data on the dissolution
of anodic TiO2 films in moderate acidic and alkaline environment. Using an
electrochemical dissolution-regrowth method, they demonstrated that, in elec-
trolytes free of aggressive (F−) ions, the dissolution of the anodic TiO2 films
takes place uniformly all over the oxide surface, and not as a localised attack.
The dissolution was also shown to be essentially chemical (not electrochem-
ical), with a dissolution rate exhibiting a first-order dependence towards the
protons concentration at low pH. These authors therefore propose the following
reaction to be the main one responsible for the dissolution of the TiO2 films in
acidic electrolytes:

TiO2 +H+ +H2O ⇒ Ti(OH)3 (1.41)

the hydroxide compound being rapidly dissolved in acidic electrolytes. Disso-
lution experiments carried out at different temperatures in the range of 2◦C to
65◦C suggest that the dissolution process is thermally activated, with an associ-
ated activation energy of 63 kJ/mol (measured in 3.0 M H2SO4 for a TiO2 film
grown potentiodynamically at 1 V/s up to 2V). Peter et al. also investigated
the dissolution behaviour in different chemical environments and report typical
dissolution rates in the range of 0.07 nm/h (potassium oxalate 1.0 M) to 2.23
nm/h (H2SO4 3.0 M). However, the previous values should only be taken as
indicative for the order of magnitude of typical dissolution rate as the effective
dissolution rate was also shown to be widely influenced by the rate of growth of
the film. This is illustrated on Fig.1.37, showing the thinning rate as a function
of the growth rate. Films grown slowly are observed to dissolve more slowly as
well, which, according to these authors, is attributable to their more ordered
structure. The stability of rapidly grown films can also be improved by aging
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Figure 1.37: Evolution of the dissolution rate of anodic TiO2 films (expressed in
terms of the charge consumed for re-growing the dissolved fraction of the film)
as a function of their rate of growth. This figure is reproduced from Blackwood
et al. [22].

the film under potentiostatic conditions at the formation potential, preferably
at a higher temperature.

Using the same dissolution-regrowth approach, Marino et al. [152] investi-
gated the influence of two other parameters of oxide growth on the dissolution
behaviour of anodic TiO2 films, namely the pH of the electrolyte used for grow-
ing the oxide film and the formation voltage of the film. All their anodic TiO2

films were grown potentiodynamically at the same rate up to forming voltages
in the range of 1 to 5 V, in buffered phosphate electrolytes with pH in the range
of 1 to 5. According to their observations, the charge consumed for re-growing
the dissolved fraction of the oxide film is almost independent of the formation
voltage and pH. The dissolution behaviour therefore seems to be unaffected by
the latter parameters (at least in the range of values investigated by Marino et
al).
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Dissolution of anodic films under cathodic polarisation

The dissolution of TiO2 films is accelerated when the Ti electrode is polarised
cathodically but remains uniform, according to Blackwood et al. [22]. Accord-
ing to Arsov [15], the rate of electrochemical dissolution is maximum when the
electrode is polarised at -0.6V. For more cathodic potentials, hydrogen evolu-
tion accompanies the TiO2 reduction, as well as the formation of Ti hydrides
TiH2. Even thick TiO2 films, formed over 80V, were reported to be completely
dissolvable electrochemically upon cathodic polarisation.

1.3 Growth stresses in anodic oxide films

1.3.1 Stress measurements in anodic oxide films

The very first study

A pioneering study on the internal growth stresses in anodic films has been car-
ried out by Vermilyea in 1963 [245]. He measured the deflection of cantilevered
foils of the main valve metals during anodisation using a telescope. Although
this author reports a poor reproducibility of the results, he clearly evidenced
that significant internal stresses are generated in anodic oxide films during their
growth and he already identified most of the main parameters influencing the
stress evolution in valve metal oxides. In particular, he reports that the stresses
are always more compressive under applied field conditions than at open-circuit
and ascribes this to an electrostatic effect (hence, he already identified the re-
versible contribution from electrostriction, which will be discussed extensively
in chapter 4). Vermilyea also reports an effect of the growth rate and of the
presence of specific ions in solution on the stresses. Finally, he reports that
more compressive stresses are generated when gas is evolved.

Stresses, crystallisation and breakdown

After the study reported by Vermilyea, internal stresses were frequently cited
in the literature as a possible source of crystallisation, breakdown or growth
instabilities. Leach and Pearson, for instance, suggest that a relationship exists
between stresses, ionic transport numbers and crystallisation [133]. They base
their reasoning on the observation that ZrO2 and HfO2 are the only valve metal
oxides which grow almost exclusively by anionic transport and are also the only
ones which are always observed in the crystallised state. Leach and Pearson
conclude that anionic transport favours crystallisation. Considering the obser-
vation that the growth of anodic oxide films on Hf and Zr is also accompanied
by large compressive stresses, they propose that the favourable influence of
anionic transport on crystallisation could, at least partly, be due to the com-
pressive stresses which are associated with this type of growth. Intuitively, the
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fact that compressive stresses would be favourable to crystallisation can indeed
be rationalised by considering that crystallisation leads to a densification of the
oxide film. Yahalom and Zahavi [261] also suggest that compressive stresses
can be high enough to promote direct crystallisation by pressure, at least to
some extent. According to them, the amorphous-to-crystalline transition could
lead to cracking of the film, thus leading to breakdown as well. This was con-
firmed by Vermilyea [243, 244] and Jackson [100] who observed local cracking
of their Ta2O5 films at sites of field-crystallisation. Internal stresses can also
be large enough to directly result in cracking of the oxide film (without neces-
sarily involving crystallisation) if the stress exceeds a critical level [261]. Such
a ‘mechanical breakdown’ was indeed observed by Di Quarto et al. and by
Archibald on ZrO2 films [52, 12]. The mechanical breakdown is manifested by
the appearance of small cracks in the oxide surface and a change in the growth
kinetics of the film. McAleer et al. [148] also provide indirect electrochemical
evidence that, at some stage during the growth process, cracks would form in
the outer part of the anodic oxide film, which would be induced by large internal
stresses. Sato proposes that the stress contribution arising from electrostriction
and surface stress effects (associated with the absorption of molecules on the
oxide surface) can reach sufficiently high values to lead to mechanical break-
down. Shibata and Zhu [215] have studied the evolution of crystallisation as a
function of the temperature and observe that crystalline films are formed after
1h potentiostatic anodisation at 1V from 323◦C on. They evaluate the stresses
in their oxide film as a function of the temperature according to the model of
Sato and conclude that the stresses are shifted from tensile to compressive with
increasing temperature, as illustrated on Fig.1.38. Therefore, they suggest that
their observed crystallisation at 323◦C can be attributed to the fact that the
stress in the film has exceeded a compressive critical value. It should be noted
that all these predictions on the relationships between internal stresses and
crystallisation or cracking are rather speculative, considering the very limited
amount of experimental evidence available. This is due to the fact that studies
devoted to the development of internal stresses in anodic oxide films are not
numerous and that they show poor quantitative and even qualitative agree-
ment with one another. The main experimental results on the development
of stresses in anodic oxide films are presented in the next paragraph, together
with the different theories proposed for accounting for those stress evolutions.

Theories on the origin of stresses in anodic oxide films

The most obvious source of internal stresses arising during the transformation
of a metal into his oxide by anodisation is the difference between the molar
volumes of the two materials. The ratio of the respective molar volumes of
the metal and metal oxide, usually referred to as the Pilling-Bedworth ratio
(PBR), is typically between 1.4 and 2.4 for valve-metal oxides. Based on this
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Figure 1.38: Influence of the electrolyte temperature on the estimated growth
stress in anodic TiO2 films, reproduced from Shibata et al. [215].
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well-established criterion, anodic oxide films are anticipated to grow with large
compressive stresses. This was however found to be in contradiction with the
observation of Vermilyea that tensile stresses develop on most anodic oxide
films grown on Ta, Ti, Nb, Al and W. Therefore, different scenarios were pro-
posed to account for the origin of tensile stresses, none of them being so far
completely convincing. Vermilyea [245] suggests that tensile stresses could re-
sult from a progressive dehydration of the oxide film which would be initially
formed as an hydrated oxide. The latter explanation was also proposed by
Wüthrich [258] and Sahu [199] for accounting for their observed tensile growth
stresses on, respectively Al2O3 and TiO2 films. Wüthrich ascribes the more
tensile stress observed at higher current density to a higher degree of hydra-
tion. Other scenarios are based on the hypothesis that tensile stresses are the
result of vacancy build-up at the metal/oxide interface. After the study by
Vermilyea, described in the previous sub-section, supplementary studies were
carried out by Bradhurst and Leach (on Al2O3 films) [31] and by Archibald
(on ZrO2 and TiO2) [12, 13]. The former authors observed tensile stresses in
alumina films grown at high current density and compression in films grown
at low current density, with a transition between the two stress conditions
taking place for an intermediate current density (see Fig.1.40). This charac-
teristic transition on Al2O3 film was later observed by Nelson et al. [164] as
well but not by Wüthrich [258]. As pointed out by Bradhurst and Leach [31],
the observation of a transition from compressive to tensile stresses for a given
current density is further evidence that predicting the sign and magnitude of
stresses based only on the value of the PBR of the metal/metal oxide system of
consideration is an oversimplification and that other factors must be taken into
account. They suggest that the dependence of the average stress on the current
density could be related to the variations of the cationic transport number with
i previously evidenced by Davies [45]. Bradhurst and Leach consider that the
oxide formed at the oxide/electrolyte interface grows relatively free of stresses
while, in contrast, the fraction of the film formed at the metal/oxide interface
experiences large compressive stresses. Within this framework, the relative val-
ues of anionic and cationic transport numbers have a direct influence on the
average stress in the film, with an increase of the cationic transport number
being expected to lead to less-compressive stresses. Archibald studied the stress
development in anodic ZrO2 films grown galvanostatically up to 200V. He ob-
served a dependence of the average stress on the current density which also
agrees with the evolution of the cationic transport number with i described by
Davies, with less-compressive stresses observed at high current density due to a
larger contribution of the cationic transport (see Fig.1.41). However, it should
be noted that, although this model seems to provide fairly good qualitative
predictions of the influence of the current density on the stress evolution, only
‘more-compressive’ or ‘less-compressive’ stresses can be accounted for. This
scenario does not rationalize the development of truly tensile stresses. With
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Figure 1.39: Illustration of the influence of the transport numbers on the in-
trinsic growth stresses in the film, according to the model of Nelson and Oriani
[164].

this respect, the comprehensive model derived by Nelson and Oriani [164] is
more satisfactory. These authors base their model on the observation that the
stress in their anodic oxide films grown on Ti and Al appear to be indepen-
dent of oxide thickness over the potential range investigated (up to 2V only).
They conclude that this observation is indicative for the stress being essentially
localised at the metal/oxide interface, the oxide/electrolyte interface being in
contrast essentially free of stresses, as postulated by Bradhurst et al. Then,
they propose that tensile stresses arise from the build-up of oxygen vacancies
at the metal/oxide interface which is in turn directly related to the ionic trans-
port numbers in the film. They identify a critical value of the anionic transport
number

toa =
1

PBR
(1.42)

such that the volume of metal consumed at the metal/oxide interface is exactly
compensated by the volume of oxide formed at that interface, thus leading to
zero-stress growth. The sign of the stress is therefore a direct consequence of the
anionic transport number being larger or smaller than toa, leading respectively
to compressive stresses or free-volume build-up and therefore tensile stresses.

Within the framework of their model, transitions in the sign of the growth
stress can easily be accounted for, in relation to changes in the ionic transport
numbers, as illustrated on Fig.1.39. In addition to the compressive-to-tensile
transitions as a function of the current density observed by Bradhurst and Nel-
son (on Al), Kim et al. [111] observe a similar compressive-to-tensile transition
(on W) taking place for a given thickness. They interpret this observation based
on the model of Nelson and Oriani as well as based on the theory proposed by
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Figure 1.40: Influence of the anodisation current density on the growth stress
in anodic alumina films, reproduced from Leach et al. [133].

Sato and Cohen [204] stating that the diffusion of oxygen vacancies becomes
more and more difficult with increasing thickness of the oxide film. After a
given thickness is reached, the diffusion of oxygen vacancies becomes too slow
and vacancies progressively build-up at the metal/oxide interface, thus leading
to the observed compressive-to-tensile transition. Based on the latter observa-
tions as well as on their own stress-measurements on anodic Al2O3 films, Moon
and Pyun [159] claim that the stress in anodic oxide films is determined by the
rate of creation and annihilation of both metal and oxygen vacancies in the first
three atomic layers adjacent to the metal/oxide interface. Their theory can be
seen as the microscopic version of the Nelson and Oriani model. The main
criticism regarding the model of Nelson and Oriani is that, from a mechanical
point of view, it seems unlikely that a film can grow for long with free volume
being accumulated at the metal/oxide interface. This would be expected to
rapidly lead to the formation of large cavities and eventually film delamination.

As to the dependence of the average stress on oxide thickness, there does
not seem to be a clear trend. Archibald observes that the stress in ZrO2 film is
independent of oxide thickness in the wide range of 10 to 200 V [12], while in
the same voltage range, the average stress in TiO2 films decreases progressively
with increasing thickness [13]. Constant growth stresses have been reported
as well, over a much reduced V -range, for TiO2 (Butler [33], Nelson [164],
Ueno[239]) and Al2O3 (Wüthrich [257]). Kim et al. [111], in contrast, observe
a marked thickness dependence of the stress on their WO3 films, illustrated on
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Figure 1.41: Influence of the anodisation current density on the growth stress
in ZrO2 films, reproduced from Archibald [12].

Fig.1.42.

As to the influence of the electrolyte concentration, two studies are avail-
able, which have been carried out by Moon and Pyun [159] and Benjamin et al.
[21] on Al2O3 films3. The former authors observed a very significant increase
of the compressive character of the stress upon increasing the concentration
of their H2SO4 electrolyte between 0.5 M to 3.0 M. They interpret this ob-
servation as being due to a direct influence of the pH on the creation of Al3+

vacancies at the oxide/electrolyte interface, as a result of the dissolution of
the oxide film at the oxide/electrolyte interface. Benjamin et al. [21] report
the same trends. In addition to the influence of the electrolyte concentration,
the influence of specific anions in the electrolyte has been investigated as well.
Archibald reports that F− additions to the electrolyte modify profoundly the
stress evolution of ZrO2 and TiO2 films. On TiO2 films, additions of fluorine
increase the tensile character of the stresses. Therefore, he proposes that F−

ions could stimulate the cationic transport. The specific influence of F− ions
on the stress evolution may rather be related with their ability to migrate in
the TiO2 film faster than O2− ions (owing to the smaller ionic radius of F−

anions) and to accumulate at the metal/film interface [82]. Their tendency to
dissolve the portion of the oxide film formed at the film/electrolyte interface
[82] and to favour crystallisation to rutile [127] may also play a role. A similar

3Surprisingly, some of the figures presented by Benjamin et al. are exactly the same as
those found in the paper by Moon and Pyun (apart from a slight re-scaling), although the
latter paper is not even cited in the reference list. Therefore, it is doubtful that the two
papers can be considered as two independent studies.
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Figure 1.42: Time-evolution of the cell voltage and of the curvature (presented
in terms of electrode deflection) during the anodisation of a tungsten film, re-
produced from Kim et al. [111]. A compressive-to-tensile transition is observed
in the course of the growth.

influence was also reported by Pyun [193, 194], with chlorine additions to the
electrolyte leading to a significant increase of the compressive stresses in grow-
ing WO3 films. This effect was more marked in electrolytes containing higher
Cl− concentrations and when the film was grown at lower current densities.
Pyun suggests that Cl− anions are incorporated in the growing film and can
occupy oxygen vacancy sites in the oxide, the larger compressive stresses being
attributable to the larger ionic radius of Cl− as compared to O2− anions.

Butler and Ginley [33] provide insightful information on the reversible part
of the growth stress. They observe a cyclic variation of the reversible compo-
nent of the stress when their electrode is submitted to a slow cyclic (triangular)
polarisation (see Fig.1.43). They confirm that the reversible stress increases
proportionally with the square of the electric field, as expected for electrostric-
tion stresses. When they increased the scan rate during their cyclic polarisation
experiment, they observed an irregular behaviour, with much noise, probably
due to interference with other effects. Indeed, according to Wüthrich [258],
the reversible stress can comprise other contributions than the electrostriction
stress. He has measured internal stresses in growing anodic Al2O3 films using
a membrane deflection technique. He points out that thermal stresses account
for a significant part of the observed stress, as well as another, unidentified
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Figure 1.43: Evolution of the anode curvature accompanying potential cycling
of a Ti electrode between 0 and 2V, reproduced from Butler et al. [33].

stress contribution related to the current flow.

In conclusion, stresses in anodic oxide films comprise a reversible and an
irreversible part. The reversible part is composed of the respective contri-
butions from electrostriction, thermal effects and probably electrocapillarity
effects. The irreversible part represents intrinsic stresses resulting from the
growth process. Although, by considering only the relative molar volumes of
the metal and metal oxide, compressive intrinsic stresses would be expected,
tensile stresses are usually observed in valve-metal oxides in which both cationic
and anionic transport contribute to the growth. Compressive stresses are some-
times observed as well under specific conditions or in specific voltage ranges, as
well as compressive-to-tensile transitions. Compressive stresses are observed in
ZrO2 and HfO2 in which the transport is essentially provided by anions [133].
Tensile stresses have been proposed to arise from dehydration of the initially
hydrated oxide [245] or from the accumulation of vacancies at the metal/oxide
interface [164]. According to one or the other model, more tensile stresses would
be generated at higher growth rate because of a higher degree of hydration or
because of an increased contribution of cationic transport. The electrolyte can
influence the stress evolution directly through ion incorporation in the oxide
film [12, 13, 111] and ion adsorption on the oxide surface [205]. The electrolyte
pH may influence the stress evolution through dissolution effects affecting the
concentration of metal vacancies [21, 159].
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1.3.2 State-of-the-art of stress measurements in TiO2 films

In this paragraph, the main experimental observations relative to stress mea-
surements in anodic TiO2 films are presented. As will be discussed, comparison
of the different studies is not straightforward because of major differences in
the experimental conditions and thickness range investigated.

The first study dealing with this topic was carried out by Archibald [13].
He studied stresses in films grown galvanostatically on bulk Ti substrates up
to 200V in ammonium borate electrolyte with and without fluorine additions.
He observed only tensile stresses throughout the growth (or at least from 20V
on because no stress measurements are available below that value), with the
average stress decreasing from about 150 MPa down to about 40 MPa with
increasing film thickness (see Fig.1.44).

Butler and Ginley [33] tackled the same problem but focused on a nar-
rower voltage range of 0 to 2V. Films were grown potentiodynamically in 0.2
M Na2SO4 on sputtered Ti films with scan rates of 1 and 10 mV/s. Within
that voltage range, they report the average growth stress to be compressive,
independent of oxide thickness and of the order of -70 MPa (after subtraction
of the reversible contribution) (see Fig.1.45). Nelson and Oriani [164] have
studied oxide growth in the same potential range of 0 to 2V in order to avoid
interference with the oxygen evolution reaction. They performed both potential
steps and galvanostatic experiments on bulk Ti substrates in 0.1 M H2SO4. In
both cases, they observe an immediate compressive surge at the beginning of
anodisation (associated with electrostriction), followed by a tensile evolution,
as illustrated on Fig.1.46. The latter observation is in contrast with that of
Butler and Ginley, who observed compressive intrinsic growth stresses in the
same V -range. In the study by Nelson and Oriani, under galvanostatic condi-
tions, the tensile evolution is characterised by a constant slope, which increases
proportionally with the current density, thus suggesting that the oxide film
grows under constant efficiency and constant instantaneous stress conditions.
These authors present all their results in terms of ‘rate of deflection’, so that
quantitative assessment of their stress data is not straightforward.

Sahu et al. [199] devoted their study to potentiodynamic growth on sput-
tered Ti substrates in 1% H2SO4 electrolyte and in the range of 0 to 10V. They
observe tensile intrinsic growth stress, as shown on Fig.1.47. They report a
value of 190 MPa for the electrostriction stress.

The group of Masahiro Seo [239] provided a second study on TiO2 films
grown potentiostatically. Their oxide films were grown on sputtered Ti films
for one hour at a constant potential in the range of 1 to 10V (hence the same
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Figure 1.44: Evolution of the growth stress in anodic TiO2 films, as a function
of the final anodisation voltage, showing a decrease of the average growth stress
with increasing V . This figure is reproduced from Archibald et al. [13].

Figure 1.45: Evolution of the curvature of a Ti anode submitted to a potential
cycling between 0 and 2V, reproduced from Butler et al. [33]. The residual
growth stress at the end of the cycle is observed to be compressive.
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Figure 1.46: Time-evolution of the anode potential and of the anode curvature
during a galvanostatic anodisation experiment, reproduced from Nelson et al.
[164]. The residual growth stress when the current is turned off at the end of
the experiment is observed to be tensile.
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Figure 1.47: Evolution of the cell current and of the anode curvature (presented
in terms of deflection angle) during potentiodynamic anodisation of a Ti elec-
trode, reproduced from Sahu et al. [199]. The residual growth stress at the end
of the first cycle is observed to be tensile.



86 CHAPTER 1. STATE-OF-THE-ART ON TI ANODISATION

potential range as Sahu et al.) in buffered borate solution. The growth stresses
were always compressive, of the order of -500 MPa and essentially independent
of oxide thickness (see Fig.1.48). In contrast to Butler et al, they report very
weak electrostriction stresses of about 20 MPa.

Finally, we should mention one last study by Hong et al. [89], who have
studied the stresses in passivating TiO2 films formed under open circuit con-
ditions on Ti substrates in 1.0 M H2SO4. However, stress values reported in
this study appear doubtful since their reported values for the thickness of the
spontaneously formed passivating film (150 nm) are, at least, one order of mag-
nitude larger than the expected values under open-circuit conditions and are
therefore very unlikely.

In the light of these experimental observations we can conclude that:

• in most cases, the films grow under constant stress conditions or, at least,
the stress in the film varies slowly with film thickness, the stress variation
being only visible when the anodisation process is studied over a large
thickness range.

• there does not seem to be a straightforward relationship between the
growth rate and the sign of the stress, since the faster and slower growth
rates (potentiostatic growth and potentiodynamic growth at 10 mV/s
respectively) lead to compressive stresses while all intermediate growth
rates were observed to correspond to tensile stresses. Furthermore, there
is no agreement between the two studies carried out under potentiostatic
conditions since Nelson et al. report tensile stress evolution while Ueno
et al observe a compressive stress evolution.

• tensile stresses were observed in all studies where bulk Ti was used as a
substrate while both compressive and tensile stresses were reported for
studies on sputtered Ti thin films.

• there is no obvious correlation between the nature of the electrolyte and
the stress behaviour. Both compressive and tensile stresses were reported
in both borate and sulphate electrolytes. The presence of F− ions in the
electrolyte does however strongly influence the stress evolution, leading
to a less-compressive behaviour.

• as to the magnitude of the stresses, reported values range from -500 MPa
(Ueno [239]) to 250 MPa (Archibald [12]), with an intermediate value of
-70 MPa being reported as well (Butler [33]).

Considering the poor apparent agreement between the various experimental
results and the complete absence of clear trends, we can hardly draw any firm



1.3. GROWTH STRESSES IN ANODIC OXIDE FILMS 87

Figure 1.48: Evolution of the final cell current i, of the stress·thickness product
∆σ and of the oxide thickness d with the anodisation potential for a potentio-
static anodisation experiment, reproduced from Ueno et al. [239].
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conclusion as to the ‘typical’ stress evolution behaviour of anodic TiO2 films,
neither quantitatively nor qualitatively. This is probably due to the interfer-
ing influence of yet-unidentified and/or uncontrolled experimental parameters.
Within this framework, supplementary experimental data seems necessary for
bringing more insight into the complex influence of the various experimental
parameters.

1.4 Characterisation of anodic oxide films

1.4.1 Thickness measurements

In the field of thin films and coatings technology, measuring the thickness of
a film is a very ‘vital’ need. While this seems to be a trivial operation for
relatively thick coatings, it can turn out to be rather challenging in the case
of ultrathin films, with thicknesses in the range of a few to a few hundred
nanometers. A whole set of methods has been used in the literature, which
are well-adapted to the thickness range of anodic films. The latter include el-
lipsometry [186, 105, 131, 57, 15, 259, 168, 169, 170, 171, 172], reflectometry
[105, 186, 131, 189], profilometry [266], interferometry [148, 51], Auger depth
profiling [48, 119, 175], RBS [213, 256, 187, 73, 74, 77, 78, 79], capacitance
measurements [110, 235, 1], resistivity measurements, electron microscopy or
mass gain measurements using an electrochemical quartz crystal microbalance
[30, 175]. During this doctoral research, ellipsometry, electron microscopy, RBS
and resistance measurements have been used and are therefore briefly presented
below.

ellipsometry
Ellipsometry is an optical thickness-measurements technique. Thickness values
are extracted by fitting the recorded Stokes parameters (Ψ and ∆, characteris-
ing the amplitude ratio of the incident and reflected beam and its polarisation
shift) to an optical model of the sample. Ellipsometry is extremely sensitive
to slight changes in the surface condition and is therefore very well-adapted
for measuring very small thicknesses and thickness changes. It is also partic-
ularly adapted for measuring dielectric films (for which the imaginary part k
of the refractive index is zero, hence allowing for a simplification of the optical
model). It is also completely nondestructive and suitable for in-situ measure-
ments during anodisation, which are significant advantages. The sensitivity of
the technique can however turn out to be a drawback in the case of materials
which are very sensitive to the preparation conditions, or which exhibit complex
morphologies (multi-layered structure, partial crystallisation, incorporation of
gas bubbles, blistering,...). As a result, application of ellipsometry to measuring
the thickness of anodic TiO2 films is sometimes challenging. Another drawback
of ellipsometry is that the interpretation of the spectra is not very intuitive and
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fitting the spectra to an erroneous optical model can lead to ‘apparently cor-
rect’ results which in fact are far from reality.

Cross-sectional SEM
The main advantage of microscopies for measuring thicknesses is that they pro-
vide a direct, readily interpretable, imaging of the sample, hence allowing for
measuring an average thickness and to detect local deviations from the average
value. In contrast, SEM offers a limited resolution, of the order of 50 nm for
FEG-SEM and films thinner than 100 nm can hardly be measured with suf-
ficient accuracy. Thinner films can be measured by transmission microscopy
but the sample preparation requires a long and complicated procedure. SEM
is also a semi-destructive technique, as a portion of the sample needs to be cut
in order to expose a fresh cross-section.

Resistivity measurements
This method is specific to the anodic films grown on thin film metal substrates.
It is an indirect measurement since it is not the thickness of the oxide film which
is measured but the thickness of the underlying metal substrate. The thickness
of the oxide film (hf ) can be evaluated from the amount of metal consumed
(∆hm), which in turn is assessed from the change in the resistance of the metal
layer, as measured from a four-points probe. This method is extremely simple,
fast, provides for an average thickness value and can offer a very high-resolution
provided that the measurement is carried out under optimal condition. In fact,
owing to the relative character of this measurement, the resolution depends di-
rectly on the thickness of the metal substrate prior to anodisation. The thinner
the metal film, the higher the resolution. For instance, starting from a 100 nm
thick Ti substrate, the resolution on the thickness of the anodic TiO2 film will
be of the order of 2 nm. However, sources of errors are numerous. Firstly, con-
version of ∆hm into hf requires a value for the density of the oxide film, which
is not necessarily known. ∆hm needs to be corrected as well for any metal
dissolution in the electrolyte during anodisation and the latter should therefore
be accurately quantified as well. Finally, it is crucial that the resistivity of the
metal film is homogeneous over the whole thickness. This is not very easy to
guarantee, especially in the case of Ti, as oxygen concentration gradients are
frequently observed in the film.

Rutherford backscattering spectrometry
Samples can be analysed by RBS without any specific preparation and the
measurement is non-destructive. RBS provides for a composition depth-profile,
hence providing at the same time readily interpretable information of the thick-
ness and chemical composition of the various layers composing the sample. The
resolution of the technique in terms of thickness is of the order of 10 to 20 nm.
The main drawback of this technique is the specific, sophisticated facility re-
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quired for such measurements and the relatively long acquisition time required.
Similar to the case of resistivity measurements, conversion of the measured
density into hf requires a value for the density of the oxide film, which is not
necessarily known.

1.4.2 Morphological and functional characterisation

A wide variety of techniques is available for characterising the chemistry, mi-
crostructure and functional properties of anodic oxide films, the description of
which is beyond the scope of this thesis. The reader will find in Table 1.2 a list
of the most widely used characterisation techniques. For each technique, a list
of references is included, providing exemples of the application of the technique
to the characterisation of anodic TiO2 films.

1.5 Conclusion

In this first chapter, we review the current understanding of the Ti anodisation
process. Kinetics and breakdown models are presented and a discussion of the
specific features of anodic TiO2 in terms of conductivity and crystallisation
behaviour is provided. The influence of the main processing parameters on
the characteristics of the films is discussed, as well as literature results from
internal stress measurements on anodic TiO2 films. The last section deals with
the characterisation of the films. The wide variety of techniques available for
the characterisation of anodic films is listed and relevant references are given.
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This chapter is divided into three sections. The first one aims at providing
the reader with a short overview of the various stress-measurements techniques
and their respective advantages and drawbacks. In particular, the multi-beam
curvature-based technique, which has been used in this study, is described more
extensively. The second section deals with practical aspects of the use of the
multi-beam curvature sensor; the calibration of the sensor and its resolution
are discussed. Finally, the last section is devoted to a discussion of the spe-
cific experimental involvements of applying stress-measurements to the in situ
monitoring of an anodising process. Details on our experimental set-up are
provided, specifically on the design of the electrochemical cell and the sample
preparation procedure.

2.1 Stress measurements in thin films

Two main approaches exist for measuring strains in a thin film [155]. The
first one relies on measuring changes in the lattice constants of the material
from the shifting of diffraction peaks of X-rays or electrons diffraction patterns.
This method is highly accurate but its application to in situ studies is not
straightforward, especially in the case of processes in aqueous environment. In
the case of thin films a few nm thick, time-resolved stress measurements require
grazing angle conditions and a high-power X-rays source (from a synchrotron)
in order to achieve sufficient resolution. Hence, the expense and complexity
of the tooling is a major drawback of the diffraction approach. In addition,
it should be borne in mind that diffraction-based techniques are intrinsically
limited to the analysis of crystalline films, which is also a significant limitation.
An extensive review on the application of XRD to the study of stresses in thin
films can be found in [252]. An alternative approach for thin films relies on
measuring the stress-induced changes in the curvature of a sample composed
of the film to be studied on an elastic substrate. Indeed, biaxial stresses in
a film will induce a biaxial bending of the whole sample, which can be easily
captured using a high-resolution curvature measurement tool. In this work,
the latter approach has been selected. In the next sub-section 2.1.1, the Stoney
equation is presented, which is the fundamental equation linking the curvature
of the sample to the biaxial stress in a film. In sub-section 2.1.2, techniques
for measuring the curvature are presented and discussed. In particular, the
multi-beam optical sensor used in this work is described in details.

2.1.1 The Stoney equation

In this sub-section, a first paragraph is devoted to a simple intuitive derivation
of the Stoney equation. The latter was presented by Stoney in 1909 [229] and
has been since then the most fundamental equation in the field of thin film
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mechanics. In a second paragraph, the hypotheses underlying the derivation
are discussed.

Intuitive derivation of the Stoney equation

In his textbook on thin films mechanics, W. Nix proposes the following, very
intuitive, derivation of the Stoney equation. A more detailed derivation can be
found, for instance, in papers by Hoffman [88] or Flinn [60]. Let us consider a
thin film of thickness hf bonded to an elastic substrate of thickness hs >> hf .
We also consider the typical case in which the length L of the sample is much
larger than the substrate thickness (L >> hs) so that the substrate behaves
like a plate. We would like to find out how the whole sample behaves when the
film is strained. Let us assume that the film expands relative to the substrate,
for example due to an increase of the temperature and a mismatch in the
coefficients of thermal expansion of the two materials. In order to understand
the stress, strains and bending of the sample, let us first imagine that the film
is free from the substrate so that it can freely expand. Then, in order to fit
the film and substrate back together, a compression force per unit length F
needs to be applied along the edge of the film and an equal and opposite force
F has to be applied to the edge of the substrate. This will result in a biaxial
compressive stresses in the film. Let us assume that a biaxial compression stress
σxx = σyy = σf , uniform to a good approximation over the thickness of the
film, exists as a result of the above process. We can write

F = σf · hf (2.1)

As F is applied to the upper edge of the substrate, it will induce both a biaxial
tension stress and a biaxial bending moment M in the substrate.

M = −F hs

2
(2.2)

This is illustrated on Fig.2.1. Using a general result from classical plate’s
mechanics, the bending κ of the substrate resulting from this moment is equal
to

κ =
1
R

=
(

1− ν

Y

)
s

12
h3

s

M (2.3)

where R is the radius of curvature of the sample, Y is the Young’s modulus
of the substrate and ν its Poisson ratio. The ratio Ys/(1 − ν)s is the biaxial
modulus of the substrate. Taking into account Eq.2.1 and Eq.2.2, Eq.2.3 can
be equivalently written as:

σf =
(

Y

1− ν

)
s

h2
s

6hf
κ (2.4)
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Figure 2.1: Schematic view of stress-induced curvature: a) hypothetic configu-
ration in which the film is free from the substrate so that it can freely expand;
b) in order to fit the film and substrate back together, an external compression
force per unit length F needs to be applied along the edge of the film and an
equal and opposite force F has to be applied to the edge of the substrate. This
configuration is equivalent to the configuration c); d) As a result of the bending
moment M , the sample curves.
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Equation 2.4 is the so-called Stoney equation which is the most important
equation of thin films mechanics. It links the biaxial curvature of a sample
composed of a thin film on a substrate to the stresses in the film. Interestingly,
it depends only on the mechanical properties of the substrate so that the biaxial
modulus of the film does not need to be known, which, in many practical
situations, is a significant advantage. In the next paragraph, the validity of the
Stoney equation is discussed.

The hypotheses behind the Stoney equation

In the previous derivation of the Stoney equation, several assumptions were
implicitly made. In this paragraph, the validity of each hypothesis is discussed.
First, the Stoney equation applies to thin films only. Indeed, in the above
derivation, it was assumed that the thickness hs of the substrate is much larger
than the thickness hf of the stressed film, so that the stress and strain gradients
within the film can be neglected. Furthermore, the flexural rigidity of the whole
sample was tacitly assumed to be equal to that of the substrate. It can be shown
that this is a good approximation as long as1:

hs

(
Y

1− ν

)
s

>> 4hf

(
Y

1− ν

)
f

(2.6)

In this study, we have been working with silicon (100) substrates having a
biaxial modulus of 180 GPa [191] and a thickness of 380 ± 25 µm. We have
measured stresses in oxide films with a variable thickness in the range of 10
to 150 nm and a biaxial modulus of about 150 GPa [224]. Considering these
values, the hs/hf ratio is thus larger than 2000 and hs

(
Y

1−ν

)
s

is at least 700

times larger than 4hf

(
Y

1−ν

)
f

in the least favourable case. These values indicate

that the thin film approximation is fully justified in our case.
In the derivation of the Stoney equation, it was also assumed that the

substrate deforms isotropically and elastically. Considering the very low stresses
(of at most a few MPa) experienced by our Si substrates since

σs = σf
hf

hs
(2.7)

the condition of elastic deformation is obviously fulfilled. It should be noted
that, as far as the film concerns, elasticity is not required since the Stoney

1Indeed, a more complete expression for the Stoney equation Eq.2.4 is given by [155]:

σf =

�
Y

1 − ν

�
s

h2
s

6hf
κ

�
1 +

�
4

Yf (1 − νs)

Ys(1 − νf )
− 1

�
hf

hs

�
(2.5)

The latter equation indeed reduces to Eq.2.4 when the condition given by Eq.2.6 is fulfilled.
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equation remains valid for films deformed plastically. As to the isotropy of the
deformation, according to Mezin [155], the validity of the Stoney equation can
be limited rather rapidly by geometrical nonlinear effects. Indeed, beyond a
certain level of stress (which depends on the sample dimensions), the curva-
ture is no longer identical in all directions, the deformed shape then becoming
ellipsoidal (“bifurcation effect”). This results in a modification of the flexural
moment of inertia of the sample according to [155]:

I =
bh3

s

12

(
1 + 1/60

(
b2

hsR

)2
)

(2.8)

where bh3
s/12 is the flexural moment of inertia of an infinite non-deformed

sample of width b (as considered in the derivation of the Stoney equation)
while the second factor corresponds to an increase of the stiffness due to the
curvature. For our own experimental set-up, the width b of the samples was
around 5 mm and typical values for the measured radius of curvature amounted
to 5 km. Taking those values into account, the contribution from the second
factor in Eq.2.8 is of the order of 10−12, thus indicating that the isotropy of
deformations is definitely not a concern in our case.

Finally, it should be noted that the curvature-stress relationship can differ
from the Stoney equation on the edges of the sample where non-zero shear
stresses exist. However, it is usually considered that the latter shear stresses
affect a region of width 5 · hf only along the edges of the sample [56] so that,
for most samples geometries, this effect is not a real limitation. Hence, the
Stoney equation can be used with confidence for converting the experimental
curvature values into stress values.

The Stoney-Chu equation

In 1998, Chu has claimed that the Stoney equation was incorrect [38]. He
derived his own equation linking curvature and stresses, which differs from the
classical Stoney equation by a factor of two on the denominator. This causes
some confusion in the literature in the field of electrochemistry, with some
authors using the Stoney equation and other using the Stoney-Chu equation
without any certainty as to which one is correct. Considering the fact that
the Stoney equation has been used for 100 years and that its derivation has
been confirmed by several authors, it seems very unlikely that the Stoney-Chu
is more accurate than the original one. The approach followed by Chu might
be wrong in that he postulates that the overall bending moment acting on the
sample (substrate + film) is non-zero in the case of a bending due to internal
stresses. However, a non-zero bending moment would mean that the sample is
not at equilibrium. To the best of our knowledge, no paper provides either a
confirmation that the Stoney-Chu equation is correct nor a definite confirmation
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that it is wrong. Therefore, so far, it seems wiser to use the well-established
Stoney equation and care must be taken, when comparing stress values from
the literature as to whether they are based on the Stoney equation or on its
modified version.

2.1.2 Methods for measuring curvatures

A wide variety of methods exist for measuring the curvature of a sample. The
main ones are profilometry, differential capacitance, interferometry and the
laser-deflection method [63].

Profilometry

In this first technique, a stylus is scanned through the sample surface, which
provides for direct imaging and a quantitative measurement of the curvature.
Nowadays, the best profilometers offer sub-nm vertical resolution and corre-
sponding curvature resolution of about 50 km−1. The main drawback of the
method is that it requires direct contact with the sample, which involves a
risk of damaging it. It is also very sensitive to the surface quality of the sam-
ple. This method is intrinsically not suitable for in-situ observation of dynamic
processes, as profilometers cannot be mounted easily in a reactor or a deposition
chamber. In addition, its application to the monitoring of processes in aqueous
media is totally precluded. In order to illustrate this first technique, Fig.2.2
shows the profilometry scans measured on a silicon wafer, respectively before
and after deposition of a 300 nm thick Ti film on one of its faces. Subtracting
the initial curvature profile from the final one yields the curvature increment
induced by the Ti film. From this result, an average stress of 40 MPa was
calculated in the Ti film. However, no information is provided on whether this
stress is uniformly distributed over the layer thickness.

Interferometry

Interferometry allows measuring deflections or displacements from relative vari-
ations of the optical path of a laser beam. With an interferometer, the curvature-
induced deflection of a single point of the sample is measured. The curvature
value can then be extracted from the displacement for a given experimental
geometry. As compared to profilometry, this kind of technique is a non-contact
one and allows for in situ follow-up of processes, even in aqueous media. Exam-
ples of the use of interferometry for in situ stress measurements can be found in
the work of Butler and Ginley [33] and Wuthrich [257]. The main disadvantage
of this technique is that it requires a very accurate sample positioning.
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Figure 2.2: Evolution of the curvature of a Si wafer induced by the deposition
of a thin Ti film, as measured by profilometry
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Figure 2.3: Schematic representation of the classical laser-deflection curvature-
measurement technique.

Differential capacitance

The curvature of a sample can be measured very accurately by measuring rel-
ative capacitance changes of a capacitor in which the sample acts as one of the
plates. This technique has a very high sensitivity (see for instance [200]) but its
integration for use in an electrochemical environment is not straightforward.

Laser-deflection techniques

This class of curvature measurement techniques relies on measuring the deflec-
tion of a laser beam reflected off a curved surface. In the case of the classical
laser-deflection technique, the curvature is deduced directly from the angle of re-
flection of the beam measured using a position-sensitive detector, as illustrated
on Fig.2.3. This technique is the most widely used one, probably owing to
its simplicity and versatility. The curvature measurement requires only a laser
source and a position-sensitive detector (PSD), which can be easily adapted on
various kinds of experimental facilities in order to achieve in situ monitoring.
Examples of the use of laser-deflection techniques can be found in the work of
Armyanov [225], Sahu [199], Nelson [164], Seo [238, 239, 112], Decker [46] or
Stafford [227]. The resolution of the technique in terms of curvature depends
on the geometry of the experimental setup, more specifically on the length of
the optical path between the sample and the detector. Typical values in air
and water are, respectively 0.5 [191] and 0.1 km [46]. Some authors [60, 250]
have used a scanning beam technique which allows for minimising the sensitiv-
ity to displacements of the whole sample [226]. In contrast, the scanning beam
reduces the time-resolution of the measurement and increases the sensitivity
towards vibration noise.
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The multi-beam optical sensor

A further improvement of the laser deflection technique came with the multi-
beam optical sensor introduced in 1996 by Floro et al. [62, 63] and based on
the two-beams technique proposed by Kobeda and Irene [116]. In contrast to
the classical beam deflection technique, this technique relies on the monitoring
of the spacings between an array of laser beams reflected off the sample surface.
Fig.2.5 below shows a schematic representation of the experimental set-up. As
compared to the single-beam technique, an optical etalon has been added in
order to divide the incident laser beam into a 1D array of parallel laser beams.
Using a second etalon, rotated by 90◦ relative to the first one, allows for further
dividing the 1D array into a 2D array of beams in order to measure the curva-
ture evolution simultaneously in two directions perpendicular to one another.
In the multi-beam configuration, the position-sensitive detector has also been
replaced by a CCD camera. The camera is connected to a computer via a frame
grabber2. Each laser beam appears as a spot on the detector of the CCD cam-
era, as illustrated on Fig.2.4. A data analysis software determines and records
the position of the centroid of each laser spot on the CCD as a function of time
and calculates the time-evolution of the beams spacing. This set-up allows for
real-time measuring of the evolution of the spacings between each pair of laser
beams. The main advantage of using a multi-beam configuration instead of a
single-beam one is a reduced sensitivity towards vibrations [201], while main-
taining a high time-resolution (in contrast to the scanning beam technique).
Indeed, vibrations of the sample, laser source or detector are expected to affect
every laser beam in the same manner so that the instantaneous spacings are
expected to be virtually unaffected by this important source of noise.

The multi-beam technique has already proven successful for in-situ moni-
toring of the stresses generated in metal or ceramic films deposited in vacuum
by CVD [85], PVD [191] or MBE [61]. The present study aims at further
demonstrating its utility for in-situ monitoring of processes in aqueous media.
The latter technique was selected as it was the most suitable one, allowing for
real-time curvature measurements, being compatible with the constraints im-
posed by the electrochemical environment, being a non-contact and relatively
straightforward technique, and probing a significant area at one time, thus pro-
viding directly for an average stress measurement. In the next section, practical
aspects of the use of the multi-beam sensor are discussed.

2A frame grabber is an electronic device that captures individual, digital still frames from
an analog video signal or a digital video stream. (definition from www.wikipedia.org)
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Figure 2.4: Laser spots, as observed on the CCD detector for a) a 1D and b) a
2D curvature measurement.
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Figure 2.5: Schematic illustration of a multi-beam curvature measurement set-
up.

2.2 Practical aspects of the use of the multi-
beam sensor

In this section, practical issues in relation to the use of the multi-beam sensor
are discussed. In particular, the calibration equations are derived in the first
sub-section 2.2.1 for the case of a measurement carried out in air (or in vac-
uum). In the second sub-section 2.2.2, it is shown how the equation needs to
be modified for measurements carried out in a liquid environment. Our cali-
bration procedure is then described in subsection 2.2.3. Finally, the theoretical
and effective resolutions of the sensor are discussed in sub-section 2.2.4.

2.2.1 Calibration equation for measurements in air

Derivation of the calibration equation for the case of uniaxial bending

We will first consider the reference case of a measurement carried out in air
(or in vacuum). For the sake of simplicity, we will also consider the specific
geometry in which:

• the sample bends along one single direction (uniaxial bending)

• the plane containing the incident beams is normal to the sample surface
in the flat reference state and parallel to the direction of bending of the
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Figure 2.6: Illustration of the lengths and angles characterising the set-up
geometry in the case of a single beam reflected on a flat surface.

sample.

Equivalently, this means that all the beams (incident and reflected ones) are
coplanar, which authorises 2D approach of the problem. The extension of the
calibration equation to other geometries is discussed later on in this sub-section.
The curvature is measured using two parallel laser beams. The whole develop-
ment can be extended to any number of beams by grouping the beams in pairs.

As a first step, we will consider the reference state in which the two beams
are reflected on a flat surface. As illustrated on Fig.2.6, we will call A1 the
point of incidence of the first beam on the surface. The distance between the
point of anchoring of the sample Ao and A1 is equal to s1. The first beam is
reflected off the sample and reaches the detector at B1. The reflected beam is
normal to the detector surface. We also need to define the normal to the sample
surface at A1. The latter axis will be used as a reference axis for expressing
all angles and dimensions. We will call O1 the geometrical intersection of the
reference axis with the plane of the detector. The length of A1O1 is equal to
l1 and the length of O1B1 is x1. Finally, the incident beam is characterised by
an angle of incidence α and a reflection angle β. In this case, as the surface is
flat, α = β. Considering the A1O1B1 triangle, we can write

x1 = l1 sinβ (2.9)

Similarly, for the second beam, we can define the characteristic points A2,
B2 and O2. We also need to define a supplementary point C2 which is the
geometrical intersection point of beam 2 with the reference axis A1O1. We can
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Figure 2.7: Illustration of the lengths and angles characterising the set-up
geometry in the case of a pair of beams reflected on a flat surface.

now define the characteristic lengths s2, l2 and x2, which are equal to the length
of, respectively, A0A2, C2O1 and O1B2. Note that the two incident beams are
parallel to one another so that the incidence angles are equal for both beams.
As illustrated on Fig.2.8, considering the triangle C2O1B2, we can write:

x2 = l2 sinβ (2.10)

Furthermore, considering the triangle A1A2C2, the length of A1C2 is equal to:

A1C2 =
A1A2

tanβ
(2.11)

As illustrated on Fig.2.8:

A1A2 = (s2 − s1) =
do

cosα∗ (2.12)

where do is the spacing between the two incident beams. It should be noted
that, for the specific geometry of consideration, α∗ is equal to the incidence
angle α. However, generally speaking, for more complex geometries, it is not
necessarily the case.

Therefore, taking into account the fact that α∗ = α = β in the flat reference
state:

l2 = l1 +A1C2 = l1 +
do

cosα tanβ
= l1 +

do

sinα
(2.13)

The spacing between the two reflected beams on the detector is given by:

d = x2 − x1 =
(
l1 +

do

sinα

)
sinα− l1 sinα = do (2.14)
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Figure 2.8: Illustration of the relationships between the parameters l1, l2, do,
α and β characteristic for the geometry of the experimental set-up.

This result was of course expected for the case of a planar reference surface as
the spacing between the beams is not modified after reflection on such a flat
surface.
Now, let us assume that the sample becomes curved, characterised a radius
of curvature R. We will make a first hypothesis which is that the curvature-
induced deflection of the sample is sufficiently small to assume that the points
of incidence of the beams on the sample A1 and A2 are the same as in the
flat reference state. Due to the curvature, the normal to the sample surface
at both A1 and A2 will be tilted by a small angle δα1 and δα2 respectively
relative to the A1O1 axis as defined for the flat reference state. As illustrated
on Fig.2.9 for the first beam, the reflection angles of the two beams (β1 and β2)
will be modified by, respectively, 2δα1 and 2δα2 so that the beams will reach
the detector at points B′

1 and B′
2. Let us call x′1 and x′2 the length of O1B

′
1 and

O1B
′
2. In order to calculate x′1 and x′2, we need to make a second hypothesis.

We will assume that δα1 and δα2 are small enough so that the reflected beams
are almost normal to the detector surface, i.e. that A1O1B

′
1 is a right triangle.

Under these assumptions, from A1O1B
′
1 we get:

x′1 = l1 sinβ1 = l1 sin (α+ 2δα1) (2.15)

Similarly, for the second beam, we can write:

x′2 = l2 sinβ2 =
(
l1 +

do

cosα∗ tan (α+ 2δα2)

)
sin (α+ 2δα2) (2.16)

Again, for the geometry of consideration here, α∗ = α. Now, we need to
introduce a third hypothesis, the “small angle approximation” which consists
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Figure 2.9: Illustration of the characteristic lengths and angles determining the
geometry of the experimental set-up in the case of a single beam reflected on a
curved surface

in a linearization of trigonometric functions at small angles so that:

sinα ≈ α ≈ tanα (2.17)

and
cosα ≈ 1 (2.18)

where the angle values are expressed in radians. Under the small angle approx-
imation, by combining equations Eq.2.15 and Eq.2.16, we can link the spacing
d between the beams to δα1 and δα2:

d = x′2 − x′1 = l1 (α+ 2δα2) + do − l1 (α+ 2δα1) (2.19)

or, equivalently:
d− do = 2l1 (δα2 − δα1) (2.20)

Now, as a last step we need to link the increments of the reflection angles δα1

and δα2 to the curvature of the sample. As illustrated on Fig.2.10, s1 is related
to δα1 by:

R tan δα1 = s1 (2.21)

Similarly,
R tan δα2 = s2 (2.22)

so that, using again the small angle approximation:

δα2 − δα1 =
(s2
R
− s1
R

)
(2.23)
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Figure 2.10: Illustration of the relationship between the increments of the re-
flexion angle δα1 and δα2 and the radius of curvature of the sample.

If we now combine Eq.2.20, Eq.2.23 and Eq.2.12, the change in the beams
spacing due to the curvature is given by:

d− do = 2l1
(s2
R
− s1
R

)
=

2l1
R

do

cosα
(2.24)

The latter expression can be equivalently expressed as

κ ≡ 1
R

=
d− do

do

cosα
2l1

(2.25)

Equation 2.25 is the fundamental calibration equation of the multi-beam tech-
nique for measurements carried out in air. It links the curvature of the sample
to the measured relative change in the spacing of the beams on the detector.
The proportionality factor cosα/2l1 is the length of the optical path of the
beams between the sample and the detector. In the next paragraph, we discuss
how the calibration equation can be extended to more complex geometries.
In the last paragraph, the validity of the hypotheses made for deriving the
calibration equation is assessed for our specific experimental set-up

Extension of the calibration equation to more complex geometries

In the previous derivation of the calibration equation, a specific geometry had
been considered, characterised by a uniaxial bending of the sample and by the
fact that the plane of incidence of the beams was normal to the sample surface
in the flat reference state and parallel to the direction of bending. As a first
step, we will keep this second hypothesis and show how a biaxial bending would
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influence the derivation of the calibration equation. Let us have a look at Fig.2.7
again. With respect to the previous geometry, the major difference is that now,
the sample is also bent in the out-of plane direction so that the reflected beams
no longer lay within the same plane as A1, A2, O1 and the incident beams.
Let us call “horizontal” the direction defined by A1A2 and “vertical” the out-
of plane direction perpendicular to the horizontal axis. As a result of the 3D
curvature, the normal to the surface at point A1 is rotated by a small angle
δα1V around the vertical axis and by a small angle δα1H around the horizontal
one, relative to its orientation for a flat reference sample. If we now define the
horizontal plane as the one containing A1A2O1, the whole development made in
the previous paragraph for the simplified geometry remains valid if we consider
the orthogonal projection of the beams on the horizontal plane. The image of
B′

1 and B′
2 on the horizontal plane will be referred to as B′

1H and B′
2H . The

length of O1B
′
1H and O1B

′
2H is noted x′1H and x′2H and the horizontal spacing

between the beams will be given by:

dH = x′2H − x′1H = l1 (α+ 2δα2V ) + do − l1 (α+ 2δα1V ) (2.26)

It should be noted that the horizontal spacing is fully independent of δα1H and
δα2H . When a 2D array of laser beams is used for monitoring the curvature,
two (possibly different) radii of curvature RV and RH will be extracted from
the differential beams spacing in the horizontal and vertical directions respec-
tively. In that case, the vertical plane will be defined as the plane orthogonal to
the horizontal plane and including A1. The orthogonal projection of the beams
on the vertical plane will allow measuring the vertical spacing dV , which will
depend only on δα1H and δα2H . It should be noted that we have defined
the horizontal and vertical directions relative to the directions of the array of
beams on the sample surface. However, in practice, the data analysis software
defines the vertical and horizontal axes with respect to the main two directions
of the CCD detector. In order to make these two orientations correspond to
one another, it is therefore important to optimise the inclination of the incident
laser beams so that the spots on the detector are aligned along the vertical and
horizontal directions of the detector.

We will now discuss the second assumption that the plane of incidence of
the beams is orthogonal to the sample surface in the flat reference state. If
it is not the case, even in the flat reference state, the optical paths for all the
beams are no longer coplanar but are located in parallel planes. In that case,
we can, for instance, define the horizontal plane as the plane of incidence of the
first beam in the flat reference state. The vertical plane is orthogonal to the
horizontal one and includes A1. The same reasoning as before can be applied
to the orthogonal projection of the beams on the horizontal and vertical axes.
Fig.2.7 can be thought of as the projection of beams 1 and 2 on the plane
containing the optical path of the first beam. The horizontal spacing between
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Figure 2.11: Illustration of the definition of α∗ for the vertical and horizontal
spacing

the beams will be measured within this plane while the vertical spacing will
be obtained from the projection on the vertical plane. Another consequence
of this geometry is that we need to clarify the definition of the angle α∗ in
equation Eq.2.12. As illustrated on Fig.2.11, α∗ takes different values for the
horizontal and vertical spacing. Indeed, α∗ is equal to the angle of incidence
α for the vertical spacing, while, in the case of the horizontal spacing, it is
equal to the angle between the horizontal direction and the incident beam in
the plane of incidence. In general, the radius of curvature of a sample along
the two main directions might have different values (RV and RH) and will be
given by, respectively:

κV =
1
RV

=
dV − do

do

cosαV

2L
(2.27)

and
κH =

1
RH

=
dH − do

do

cosαH

2L
(2.28)

Hence, the calibration equation Eq.2.25 derived for a simplfied geometry ex-
tends to more complex geometries as well, provided that the corresponding
length and angles are defined adequately.

Hypotheses underlying the derivation of the calibration equation

As mentioned in the previous paragraph, several hypotheses were made in the
derivation of the calibration equation. In order to discuss their validity in the
case of our specific experimental set-up, we must consider typical values of the
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L1 s α R δ
1 m 2 to 4 cm 5◦ 100 m 0.01◦

Table 2.1: Typical values of the characteristic parameters describing the exper-
imental set-up.

different characteristic variables. Such values are summarised in Table 2.1.

As a first hypothesis, it was assumed that the curvature-induced lateral
shifting of the points of incidence of the beams is negligible so that we can
assume that the beams reach the sample on the same points A1 and A2 in the
flat reference and curved states. As illustrated on Fig.2.12, the lateral shifting
u of the beam on the sample surface is given by:

u = f tanα (2.29)

where α is the angle of incidence of the beam with respect to the flat reference
surface and f is the deflection of the sample at a distance s from the anchoring
point. The latter is related to the radius of curvature by:

f =
s2

2R
(2.30)

By combining Eq.2.29 and Eq.2.30 and taking into account our specific exper-
imental values for R and α, the lateral shifting u is expected to amount to
0.7µm (for s = 4 cm). As compared to the average diameter of the beams,
which is of the order of 500µm, this lateral displacement appears to be very
limited and therefore negligible to a good approximation.

We should also discuss the validity of the small angle approximation which
was used to simplify Eq.2.15 and Eq.2.16 into Eq.2.19, and Eq.2.21 and Eq.2.22
into Eq.2.23. The ratio of α, expressed in radians, to its sine has been plotted
as a function of α on Fig.2.13. As evident from this figure, the error associated
with the small angle approximation is below 1% for incidence angles inferior
to 14◦, which is the case for our experimental set-up. For larger values of the
incidence angle, this approximation breaks down and can lead to significant
errors.

Our last hypothesis was to consider that the A1O1B
′
1 triangle on Fig.2.9

is a right triangle. It can be shown that the latter hypothesis is valid as well
as long as the small angle approximation is valid. On Fig.2.14, a schematic
representation of the experimental set-up is presented. In the flat reference
state, the configuration is described by the right triangle A1O1B1 while, in
the curved state, it corresponds to the scalene triangle A1O1B

′
1. In practice,
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Figure 2.12: Illustration of the relationship between the lateral displacement u
of the point of incidence of the beams on the sample surface and the sample
curvature.

Figure 2.13: Accuracy of the small angle approximation as a function of the
value of the incidence angle α.
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Figure 2.14: Illustration of the influence of assuming that the reflected beams
are normal to the detector surface independent of the sample curvature.
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we need to determine the length of O1B
′
1. In the derivation of the calibration

equation, we have calculated O1B
′
1 as if it was equal to O1B

′′
1 , where B′′

1 is
defined as the orthogonal projection of O1 on A1B

′
1, as shown on Fig.2.14.

Formally:

O1B
′
1 = O1B1 +B1B

′
1 = l1 sinα+ l1 cosα · tan 2δα (2.31)

while
O1B

′′
1 = l1 sin (α+ 2δα) (2.32)

Obviously, provided that the small angle approximation is valid, Eq.2.31 and
Eq.2.32 both simplify to:

O1B
′
1 = l1 (α+ 2δα) = O1B

′′
1 (2.33)

As a conclusion, in our case, all the assumptions made in the derivation of
the calibration equation appear to be fully justified. In the ideal case where
all the parameters in Eq.2.25 would be known with infinite accuracy, the error
on the curvature values calculated from Eq.2.25 would be expected to be lower
than 1%. It is also worth noticing that, in contrast, the use of Eq.2.25 leads to
significant errors of several percents on the calculated curvature values when
the experimental configuration is characterised by a large angle of incidence
(larger than 10◦ typically). This should be borne in mind when designing new
experimental facilities.

Remark on the relative character of the curvature measurements

As previously mentioned in paragraph 2.1, the multi-beam deflection technique
allows quantifying curvature changes relative to a reference state. So, in prac-
tice, before any experiment, the mean differential beams spacing (MDS) is
measured in a reference state defined as the condition of the sample before the
experiment is performed. Then, the experiment is started and the evolution
of the curvature of the sample is deduced from the measured changes in the
MDS according to Eq.2.25, using the measured MDS in the reference state as
do. However, by doing so, we implicitly assume that the sample is flat before
the experiment, which, in general, is not necessarily the case. As an example,
let us consider the deposition of a thin film on an initially curved substrate.
The mean beam spacing corresponding to this reference state is measured to
be d∗o and the final beams spacing reaches a value d after layer deposition. The
curvature change resulting from the deposition will be calculated from the dif-
ference between the beam spacing values measured in the post-deposition and
the reference states:

∆κ′ =
d− d∗o
d∗o

G (2.34)
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where
G =

cosα
2l1

(2.35)

In contrast, if the curvature of the sample both before and after the deposi-
tion could have been measured relative to a flat surface, the curvature change
resulting from the deposition would be calculated as:

∆κ =
d− do

do
G− d∗o − do

do
G =

d− d∗o
do

G (2.36)

By comparing equations Eq.2.34 and Eq.2.36, it is evident that the relative
error induced by using a curved reference instead of a flat one is equal to the
ratio of the respective mean beam spacings:

∆κ′

∆κ
=
do

d∗o
(2.37)

Using the expression for the absolute curvature κs of the substrate, equation
Eq.2.37 can be rewritten as:

∆κ′

∆κ
=

G

κs +G
(2.38)

where κs is the absolute curvature of the substrate. Generally speaking, the
error induced by using a curved reference instead of a flat one can be huge if
the curvature is very large and also depends on the geometry of the experi-
mental set-up (through the G factor). For instance, taking into account the G
factor corresponding to our experimental set-up, a substrate having a concave
curvature equal to 0.06m−1 would induce an overestimation of the curvature
changes by 10%. It is therefore important to ensure that the curvature of our
supposedly flat substrate is much below that level. In our case, a net curvature
of the substrate can result either directly from the dicing process of the silicon
rod or later on due to internal stresses associated with the deposition of the
metal film. Measurements were carried out in which the mean beams spacing
of the samples were compared to the one measured for a flat mirror. Typical
values for their ratio were in the range of 0.97 to 1.03. So, a 3% error is typically
associated with this type of uncertainty.

2.2.2 Calibration equation for measurements in a liquid

Derivation of the calibration equation in the case of uniaxial bending

When the sample of which the curvature has to be monitored is placed in a
liquid, like in the case of an electrochemical cell, equation Eq.2.25 needs to
be further modified to take into account the refraction of the reflected beams
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Figure 2.15: Illustration of the experimental set-up for the case of a measure-
ment carried out in a liquid.

at the electrolyte/air interface3. This problem has been studied by Lang and
Seo [130] and Rokob and Lang [198] for the single beam technique. In this
paragraph, we derive the calibration equation for the case of the multi-beam
technique. Again, for simplicity, we will consider the simplified geometry in
which the sample experiences uniaxial bending and all the beams are coplanar
with the direction of bending. For more complex geometries, the same reason-
ing is valid for the horizontal and vertical components of the beam deflection,
as discussed in section 2.2.1. We will also, at first, consider the case in which
the cell wall is perpendicular to the sample surface.

As illustrated on Fig.2.15 and Fig.2.16, one portion of the optical path
of the laser beams lays inside the cell, filled with a liquid of refractive index
nsol, and one portion lays outside the cell. Similar to the previous derivation,
we will define Ao, the point of anchoring of the cantilevered sample, A1 and
A2, the points of incidence of the two beams on the surface and O1 which is
the geometrical intersection of the normal to the sample surface in the flat
reference state with the plane of the detector. The effective angle of incidence
of the beams on the sample is α (which, due to the refraction, differs from the
angle of incidence of the beams on the cell wall) and their respective reflection
angles β1 and β2 (measured inside the cell, prior to refraction on the cell wall)

3Note that the incident beams are also refracted when penetrating the cell, but as parallel
beams remain parallel after refraction, this will not affect the spacing between the beams but
only their angle of incidence on the sample surface. In fact, this will bring the factor cos α
in Eq.2.25 even closer to 1, so that we can safely assume conditions very close to normal
incidence.
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Figure 2.16: Illustration of the refraction of the reflected beams on the cell wall.
The reflection and refraction angles are, respectively, noted as β1 and β1r.

are such that:
β1 = α+ 2δα1 (2.39)

β2 = α+ 2δα2 (2.40)

Furthermore, similar to the previous derivation, the relationship between the
radius of curvature and δα1 and δα2 is given by equation Eq.2.23. However,
in this case, after reflection, the beams reach the cell wall on D1 and D2, are
refracted and exit the cell with an angle β1r and β2r relative to the A1O1

reference axis, as illustrated on Fig.2.16.
The Snell law of refraction links β1 to β1r and β2 to β2r according to:

sinβir

sinβi
= nsol (2.41)

for i = 1 or 2. The overall curvature-induced variation of the beams spacing
can be decomposed into two parts:

∆d = ∆d′′ + ∆d′ (2.42)

where ∆d′′ is the variation of the beam spacing corresponding to the portion of
the optical path of the reflected beams within the cell and ∆d′ is the variation
of the spacing of the beams which corresponds to the portion of the optical
path of the reflected beams in air, between the cell wall and the detector. As in
practice, for classical set-ups, the length of the optical path outside the cell is
much larger than the portion of the optical path within the cell, we will assume
that ∆d ≈ ∆d′. This assumption is equivalent to considering that the incident
beams are reflected off the sample surface directly with an effective reflection
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angle given by β1r and β2r instead of β1 and β2. Under this assumption,
the derivation of the calibration equation for the case of the measurement in a
liquid becomes equivalent to the derivation for the case of a measurement in air,
provided that the effective reflection angles are taken into account. Therefore:

x1 = l1 sinβ1r = l1nsol sin (α+ 2δα1) (2.43)

and

x2 = l2 sinβ2r =
(
l1 +

do

cosα · tanβ2r

)
nsol sin (α+ 2δα2) (2.44)

Again, provided that the geometry of the experimental set-up is compati-
ble with the small angle approximation, one can assume that cosα ≈ 1 and
tanβ2r ≈ sinβ2r ≈ nsol sin(α + 2δα2) ≈ nsol (α+ 2δα2) Then, by combining
equations Eq.2.43, Eq.2.44 and Eq.2.23, we obtain:

κ =
1
R

=
d− do

do

cosα
2l1nsol

(2.45)

This equation links the curvature of the sample to the measured differential
beams spacing for the case of a measurement carried out on a sample placed in
a liquid of refractive index nsol. As evident from this equation, provided that
some requirements on the geometry of the experimental set-up are fulfilled,
the calibration equation to be used is formally similar to the one for open-air
measurements but includes a multiplicative correction factor equal to 1/nsol.
This correction factor is the same as the one found by Lang and Seo for the
single-beam technique. In practice this means that, for a given curvature change
of the sample, the resulting measured change in the beams spacing will be
amplified by a factor nsol, which in fact is beneficial to the sensitivity of the
sensor.

Discussion of the assumptions made in the derivation

We should now discuss the geometrical requirements associated with the cali-
bration equation Eq.2.45. First, the length of the optical path of the beams in
the cell must be very small as compared to the length of the optical path out-
side the cell. If it is not, a more complex calibration equation must be applied
which takes into account the distance between the sample surface and the cell
wall. It can be shown, based on simple geometry that the correct equation in
this case is:

κ =
d− do

do

cosα
2l1nsol + 2y (1− nsol)

(2.46)

where y is the distance between the sample and the cell wall, as illustrated
on Fig.2.16. The relative error δκ associated with assuming y = 0 increases
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linearly with the y/l1 ratio according to:

δκ =
y

l1

(
1
nsol

− 1
)

(2.47)

As expected, when y/l1 approaches 0, the error becomes zero while, when y/l1
approaches 1, the maximal error is equal to 25% for an aqueous solution having
a refractive index equal to 1.33. In our specific experimental set-up, y is about
4 cm while l1 is approximately 1 m. Under these conditions the expected error
induced by neglecting y is around 1%.

Secondly, in the previous derivation, it was postulated that the cell wall was
parallel to the sample surface. When it is not, the reflection angle β1r depends
explicitly on the disorientation of the cell, characterised by a misalignment angle
γ, as defined on Fig.2.17. Indeed, if the cell wall is rotated by an angle γ relative
to the sample surface, the effective angle of incidence of the reflected beam on
the cell wall is not equal to β1 but to (β1 + γ) (see Fig.2.17). According to
the Snell law, after refraction, the reflection angle β′1r, measured relative to the
normal to the cell wall on D1 will be such that

sinβ′1r

sin (β1 + γ)
= nsol (2.48)

and the reflection angle β1r, measured relative to the normal to the flat sample
surface is given by:

β1r = β′1r − γ (2.49)

so that:
β1r = arcsin (nsol sin (β1 + γ))− γ (2.50)

Further simplification of equation Eq.2.50 requires that both (β1 + γ) and β′1r

are compatible with the small angle approximation. Provided that it is the
case:

β1r ≈ nsolβ1 + (nsol − 1) γ (2.51)

As evident from equation Eq.2.51, when the cell wall is not parallel to the
sample surface, the reflected angle after refraction by the cell wall explicitly
depends on γ, even for small values of the misalignment angle. Note that,
when nsol = 1 (the cell contains air), Eq.2.51 predicts, as expected, β1 = β1r.
Interestingly, β1r is also equal to β1 if γ = −β1. This corresponds to the
situation in which the misalignment angle exactly compensates for the reflection
angle so that the reflected beam exhibits normal incidence on the cell wall and
is therefore not refracted. For small angles, we can define an apparent refractive
index n∗sol which is such that

n∗sol =
β1r

β1
(2.52)
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Figure 2.17: Definition of the misalignment angle γ characterising the disori-
entation of the cell with respect to the sample surface. By convention, γ = 0
when the cell wall is parallel to the sample surface.
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Fig.2.18 shows the simulated evolution of n∗sol with the misalignment angle γ
for different values of α, which can be considered to be equal to β1 as a first
approximation. As expected, the apparent refractive index is equal to nsol

when the misalignment angle is 0, whatever the value of the incidence angle.
As the misalignment angle takes positive values, i.e. as the misalignment of
the cell results in an increase of the angle of incidence of the reflected beam on
the cell wall, the apparent refractive index increases significantly. Interestingly,
the smaller the incidence angle α, the larger the influence of the misalignment
angle. For an incidence angle of 1◦, it can be seen that a misalignment of the
cell by only 5◦ would increase n∗sol to a value above 3. The relative error on
nsol associated with the disorientation of the cell can be assessed, based on
equations Eq.2.51 and Eq.2.52. It is given by:

n∗sol − nsol

nsol
=

γ

β1

nsol − 1
nsol

≈ γ

α

nsol − 1
nsol

(2.53)

The relative error on the refractive index is predicted to increase linearly
with the γ/α ratio, with a slope equal to (nsol − 1) /nsol, i.e. about 25% for
aqueous solutions. This means that, if the disorientation of the cell is of the
same order of magnitude as the angle of incidence, the apparent refractive in-
dex of the solution will be overestimated by 25%.

Hence, it has been shown that the value of the reflection angle, after refrac-
tion on the cell wall, depends explicitly on the disorientation of the cell and
that the associated error can be rather large. This can be problematic mainly
during the calibration step, during which the proportionality between curva-
ture and reflection angle is established. However, it can be shown as well that,
provided that (β + γ) and β′r for all beams are compatible with the small angle
approximation, the contributions of the misalignment angle cancel each other
out in the case of a multi-beam technique. This is a supplementary advantage
of the multi-beam technique which, to the best of our knowledge, has never
been pointed out before. While techniques based on the deflection of a single
beam are prone to inaccurate calibration arising from a disorientation of the
sample relative to the cell wall, the multi-beam technique is insensitive to this
type of error.

In practice, the exact value of the apparent refractive index does not need
to be explicitly determined as long as the relationship between curvature and
mean differential spacing is calibrated accurately using mirrors of known radii of
curvature, as will be described in sub-section 2.2.3. However, if the orientation
of the samples on which the measure is carried out differs slightly from that
of the calibration mirrors, significant errors can arise. Therefore, in order to
perform accurate measurements, it is crucial to design the experimental cell
such that the source and detector of the multi-beam sensor are fixed, the cell
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Figure 2.18: Influence of the disorientation of the cell relative to the sample
surface, characterised by the misalignment angle γ, on the apparent value of
the refractive index n∗sol. This effect is illustrated for different values of the
incidence angle α.
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wall has a constant orientation with respect to the source and detector and
the samples can be positioned accurately and reproducibly, both in terms of
position and orientation.

Comparison with other equations from the literature

Rokob and Lang [198] have derived an equation linking the deflection of a single
beam to the curvature for a measurement carried out in a liquid, in the specific
case of non-normal incidence (but with the cell wall parallel to the sample
surface). It is interesting to compare this equation (derived for a single-beam
technique) with our equation Eq.2.45 which was derived for the multi-beam
technique. Actually, both equations are found to be formally very similar, with
the exception of the cosα factor in our equation which is replaced by(

1− n−2
sol sin

2 γ
)1/2(

1− sin2 γ
)3/2

(2.54)

in Rokob and Lang’s work. So, only the way of taking into account the non-
normal incidence differs between the two works. In this work, α was defined as
the angle of incidence of the laser beams on the sample surface, while γ in the
paper of Rokob and Lang is the angle of incidence of the beam on the cell wall
(which is supposed to be parallel to the sample surface in both cases). Taking
into account the Snell’s law of refraction for the incident beam crossing the cell
wall, our cosα factor can be expressed, using the notations from Rokob and
Lang, as

cosα =
(
1− n−2

sol sin
2 γ
)1/2

(2.55)

Therefore, the two equations differ only by a factor
(
1− sin2 γ

)3/2
only.

So far, it is not clear which equation is more accurate. However, it can be
shown that the difference between the two expression scales with the value of
the incidence angle. The evolution of the ratio of the two correction factors,
which is equal to

(
1− sin2 γ

)3/2
, was plotted on Fig.2.19 as a function of the

incidence angle. As evident from this figure, the difference between the values
predicted by the two equations remains below 2% for incidence angles smaller
than 6◦, which is the case of our experimental set-up. Only with increasing
values of the incidence angle above 10◦ does the error increase rapidly due to
the fact that the small angle approximation is no longer valid.

2.2.3 Calibration procedure

Calibrating the technique actually means determining the G factor defined on
Eq.2.35 for a given experimental set-up, characterised by the length l1 between
the sample and the detector and the incidence angle α. Both parameters can be
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Figure 2.19: Evolution of the ratio of the correction factor in the equation of
Rokob and Lang [198] to our own correction factor, plotted as a function of the
incidence angle α.
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Figure 2.20: Typical example of calibration data measured both in air and in
water on mirrors having a known radius of curvature.

assessed using a protractor and a tape-measure. However, a more accurate way
of calibrating the multi-beam optical sensor is to use mirrors of known radii of
curvature and to measure the mean differential spacing corresponding to each
of those mirrors, taking a flat mirror as a reference. Plotting the MDS as a
function of 1/R then yields a straight line from which the calibration factor can
be deduced. Using this procedure, the error on the calibration factor is usually
limited by the accuracy on the radius of curvature of the mirror (reported
by the manufacturer to be around 10%) or on the positioning of the mirrors.
Care must be taken as well not to modify anything to the experimental set-
up between the different MDS measurements as this would of course lead to
inaccurate calibration. Fig.2.20 shows typical calibration data recorded in air
and in water using mirrors having a radius of curvature of 20 m and 4 m and a
flat mirror as a reference. Slopes values of, respectively, 0.787±0.007 m−1 and
0.584±0.005 m−1 were obtained in air and in water. It can be noted that the
ratio of the slopes is 1.34±0.17, which is indeed in agreement with the expected
value for the refractive index of water.

It should be noted that, although most of our anodising experiments have
been carried out in 1.0 M H2SO4, our calibration procedure has been performed
in deionised water in order to avoid corrosion of the mirrors. Since the refraction
index of pure water and 1.0 M H2SO4 solution at 20◦C are, respectively, 1.3324
and 1.3445 [41], this approximation is expected to lead to an overestimation
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of the curvature by only a factor 1.3445/1.3324 = 1.009. The resulting error
on the curvature is thus below 1%, which was considered to be an acceptable
level.

2.2.4 Resolution of the sensor and optical perturbations

In this section, the theoretical resolution of the curvature measurement tech-
nique used in this work is discussed. In addition, several sources of perturba-
tions and experimental artefacts associated with the optical curvature measure-
ments are discussed and illustrated. The latter perturbations were encountered
during this work and had to be overcome in order to progressively improve the
accuracy of the curvature measurements by increasing the signal-to-noise ratio.
Several guidelines are proposed to avoid such perturbations.

Resolution of the multi-beam sensor

With our experimental set-up, a curvature resolution of 0.18 km−1 (or, equiva-
lently, 5.5 km) could be attained. The latter value was calculated as 3 times the
experimental standard deviation for the curvature signal during baseline record-
ing, which was typically of the order of 0.012%, as illustrated on Fig.2.21. It is
important to note that, according to the Stoney equation (Eq.2.4), the resolu-
tion of a given curvature measurement set-up in terms of stress is determined
not only by the curvature resolution but also by the characteristics of the sub-
strate used. Indeed, if we consider a curvature measurement tool having a
resolution of 5.5 km, the smallest stress variation that can be measured in
a film of thickness hf will depend strongly on the thickness of the substrate
(to the power 2) as well as on its biaxial modulus. In our case, taking into
account the thickness and biaxial modulus of our Si substrates, the 5.5 km
curvature resolution corresponds to a resolution of 0.78 Pa·m in terms of the
stress·thickness product. This means that the detection level in terms of stress
is about 780 MPa for a 1 nm thick films or to 7.8 MPa in a 100 nm film. In-
creasing the overall resolution can be achieved either by increasing the distance
between the sample and the detector (thus improving the curvature resolution)
or by decreasing the thickness of the silicon substrate. As will be evident from
our stress measurements presented in chapter 3, the resolution and dynamic
range of the multi-beam technique were found to be very well adapted for in-
vestigating the stresses developing in anodic oxide films. It should be noted
that, in practice, the effective curvature resolution is not always limited by the
theoretical resolution calculated from the signal/statistical noise ratio but can
be limited by the presence of optical perturbations. Such perturbations differ
from the statistical noise in that they usually appear as punctual events and
are therefore more difficult to distinguish from the ‘real’ signal. Some of these
perturbations are discussed in the following paragraph.
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Figure 2.21: Typical example of baseline recording of the mean differential
spacing showing a noise level of 0.0115% (assimilated to the standard deviation
of the MDS signal).
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Optical perturbations

Generally speaking, all optical perturbations, i.e. local perturbations of the
laser beams, are highly detrimental to the quality of the measurement. Possible
sources of perturbations may include:

• scattering of the beams on a dirt or scratch present on the cell wall or on
the detector filters4

• scattering of the beams on the sample surface due to roughening or due
to a specific reaction taking place

• convection effects.

If one of the beams is scattered or deflected by a dirt or a scratch present
on the cell wall, on the sample surface or on the filters at the entrance of the
detector, this may cause an artificial modification of the MDS. In fact, this will
perturb the measurement only if the first or the last spot from a 1D array of
spots are scattered since, due to the averaging, the contributions of the other
spots cancel each other out. Indeed, for a series of 5 aligned spots, the mean
vertical differential spacing will be calculated as:

MDS =
(x1 − x2) + (x2 − x3) + (x3 − x4) + (x4 − x5)

4
=
x1 − x5

4
(2.56)

where xi is the vertical position of the ith spot on the detector. In addition, the
advantage of monitoring a series of spot at the same time is that a perturbation
of the first or last spot can be easily detected by comparing the time-evolution
of its position with the one for the other spots. Therefore, the multi-beam
technique is relatively robust toward this kind of perturbations. Of course the
cleanliness of all the components of the experimental set-up is crucial and great
care must be taken not to scratch or damage the optical cell or the filters during
the cleaning procedure.

Another experimental perturbation which was observed manifested itself as
an increase followed by a decrease of the differential spacing. This perturbation
was observed to propagate progressively from one pair of beams to the other,
as illustrated on Fig.2.22. For this reason, it was at first attributed to the
formation of small gas bubbles somewhere on the sample surface which would
then evolve upward to the electrolyte surface. On their way to the surface, the
bubbles would successively cross the path of each of the laser beams, hence
causing the observed behaviour. A closer observation of the data revealed that
the perturbation was in fact propagating downward from the first beam to the

4Such filters allow for filtering out the ambient light in order to prevent saturation of the
CCD detector.
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Figure 2.22: Time-evolution of the spacing between each pair of spots, sup-
posedly corresponding to a particle-induced optical perturbation of the laser-
beams.

last one. As gas bubbles could hardly ‘fall’ to the bottom of the cell, it is
more likely that this effect would be due to a solid particle, of microscopic size,
crossing the path of the laser beams. During our experiments, it was found
that this kind of perturbation could be almost completely avoided by cleaning
the samples in an ultrasonic bath prior to the experiment, in a solution having
the same composition as the one used for the experiment. This procedure
is intended to accelerate the dissolution of the contaminants present on the
sample or sample holder so that no further dissolution takes place during the
experiment.

As to the convection effects, they can be very easily visualised by, for in-
stance, speaking of shuffling close to the region located between the MOS de-
tector and the experimental cell. This reproducibly leads to a series of marked
peak in the recorded MDS signal, as illustrated on Fig.2.23. This kind of effect
is not encountered when the MOS device is connected directly to a vacuum
deposition chamber for the monitoring of a vacuum deposition process but ap-
pears to be more problematic when the laser beams must cross open-air or an



2.2. ON THE USE OF THE MULTI-BEAM SENSOR 131

Figure 2.23: Illustration of the influence of convection effects on the MDS
baseline. A very clear increase of the noise level is observed when convection
effects are induced in the region between the detector and the cell by shuffling,
speaking or discharging compressed air.

electrolyte. Although the origin of this effect has not been studied extensively,
it is likely that convection fluxes (natural or forced) induce local changes of
the density of the medium (electrolyte or air) and therefore locally modifies its
refractive index. As a result of the modification of the refractive index, the
laser beams are deflected which of course is observed on the MDS evolution.
Such perturbations can be easily avoided by insulating the whole optical path
of the laser beams from the environment. In our experimental set-up, the ex-
perimental cell and the space between the cell and the sensor box was enclosed
in a PMMA box in order to limit the influence of convection fluxes to natural
convection which is not expected to be significant in our case, owing to the
reduced size of the box and the absence of temperature or pressure gradients.
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2.3 On the application of in-situ curvature mea-
surements to the monitoring of anodising
processes

In the previous sections, general experimental aspects of stress measurements
in thin films have been discussed. This third section focuses specifically on the
application of the multi-beam curvature-measurement technique to the in situ
monitoring of anodisation processes. The first sub-section is devoted to the
description of our experimental set-up, and to the preparation and character-
isation procedures of our Ti electrodes. In a second sub-section, a modified
relationship between curvature changes and stress·thickness changes in the ox-
ide film is derived for the specific case of anodisation, taking explicitly into
account the consumption of the Ti substrate.

2.3.1 Description of the experimental cell and of the sam-
ple preparation procedure

Design of the electrochemical cell

Several constraints had to be taken into account when designing an experi-
mental cell adapted for in situ stress measurements during anodising. Some
constraints are related to the anodising process itself (electrochemical require-
ments) and are discussed in the first paragraph, while some others, imposed by
the curvature measurement technique (physical requirements), are discussed in
a second paragraph.

Electrochemical requirements: The electrochemical cell must consist of the
sample to be anodised and a cathode, immersed in a suitable electrolyte and
connected to an external power source. The cathode must be inert in the se-
lected electrolyte. The external power source should allow for accurate control
of the current flowing through the circuit (under galvanostatic conditions) or
the cell voltage (under potentiostatic or potentiodynamic conditions). Both
electrodes must be connected to the external circuit through low-resistance
leads and the electrical contacts on the anode and cathode must be insulated
from the electrolyte. It should be noted that, for most of our experiments, a
simple 2-electrodes set-up was selected instead of the classical 3-electrodes con-
figuration generally preferred for accurate electrochemical experiments. The
reason for this choice was that, owing to the geometry of our optical cell for
the curvature measurements, it was not straightforward to add a reference elec-
trode close enough from the anode surface. By assimilating the anode potential
to the cell voltage, one neglects the contribution of the ohmic drop within the
electrolyte and the interfacial potential difference at both electrodes. As the
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latter are not necessarily negligible, we verified this explicitly by comparing the
evolution of the cell voltage with that of the anode potential for a series of ex-
periments. The difference between the two measurements was almost constant
for galvanostatic conditions and amounted to 50 mV, which was considered
negligible as compared to usual anodising voltages.

Physical requirements: The experimental cell must allow for optical access
to the anode and the anode must exhibit sufficient reflectivity. In order for
the anodising to result in a curvature change of the anode, the latter must
have one single active surface only. The biaxial modulus and thickness of the
substrate material must also be known accurately (see the Stoney equation
Eq.2.4). As anodising is intrinsically an irreversible process, the anode samples
are single-use. Therefore, the experimental cell must allow for easy replacement
and reproducible positioning of the anode. The latter must also be clamped at
one end in order to achieve the cantilevered beam configuration and be entirely
immersed in the electrolyte up to the clamping point during anodising. Finally,
the whole experimental set-up must be massive enough to ensure mechanical
stability.

Selected set-up

Considering all these requirements, the following configuration was selected.
The anode samples consist of small cantilevered Si-beams with a thin Ti film
deposited on one side and are prepared in the following way.

• Silicon wafers (380 µm thick) are used as substrate for the Ti thin film
anodes. Prior to the metallization step, a 400 nm thick SiO2 layer is grown
on both sides of the Si wafer by a wet oxidation process. This layer is
intended to insulate the silicon from the electrolyte and to insulate the
silicon substrate from the Ti layer in order to prevent leakage currents
through the substrate during the anodising.

• A thin Ti film (100 to 700 nm thick) is deposited on one face of the
Si wafers. Metallization is carried out either by sputtering or by e-gun
evaporation.

• The metallised wafers are then diced to make rectangular samples, ap-
proximately 5x30 mm2 (See Fig.2.24a). A small aluminium block (4x5x6
mm3) is glued on the Ti layer on one end of the electrode using silver
paste in order to provide electrical contact to the Ti layer (See Fig.2.24b,
c and d).

• The end of the electrode provided with the Al contact is then clamped
in Epofix resin cast in a Teflon mould. This is illustrated step-by-step
on Fig.2.24e and f and Fig.2.25a, b and c. Specific two-parts moulds
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were designed and fabricated, which allow for easy sample preparation,
reproducible sample positioning and complete insulation of the electrical
contact.

• When the resin has dried, the two parts of the mould are separated (See
Fig.2.25d and e), the cantilevered sample being attached to the upper
part. A small hole is drilled in the Al block from the back of the sample
to allow for connection to the power source using a banana plug (See
Fig.2.25f).

• The upper part of the Teflon mould containing the cantilevered anode is
attached to a stainless steel sample holder using nylon screws as illustrated
on Fig.2.26a and b.

It should be noted that, after the experiment, the anode sample is cleaved
at the point of anchoring in order to detach the sample from the resin block
and save it for further characterisation. The resin block can be withdrawn from
the mould so that the moulds are completely re-usable. The Al contacts can
be recovered easily as well by fracturing the resin block.

The anodising was carried out in a cell made from optical glass (photometry
cell manufactured by Hellma) with a stainless steel foil or a Ti plate as a cathode
and the anode samples as described above. Weak acidic electrolytes (1.0 M or
0.1 M H2SO4, HNO3 or H3PO4) were used for most experiments. The volume
of electrolyte in the cell was 600 ml. All the curvature measurements have
been carried out with a multi-beam optical sensor (MOS) fabricated by k-
Space Associates. We have been using the version 4.4 of their data analysis
software. At the beginning of each measurement, the reference state for the
curvature evolution is measured by averaging over 60s the MDS corresponding
to the sample prior to the experiment. The MDS is then recorded for, at least,
200s prior to starting the anodising process in order to ensure that no drift is
observed and that the baseline is flat in the absence of any reaction or process
taking place. The geometry of the whole experimental set-up is illustrated on
Fig.2.27. An horizontal configuration was selected, with the MOS box and the
sample holder being attached to a steel plate. The approximate optical distance
between the sample and the detector was in the range of 75 cm to 1 m. As
discussed in sub-section 2.2.4, a PMMA box shield was used in order to reduce
convection-induced perturbations of the measurements. The sample holder,
the electrochemical cell and the sample placement into the cell are shown on
Fig.2.26c, d, e and f.

The reflection of the laser beams on the sample surface was further compli-
cated by scattering issues in the case of Ti anodising. Indeed, as discussed in
section 1.2.1, the anode potentials required for growing thick anodic oxide films
are far beyond the domain of electrochemical stability of aqueous electrolytes.
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Figure 2.24: Illustration of the sample preparation procedure. Images a to d
show the placement of the electrical contact on the sample. Images e and f
show the placement of the sample in the Teflon moulds.
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Figure 2.25: Illustration of the sample preparation procedure. Images a to e
show the clamping of the lower end of the sample in epoxy resin. Image f shows
the banana plug used to connect the sample to the power source.
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Figure 2.26: Illustration of the sample placement in the electrochemical cell.
The sample is at first attached to a stainless-steel sample holder (pictures a
and b). The latter is then secured to a fixed structure allowing for reproducible
positioning with respect to the cell (pictures c and d). When the cell is filled
with electrolyte, the sample is completely immersed up to the anchoring point
(pictures e and f).
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Figure 2.27: Schematic representation of the experimental set-up
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Above a given potential threshold, the water decomposition reaction (or oxygen
evolution reaction) takes place on the oxide surface. As a result, oxygen bubbles
are formed on the sample surface which scatter the incident laser beams and
prevent any measurement. In order to address this problem, the curvature of
the anode was always measured from the back (non metallized) side of sample
where no reaction takes place during the experiment. Double-side polished Si
wafers were used in order to ensure a good reflectivity of the anode.

2.3.2 Characterisation of the Ti thin film anodes

observations

Different batches of Ti-deposits have been used for preparing the Ti electrodes
for this study. Each batch of deposits has been characterised using SEM, RBS,
XRD, chemical analysis (ICP) and resistivity measurements. The RBS analy-
sis has been carried out at the Laboratoire d’Analyses par Ractions Nucléaires
(LARN) from the Facultés Universitaires Notre-Dame de la Paix in Namur,
with the help of Prof. Stéphane Lucas. The main results are presented in this
sub-section.

Batch ‘ETi’
The Ti-deposits from this batch have been prepared by e-beam evaporation.
SEM micrographs reveals an average grain size of about 100 nm, essentially
independent of the thickness of the deposit. In contrast, the roughness of the
surface is observed to increase with increasing thickness of the deposit (see the
two micrographs on Fig.2.28a and b, corresponding, respectively, to a 360 nm
thick and a 700 nm thick deposit. Those films exhibit a very marked [0002]
texture, as evident from the diffractogram on Fig.2.28d. RBS analysis reveals
a dramatic contamination of the inner region of the Ti layer with carbon. Oxy-
gen is found to be incorporated as well in the whole Ti deposit but in a smaller
quantity (about 10 at%). No other detectable element could be found in a
significant concentration from the ICP analysis. The large resistivity measured
for those Ti deposits (ρ=187µΩ·cm) is believed to be a direct consequence of
this contamination.

Batch ‘STi’
The Ti-deposits from this batch have been prepared by magnetron sputtering.
The deposits have been made on thick Si substrates, and were therefore inap-
propriate for curvature measurements. Samples from this batch were used for
the anodisation experiments described in chapter 5. SEM micrographs reveal
a grain size slightly larger and less uniform than for the ETi batch, with grains
ranging from 100 to 400 nm. Those films exhibit a marked [0002] texture, with
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Figure 2.28: Results from the characterisation of the ‘ETi’ Titanium batch
showing (a) and (b) the metal grain size as observed by SEM for films respec-
tively 360 and 700 nm thick, (c) the composition depth profile obtained by RBS
and (d) the crystallographic texture, as measured by XRD.
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some [1011] grains being present as well, as observed from the diffractogram
on Fig.2.29c. RBS analysis indicates a rather clean deposit, with only a small
amount of incorporated oxygen. This was confirmed by the chemical analysis
as well as by the low resistivity value (46µΩ·cm), which is very close to the
expected value for (pure) bulk Ti.

Batch ‘PTi’
The Ti-deposits from this batch have been prepared by magnetron sputtering.
SEM micrographs reveal an average grain size of 100 nm, similar to that ob-
served for samples from the ETi batch. The deposits are also observed to be
very rough, as illustrated on Fig.2.30a and b. Those films exhibit a marked
[0002] texture, as evident from the diffractogram on Fig.2.30d. RBS analysis
indicates that the Ti film contains a significant amount of oxygen (evaluated to
20%) mainly in the region adjacent to the surface. No other contaminants were
detected upon chemical analysis of the Ti film. Owing to the large amount of
oxygen, the films are observed to be about 5 times more resistive than expected
for clean Ti deposits (ρ was measured to be 267µΩ·cm). For this specific batch,
supplementary AFM analysis was carried out and reveals a RMS roughness of
17 nm.

Batch ‘ITi’ The Ti-deposits from this batch have been prepared by mag-
netron sputtering. The SEM micrograph on Fig.2.31a reveals a grain size of 80
nm and a rather smooth surface. The films exhibit a marked [0002] texture, as
evident from the diffractogram on Fig.2.31c. According to RBS analysis, the
deposits are clean but contain a small quantity of incorporated oxygen. Chem-
ical analysis confirmed that no other contaminants are present in the film.

Batch ‘FTi’ The Ti-deposits from this batch have been prepared by e-beam
evaporation. The results from the characterisation procedure are shown on
Fig.2.32. The SEM micrograph reveals an average grain size of 60 nm and a
rather smooth surface. The films exhibit a marked [0002] texture, as observed
from the diffractogram on Fig.2.32. RBS analysis indicates that the films are
clean but contain a small quantity of incorporated oxygen. Chemical analysis
confirmed that no other contaminants are present in the film.

Bulk Ti vs. Ti thin films

In the light of the discussion presented in chapter 1 on the influence of grain
orientation and oxygen content of the Ti substrate, some significant differences
between bulk Ti substrates and thin film Ti substrates deposited by PVD tech-
niques are pointed out in this paragraph, as they can be expected to influence
considerably the anodisation process. Firstly, thin films produced by sputter-
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Figure 2.29: Results from the characterisation of the ‘STi’ Titanium batch
showing (a) the metal grain size as observed in a SEM, (b) the composition
depth profile obtained by RBS and (c) the crystallographic texture, as measured
by XRD.
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Figure 2.30: Results from the characterisation of the ‘PTi’ Titanium batch
showing the surface of the Ti films as observed (a) in a SEM and (b) by AFM
(3 µm by 3 µm scan, (c) the composition depth profile obtained by RBS and
(d) the crystallographic texture, as measured by XRD.
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Figure 2.31: Results from the characterisation of the ‘ITi’ Titanium batch
showing (a) the metal grain size as observed in a SEM, (b) the composition
depth profile obtained by RBS and (c) the crystallographic texture, as measured
by XRD.
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Figure 2.32: Results from the characterisation of the ‘FTi’ Titanium batch
showing (a) the metal grain size as observed in a SEM, (b) the composition
depth profile obtained by RBS and (c) the crystallographic texture, as measured
by XRD.
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ing or e-beam evaporation usually grow with a highly characteristic columnar
morphology, as they grow with their basal plane parallel to the film surface,
which allows for minimising the surface energy. As a result, typical PVD thin
films are highly textured, exhibiting one main grain orientation, as confirmed
by the diffractograms presented on Fig.2.28 to 2.32. This contrasts with bulk Ti
substrates in which the grains are usually more or less randomly oriented. As
discussed in section 1.2.4 dealing with the influence of the Ti grain orientation
on the growth of the anodic oxide film, a very uniform behaviour is anticipated
for anodic films grown on the thin film substrates, as the growth of the oxide
film on each grain is expected to be comparable. This higher uniformity of TiO2

films grown on thin film substrates is expected to lead to sharper transitions
than in the case of bulk Ti because transitions would take place at the same
time all over the sample. It should be noted that, with respect to the texture,
an influence of the deposition technique and of the thickness of the deposit can
be observed. By comparing Fig.2.28 with Fig.2.29, which both correspond to
Ti films of comparable thickness, it appears that e-beam evaporation leads to
more textured films, probably as a result of a much lower deposition rate as
compared to sputtering. Furthermore, at least for the sputtered films from the
STi batch, the texture was observed to be more marked for thicker films, as
illustrated on Fig.2.33. Indeed, for the thinnest films (100 nm), the peaks cor-
responding to [0002] and [1010] orientations are observed to have a comparable
intensity while, as the films becomes thicker, the [1011] peak vanishes and only
[0002] orientation is observed.

Secondly, in the case of Ti, PVD films grow with the dense-packed Ti [0002]
planes parallel to the film surface. Therefore, as confirmed by XRD analysis,
the growth of the oxide film takes place on the [0002] planes, which have been
demonstrated to lead to intense oxygen evolution within the film, blistering
and rupture of the oxide film [154]. Therefore, thin film Ti substrates are not
the most suitable ones for growing thick smooth and homogeneous TiO2 films
and the growth process can be expected to be strongly affected by the physical
consequences of the oxygen evolution reaction.

Thirdly, the grain size of PVD films is usually much smaller than in the
case of bulk material. The grain size of our sputtered and evaporated films was
observed to range between 40 and 400nm. A direct consequence of the small
grain size is the high density of grain boundaries per unit area. Grain bound-
aries constitute flaws in the metal surface, which can act as preferential sites for
nucleation of weak, e− conductive, spots in the oxide film [216]. Therefore, the
density of grain boundaries in thin films, larger than that of bulk substrates, is
anticipated to affect the growth as well.

A fourth specific feature associated with PVD Ti films is the incorporation
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Figure 2.33: Diffractograms recorded on deposits from the STi batch having
different thicknesses. Comparison of the diffractograms reveals an evolution of
the texture of the Ti substrate with its thickness.
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of oxygen in the film during the deposition process. The ability of Ti to capture
oxygen species from the environment is well-known. Therefore, high-vacuum
conditions are usually not sufficient to deposit Ti films free of oxygen. Unless
they are prepared in a ultra-high vacuum facility, Ti deposits typically contain
10 to 20 at% of oxygen. Massive oxygen incorporation is indeed observed for
the PTi batch, as shown on Fig.2.30c and oxygen is observed as well, although
in smaller quantities, in the other Ti batches. According to the observations
discussed in section 1.2.4 on the effect of incorporated oxygen on the growth
of anodic oxide films, the anodisation process as a whole should not be modi-
fied significantly by the presence of oxygen in the metal. However, the rate of
growth and therefore the apparent growth efficiency is expected to be affected.
Therefore, if O-gradients are present in the Ti film, the interpretation of the
V -t data during galvanostatic conditions will be more complicated, as slope
changes in the V -t curves can result not only from a change in the AR or in
the current associated with the side-reactions, but also from a change in the
local oxygen concentration in the Ti film at the metal/oxide interface.

Finally, the last characteristic of the PVD Ti films is a low roughness, much
lower than that of typical bulk substrates. The surface of thin films of course
does not require further polishing steps and thin films should therefore provide
for a more reproducible surface condition than the bulk substrates. The RMS
roughness of our Ti films, as measured by AFM for the PTi batch, was typically
of the order of 20 nm, which is a low value as compared to bulk samples, even
after careful polishing.

Batch-to-batch reproducibility

As evident from the results of the characterisation step, some differences are
observed between the different Ti batches. This is not particularly surpris-
ing considering the fact that the 5 batches have been ordered from different
laboratories, hence being prepared using different deposition chambers, which
leaded to a poor control on the deposition process. As, in addition, Ti is well
known as a getter material, the quality of the deposit is extremely sensitive to
the presence of impurities in the deposition chamber. As will be illustrated in
chapter 3, significant differences in the anodisation behaviour of the different
batches were observed as well. While the STi, FTi and ITi exhibited a rather
‘classical’ anodisation behaviour, the anodisation of the ETi and PTi batches
was characterised by the presence of low-efficiency stages. In terms of texture,
no major difference was observed between the batches. All of them exhibit a
marked [0002] texture. Only the thinnest deposits from the STi batches are
observed to present a significant proportion of [1011] grains. Hence, the non-
classical behaviour of the ETi and PTi batches does not seem to be attributable
to a texture effect. The smaller grain size was observed for the FTi and ITi
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batches while the largest grains were observed on the STi batch. Since those
three batches exhibited quite comparable behaviours, grain size does not either
seem to be a major source of differences in our case, at least not as far as
the initial stages of the anodisation concerns. Hence, the specific behaviour of
the ETi and PTi batches is more likely to arise from differences in the purity
of the deposit. Indeed, the ETi batch is contaminated with carbon while the
PTi batch was observed to contain a particularly high quantity of incorporated
oxygen. Although the mechanism through which these impurities affect the an-
odisation behaviour is still an open question, we can conclude that the purity
of the Ti substrates is a crucial point that needs to be taken care of in order to
guarantee the reproducibility of the anodisation processes.

It should be noted that the day-to-day reproducibility of the anodisation
experiments for a given Ti batch is also affected by the day-to-day variations in
temperature. Indeed, it is well known that the growth of anodic TiO2 films is
rather sensitive to the temperature, which directly influence the mobility of the
carriers, the density of the film (see section 1.2.4), the crystallisation behaviour
of the film, and therefore its conductivity. All the experiments presented in
this thesis have been carried out at ambient temperature, without temperature
control, and hence probably involving temperature variations of about 10◦C
between wintertime and summertime, with temperature always falling in the
range of 16 to 26 ◦C. As revealed by a systematic study on the influence of the
temperature, this is expected to lead to small quantitative differences, mainly
in terms of the slope of the V -t curves and of the voltage thresholds at which
transitions take place. Therefore, the influence of temperature should be taken
into account when interpreting the experimental observations.

2.3.3 Curvature-stress·thickness relationship for the spe-
cific case of anodisation

In contrast to deposition processes, in the specific case of anodising, the sub-
strate is progressively consumed and transformed into an oxide film. Therefore,
the change in curvature experimentally observed results from the superposition
of two contributions, the first one being due to the growth of the strained oxide
film while the second arises from the consumption of the initially stressed metal
layer. Hence, the most rigorous approach for the calculation of the stresses from
curvature change measurements on Ti/TiO2 multilayers requires taking into ac-
count the fact that one minor fraction of the measured change in curvature is
not due to stress in the oxide (σox), but to the reduction of the Ti thickness
(hTi). The stress·thickness product for the multilayered cantilevered stack is
equal to:

∆
(
σ · h

)
stack

=
∫

stack

σ (h) dh =
∫
σTidhTi +

∫
σoxdhox (2.57)
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If we plausibly assume that the stress in the Ti layer is homogeneous over
the whole thickness, hence being noted as σTi, and that this stress value is not
modified during the anodisation process, anodising-induced changes in Eq.2.57
can be written as

∆
(
σ · h

)
stack

= σTi∆hTi + ∆ (σox · hox) (2.58)

The ratio of the volume of oxide formed to the volume of metal consumed is
given by the Pilling-Bedworth ratio (PBR). Since the electrode surface is not
modified upon anodisation,

∆hTi = −∆hox

PBR
(2.59)

Hence, Eq.2.58 transforms into:

∆
(
σ · h

)
stack

= − σTi

PBR
∆hox + ∆ (σox · hox) (2.60)

If we now consider, to a first approximation, the stress in the TiO2 film to
be homogeneous over the whole thickness and equal to the average value σox,
Eq.2.60 becomes:

∆
(
σ · h

)
stack

=
(
σox −

σTi

PBR

)
∆hox (2.61)

so that

σox =
(

Y

1− ν

)
s

h2
s

6
∆κ

∆hox
+

σTi

PBR
(2.62)

From this equation, we can evaluate the correction to be applied for taking
into account the consumption of the substrate if the average stress σTi in the
Ti deposit is known. The latter has been systematically measured for each Ti
batch by quantifying the curvature change resulting from the dissolution of the
Ti layer. Unfortunately, the chemical solution allowing for dissolving the Ti
layer selectively from the substrate (1 Vol NH4OH, 1 vol H2O2, 5 vol H2O) is
continuously bubbling which precludes in situ curvature measurements during
the dissolution. Therefore, only the average stress in the layer is accessible from
the curvature change observed between pre- and post-dissolution measurements
but stress gradients in the film cannot be studied in that way. The average
stress in the Ti deposits was observed to be typically in the range of 50 to 200
MPa, depending on the thickness of the film and the deposition conditions.
The influence of the thickness on the average stress is illustrated for the ETi
batch on Fig.2.34. The PBR for the transformation of Ti into TiO2 is about
2.4 for amorphous TiO2. As will be shown in chapter 3, the average stress in
the oxide σox can vary widely, from about 100 MPa to several GPa. Hence
the error made by neglecting the consumption of the Ti layer is not necessarily
negligible and the contribution from the Ti consumption should be taken into
account systematically.
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Figure 2.34: Measured average stress in Ti-deposits from the ETi batch as a
function of their thickness.
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2.4 Conclusion

In this second chapter, we have presented the multi-beam sensor which has
been used in this study. The applicability of the constitutive equation linking
our mesured curvature values to the stress in the film (the Stoney equation) has
been discussed and confirmed for our specific experimental set-up. The calibra-
tion equations for the sensor have been derived for the case of a measurement
carried out in air and extended to the case of a measurement in a liquid. The
design of our experimental set-up has been discussed and the sample prepa-
ration procedure has been described extensively. Finally, we have pointed out
the fact that the contribution from substrate consumption is not necessarily
negligible in the case of anodising of Ti thin films and that it should be taken
into account in order to quantify accurately the film stress. In the next chap-
ter, experimental results on the stress evolution in anodic TiO2 films, obtained
using the multi-beam technique, are presented.



Chapter 3

Experimental investigation
of the growth stress
evolution in anodic TiO2
films
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As discussed in chapter 1, although the growth of anodic oxide films on Ti
is relatively well-documented, very little experimental evidence is available on
the mechanical aspects involved in the growth of the TiO2 film. Furthermore,
even less is known on the relationships between such mechanical aspects and
the electrochemical behaviour of the film. However, as will be evidenced fur-
ther in this chapter, the electrochemical and mechanical behaviour of anodic
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Figure 3.1: Typical example of the time evolution of the anode curvature and
cell voltage during an anodisation experiment, showing a very clear correlation
of the two signals. This experiment has been carried out on a sample from the
ITi batch in 1.0 M H2SO4 at 2.4 mA/cm2.

oxide films appear to be strongly correlated. This is illustrated on Fig.3.1,
which shows a typical example of cell voltage (V ) and curvature (κ) evolution
recorded during the galvanostatic anodisation of a Ti thin film electrode in 1.0
M H2SO4 at 2.4 mA/cm2. Remarkably, changes in the slope of the V -t curve
are observed to correspond systematically to changes in the direction of the
curvature evolution. Hence, the numerous events taking place in the course of
the growth process which affect the electrochemical behaviour of the film (thus
leading to more or less pronounced changes in the slope of the V -t curve) ap-
pear to either result from or directly affect its mechanical behaviour as well. In
this chapter, we present experimental results obtained by combining the data
from classical electroanalytical techniques with measurements of the stress evo-
lution carried out in situ during the growth of the film, thus providing direct
correlated information on the electrochemical and mechanical aspects involved
in the growth process.
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3.1 Preliminary remarks

Interpretation of the curvature data and terminology

Experimental data are obtained in the form of V -t and κ-t curves, as the
ones plotted together on Fig.3.1. The curvature data can be converted into
stress·thickness (σ · hf ) data using the Stoney equation (Eq.2.4 in chapter 2),
where σ is the average stress in the film. From σ·hf vs. time curves, the kinetics
of stress evolution can be examined and correlations between the cell voltage
and stress evolution can be identified. In order to distinguish between kinetic
effects and mechanical ones, the stress·thickness data can be represented as a
function of oxide thickness or cell voltage, which is equivalent provided that the
anodising ratio keeps a constant value over the V -range of consideration. In
this form, experiments carried out at different current densities, in which case
the time-scales are different, can be straightforwardly compared. Furthermore,
stress values can be directly calculated from the slope of those curves. The slope
of the stress·thickness vs. thickness plots is referred to as the instantaneous
stress (σ). The slope of a straight line linking the axis origin to a given
point of the curve represents the average stress (σ) in the film at that time.
Mathematically, this can be expressed as:

σ =
1
hf

∫
σdhf (3.1)

By convention, a negative sign of the instantaneous or average stress is indica-
tive for a compressive stress while a positive sign stands for tensile stresses.
Transitions from a compressive to tensile instantaneous stresses lead to a com-
pressive maximum while transitions in the opposite direction are accompa-
nied by a tensile maximum.

Generally speaking, the measured curvature changes encompasses three dis-
tinct contributions: a first contribution arising from the consumption of the Ti
substrate (as already discussed in section 2.3.3) and two contributions corre-
sponding to stress·thickness changes in the growing oxide film. Among the lat-
ter, the first one is a reversible, field-induced, contribution called electrostric-
tion stress while the second one is an intrinsic growth-induced contribution.
The reversible electrostriction stress will be discussed in detail in the next chap-
ter. This chapter focuses more specifically on the intrinsic growth stresses
developing in the film.

Comments on the experimental reproducibility

Before discussing the main experimental observations, it is worth commenting
on the reproducibility of the stress evolution, which is of course a primary con-
cern if trends have to be identified from series of experiments. In fact, although
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Figure 3.2: Measured evolution of the stress·thickness product with the cell
voltage for a series of six samples from the PTi batch anodised at 4 mA/cm2

in 1.0 M H2SO4 up to different values of the final voltage. The stress·thickness
evolution exhibits a remarkable reproducibility.

the anodisation process is very sensitive towards the details of the experimental
conditions, the reproducibility of the stress·thickness evolution for a given set of
experimental conditions was observed to be fairly good. This is illustrated on
Fig.3.2, showing the evolution of the stress·thickness product as a function of
the cell voltage for 6 experiments carried out under the same conditions up to
different values of the cell voltage. The six curves superpose remarkably. Only
the sample anodized up to 25V shows a slightly different behaviour, with a less
compressive value of the stress·thickness product at the compressive maximum.

Unfortunately, the excellent reproducibility of the stress evolution for ex-
periments carried out under the same conditions on the same Ti substrate
contrasts with the high variability observed when different Ti substrates are
used. Indeed, one significant experimental obstacle encountered during this
research was the fact that the anodisation behaviour was observed to be ex-
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Figure 3.3: Comparison of the time-evolution of the cell voltage and of the
sample curvature observed for anodisation of Ti electrodes from the ETi and
ITi batches in 1.0 M H3PO4 with a current density of 0.5 mA/cm2.

tremely sensitive to the characteristics of the Ti thin film substrates. As the
characteristics of the latter showed poor reproducibility, a large variability of
the experimental results was observed from one Ti batch to another. This is
illustrated on Fig.3.3, showing the characteristic evolution of the cell voltage
and the sample curvature during anodisation experiments carried out under
the same conditions (1.0 M H3PO4, i=0.5 mA/cm2) on Ti electrodes from two
different batches (ETi and ITi batches). Obviously very different behaviours
are observed, both in terms of V -evolution as of curvature evolution, with a one
order of magnitude difference in the observed curvature changes. As discussed
in section 1.2.4, several characteristics of the Ti substrate directly influence
the anodisation process, for instance the presence of impurities in the metal or
the presence of a texture. Results from the characterisation of the Ti batches
have been presented on section 2.3.2. The main striking difference between the
ETi and ITi batches is that the former was observed to be contaminated with
carbon. The latter impurity might thus be responsible for the specific stress
evolution associated with samples from that batch. In other cases however, the
differences between the characteristics of the Ti batches which are reponsible
for the differences in the V -t behaviour are not clearly identifiable.

Owing to this variability, conclusions can hardly be drawn as to the “typical”
stress evolution in anodic TiO2 films. The details of the V - and stress-evolution
appear to be always characteristic for a given Ti batch. Nevertheless, some clear
general tendencies were identified and reproducibly observed, independent of
the Ti substrate. The following section is devoted to observations on TiO2

films grown galvanostatically. In the V -range over which the film grows under
high-efficiency conditions, the growth was observed to be accompanied by the



158 CHAPTER 3. GROWTH STRESS EVOLUTION IN ANODIC TIO2.

development of constant tensile stresses. In the third section, growth stress
transitions are described and discussed in terms of growth instabilities.

3.2 High-efficiency growth of anodic TiO2 films
under galvanostatic conditions

As discussed in the first section, the anodisation behaviour observed on Ti thin
film electrodes differs widely from one batch to another. In addition, it re-
sembles the classical behaviour reported for galvanostatic anodisation of Ti on
some batches only. The classical behaviour is characterised by a high growth
efficiency and a linear V -t at the beginning of the anodisation, which then de-
creases above a given threshold, more or less rapidly depending on the growth
rate. As a starting point for the discussion of the stress evolution in anodic
TiO2 films, we choose to present observations obtained on Ti batches which
showed a behaviour close to the classical one. A very characteristic stress evo-
lution was observed reproducibly on those samples in the V -range over which
the film grows with a high efficiency, characterised by a constant tensile stress
developing in the film. In addition, the stress value was observed to be inde-
pendent of the current density.

Such a behaviour was observed for instance on samples from the ITi batch.
The V -t curves for a series of four samples anodised in 0.1 M H3PO4 with
current densities of 0.5, 1.4, 2.9 and 3.6 mA/cm2 are presented on Fig.3.4a.
The cell voltage is observed to increase linearly with time up to, respectively,
4, 11.5, 12 and 12.3 V for the four current densities. After that, the growth
efficiency drops rapidly and a V -plateau is attained for the experiments carried
out with the lowest current densities, while the cell voltage increases further in
the case of the larger two current densities. The corresponding stress·thickness
curves are characterised by an initial V -surge in the compressive direction, aris-
ing from electrostriction in the native oxide layer, then a tensile evolution is
observed in the V -range corresponding to the high-efficiency growth. This is
illustrated on Fig.3.4b showing in parallel the cell voltage and σ · hf evolution
for the sample anodised at 1.4 mA/cm2. After the high-efficiency region, a
transition to another growth stage is observed. Such transitions will be dis-
cussed in the third section and we will focus here on the tensile stage. The
stress·thickness data for the four samples are plotted altogether as a function
of V on Fig.3.4c. Remarkably, the σ · hf curves are perfectly superposed and
show a constant tensile slope in the whole V -range over which high-efficiency is
observed. The almost vertical deviations of the stress·thickness curves observed
at 9V and 14V for the lowest two current densities correspond to the transitions
to the V -plateau. These results suggest that, under such conditions, the oxide
film grows with a constant tensile stress, independent of the current density in
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the range of 0.5 to 3.6 mA/cm2.

This behaviour, with the characteristic correlation between tensile stress-
evolution and high-efficiency growth was observed as well during other exper-
iments in which it was preceded by another, low-efficiency, stage. On those
samples, the tensile stage was observed to extend over a very wide V -range of
more than 40V even for the lowest current density investigated, hence facilitat-
ing quantitative analysis of the data. For this reason, we decided to use this
second series of experiments as a basis for the quantitative discussion of the
tensile stress-evolution associated with galvanostatic high-efficiency growth. In
the following sub-section, a series of four experiments carried out at different
current densities, is presented and analysed in detail.

Experimental:

For this experiment, 4 samples from the same batch of evaporated Ti (batch
ETi) were anodised galvanostatically with current densities of 0.5, 1.9, 2.9
and 4.1 mA/cm2. A 0.1 M H3PO4 electrolyte was selected as the latter is
well-known to allow growing anodic TiO2 films up to large thicknesses [219].
For the lowest two current densities, the experiment was stopped after 1000s
while, for the larger current densities, it was interrupted at 500s, after the first
evidence of dielectric breakdown of the film was observed. The experimental
set-up and the experimental cell were as described in chapter 2.

Results:

Fig.3.5 shows the V -t curves corresponding to the 4 experiments. The latter
are characterised by:

• an initial V -surge

• a first stage characterised by a low efficiency (low dV /dt), more visible
on Fig.3.5b.

• a second stage characterised by a high efficiency

• a progressive decrease of the slope

• a transition to another stage, the characteristics of which are more depen-
dent on the current density (with large voltage fluctuations characteristic
for dielectric breakdown being observed at high current density).

The values of dV /dt for the first (low-efficiency) and second (high-efficiency)
stages are listed in Table 3.1. The duration of the first stage as well as the total
charge consumed during this stage are included in Table 3.1 as well. Fig.3.6
presents as a function of the current density the dV /dt values corresponding to
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Figure 3.4: Results obtained for a series of anodisation experiments carried
out on samples from the ITi batch in 0.1 M H3PO4, showing a) the time-
evolution of the cell voltage for the 4 current densities, b) the time-evolution
of the stress·thickness product for the sample anodised at 1.4 mA/cm2 and c)
the evolution of the stress·thickness product with V for the four samples.
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Figure 3.5: Time-evolution of the cell voltage during galvanostatic anodisation
of samples from the ETi batch in 0.1 M H3PO4 at 4 different current densi-
ties. On figure b), markers have been added to the data points where voltage
fluctuations are observed.
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Current density (dV/dt)I (dV/dt)II Duration Charge ηI

mA/cm2 [mV/s] [mV/s] [s] [mC/cm2] [%]
0.53 19.1±0.1 165.6±0.1 94.6 50.1 11.5
1.87 112.9±0.8 649.3±1.6 18.9 35.3 17.4
2.85 215.8±2.3 1066.1±5.8 10.6 30.1 20.2
4.06 356.7±5.7 1497.6±9.3 7.6 30.9 23.8

Table 3.1: Quantitative data extracted from the V -t anodisation curves. The
efficiency values for the first stage presented in the last column have been
calculated from the ratio of the dV/dt values in both stages, based on the
assumption that the growth efficiency is 100% in the second stage.

the high-efficiency stage, obtained from a linear fit of the 4 V -t curves over the
range of 6 to 15V. The four experimental data points are observed to fall on
a straight line of slope 367±6 Vcm2C−1 which intercepts the axes origin. The
fact that dV /dt is observed to be strictly proportional to the current density
suggests that the growth efficiency, the density of the film and the anodising
ratio are essentially identical for the four samples1. Under such conditions,
dV /dt is given by:

dV

dt
=

η

AR

Mm

zFρ
i (3.2)

Considering a typical value for the anodising ratio (2 nm/V) and for the density
of the oxide film (3.1 g/cm3 for amorphous anodic TiO2 [57, 156]), the corre-
sponding efficiency value calculated from Eq.3.2 is slightly over 100%. Hence,
it is likely that, over the limited range of 6 to 15V, the four oxide films have
grown with a 100% efficiency. Under that assumption and, keeping 3.1 g/cm3

for the film density, an anodising ratio of 1.85 nm/V is calculated, which is well
within the range of reported values. Using this newly calculated AR value, we
can calculate the growth efficiency values for the first stage, from the corre-
sponding dV /dt values. The latter are presented in Table 3.1.

At some stage during the growth of the film, small voltage fluctuations are
observed, which might correspond to the first breakdown events on weak spots
of the films. On Fig.3.5b, the V -t curves from Fig.3.5a have been reproduced,
with markers added on each curve to the data points where fluctuations are ob-

1This might not be fully correct since, as discussed in section 1.2.4, the anodising ratio
is usually observed to depend on the current density. The current density is indeed directly
related to the electric field in the film though the high-field relationship [167]. Within that
framework, plots of 1/i·dV /dt vs lni allow extracting the high field coefficients io and β
[10]. In addition, other factors come into play which have a direct influence on the effective
density of the film and therefore modify the thickness-to-voltage ratio. However, in the
current density range considered here, assuming a constant AR value independent of i should
provide a reasonable approximation.
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Figure 3.6: Slope of the V -t curves presented on Fig.3.5 in the range of 6 to
15V, plotted as a function of the current density.

served. As a criterion for identifying the V -fluctuations, we have considered a
local decrease of the cell voltage between two consecutive data points as indica-
tive for a fluctuation. This appeared to be an adequate criterion, excepted for
the sample anodised at 1.9 mA/cm2 for which the overall decreasing tendency
of the cell voltage between 80 and 160s is interfering. The first fluctuation is
observed at 21V for the sample anodised with the lowest current density, then
the second is observed at 36V after which fluctuations become more abundant.
For the 1.9 mA/cm2 and 2.9 mA/cm2 samples, fluctuations are regularly ob-
served from, respectively, 31V and 56V on. Oscillations on the 4.1 mA/cm2

sample start at 59V and are more abundant from 64V on. Hence, the first volt-
age fluctuations are observed to take place at a lower V when the anodisation
is carried out at a lower current density.

As to the stress·thickness evolution, the low- and high-efficiency stages cor-
respond to two distinct stages as well. This is illustrated on Fig.3.7 showing on
the same graph the time-evolution of the cell voltage and of the stress·thickness
product for the sample anodised at 2.9 mA/cm2. The first (low-efficiency) stage
is observed to correspond to the development of compressive stresses while the
second (high-efficiency) stage is characterised by weakly tensile instantaneous
stresses. A compressive maximum is observed at the transition between both
stages. Comparing the stress·thickness vs. time traces for the 4 current den-
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Figure 3.7: Time-evolution of the stress·thickness product and of the cell volt-
age at the beginning of anodisation for the sample anodised at 2.9 mA/cm2.
Two distinct stages can be identified, characterised, respectively, by a low-
efficiency and large compressive stresses and by a high efficiency and weak
tensile stresses.

sities (see Fig.3.8 or the tabulated values in Table 3.1 and Table 3.2), it is
observed that the duration of the first stage increases with decreasing cur-
rent density and that the stress·thickness value at the compressive maximum
is more compressive for samples grown more slowly. As a general trend, the
average stress is less compressive at higher anodisation current densities. For
the sample anodised at 4.1 mA/cm2, the average stress is even tensile from 50s
on. From Fig.3.8, is can be observed as well that the stress·thickness evolu-
tion for the sample anodised with the lowest current density does not follow
exactly the same trend as the other three samples in the first stage. The
stress·thickness values measured at the compressive maximum as well as the
slope of the stress·thickness vs. time curves in the first stage are listed in Table
3.2. Plotting the stress·thickness data for the 4 samples with V as the indepen-
dent variable instead of time reveals three remarkable features, as illustrated
on Fig.3.9:

• the compressive maximum is observed to take place at a given value of the
cell voltage (6.0±0.7V) independent of the current density (see Fig.3.10)

• the slope of the curve in the second stage appears to be constant over the
whole voltage range from 8V to 50V

• the slope value in the second stage appears to be independent of the
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Figure 3.8: Time-evolution of the stress·thickness product accompanying the 4
anodisation experiments presented on Fig.3.5.
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Figure 3.9: Evolution of the stress·thickness product with the cell voltage ob-
tained from the combination of the data from Fig.3.5 and Fig.3.8.

current density.

The slope values of the stress·thickness vs. V curves, obtained by fitting the
data over the range of 8 to 50V (8 to 30V in the case of the sample anodised at
1.35mA/cm2), are listed in Table 3.3, together with the corresponding instan-
taneous stress values calculated using the AR value of 1.85 nm/V previously
extracted from the slope of the V -t curve. The 4 stress values are statistically
identical and their average value is equal to 198±5 MPa. This ‘raw’ stress
value must be corrected for the contribution from the consumption of the Ti
substrate, as discussed in section 2.3.3. As to the latter, the average stress in
the Ti layer for this particular Ti batch was measured to amount to 105 MPa
(tensile). Considering again a value of 3.1 g/cm3 for the density of the oxide
film, the corresponding Pilling-Bedworth ratio for the electrochemical oxidation
Ti into TiO2 is equal to 2.42. The equivalent instantaneous stress correspond-
ing to the Ti consumption then amounts to: 42 MPa. Hence, after correction,
the total stress experienced by the oxide film during the second growth stage
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Figure 3.10: Enlarged view of Fig.3.9 in the range of 0 to 10V, showing the
stress·thickness in the first stage and the transition to the second stage.

can be evaluated as 241±5 MPa. The corrected values have been added in
Table 3.3. The corrected stress values still encompass two contributions, the
reversible electrostriction stress and the irreversible intrinsic stress, as discussed
in chapter 1. The magnitude of the reversible stress has not been quantified
explicitly for this series of experiments but this will be the subject of chapter 4.
According to experimental measurements from the literature, the compressive
contribution from electrostriction is expected to be on the order of -200 MPa
[199]. Based on this value, the magnitude of the tensile intrinsic growth stress
in the film is estimated to lay around 440 MPa. It should be noted that the
deviation of the stress·thickness vs thickness curve observed around 30V for the
sample anodised at 2.9 mA/cm2 is likely to be an artefact associated with the
local V -maximum of the V -t curve.

Discussion:

The discussion will focus on the observations in relation to the second ten-
sile stage. The origin of the first compressive stage is likely to reside in some
unidentified side-reaction, possibly related to impurities present in the Ti sub-
strate. From the observations described above, we can conclude that, from 6V
on, the oxide film grows with a high-efficiency and a constant tensile instanta-
neous stress of 241±5 MPa. The tensile sign of our measured stress agrees with
the observations reported by Archibald [13], Sahu et al. [199] and Nelson et al.
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Current density (σ · hf )max

(
d (sigma·hf )

dt

)
I

mA/cm2 [GPa·nm] [GPa·nm·s−1]
0.53 -46.4 -0.54
1.87 -34.5 -1.95
2.85 -23.8 -2.4
4.06 -13.5 -2.04

Table 3.2: Magnitude of the stress·thickness product measured at the compres-
sive maximum and of the slope of the stress·thickness vs. time curve in the
first stage.

Current density
(

dσ·hf

dV

)
II

σII uncorrected σII corrected

mA/cm2 [GPa·nm·V−1] [MPa] [MPa]
0.53 0.369 199 241
1.87 0.356 203 245
2.85 0.350 189 231
4.06 0.370 200 242

average 0.361 198±5 240±5

Table 3.3: Magnitude of the slope of the stress·thickness vs. V curve in the
high-efficiency stage and corresponding stress values, respectively before and
after subtracting for the contribution of the metal consumption.
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[164], which all correspond to galvanostatic or potentiodynamic growth. Quan-
titatively speaking, our stress value is in reasonable agreement with the 150
MPa reported by Archibald for anodisation in fluoride-free electrolytes. This
is the only stress value available for comparison as the other two references by
Sahu and Nelson do not report stress values.

The instantaneous stress developing in our TiO2 film was observed to be re-
markably independent of the current density over the range investigated (0.5 to
4 mA/cm2). To the best of our knowledge, the influence of the current density
on the instantaneous stress has never been reported before in the case of an-
odic TiO2 and this study appears to be the first one dealing with that question.
Such studies have been reported on Al2O3, studied by Bradhurst and Leach
[31], and ZrO2, studied by Archibald [12]. In both cases, a dependence of the
stress on the current density was observed in some current density ranges, as
illustrated on Fig.1.40 and Fig.1.41. These studies, however, have been carried
out over a wider range of current densities (more than two orders of magnitude
in the case of ZrO2 and one order of magnitude in the case of Al2O3). For
both metal oxides, the stress is indeed observed to be rather insensitive to the
current density in some current density ranges, respectively at high current
density in the case of Al2O3 and low current density on ZrO2.

The onset of the voltage fluctuations, illustrated on Fig.3.5b does not seem
to be correlated to the stress·thickness evolution. Indeed, for the lowest two
current densities, abundant fluctuations are already observed in the range of 8
to 50V over which the instantaneous stress remains constant. In contrast, for
the largest two current densities, the fluctuations are observed only beyond that
V -range. This seems to discard any influence of the fluctuations on the overall
observed stress evolution. And conversely, the voltage fluctuations do not seem
to have a mechanical origin as the average stress values are very different for
the four samples when the first V -fluctuation is observed. For the lowest two
current densities, no noticeable features are visible on the stress·thickness vs V
trace at V -values corresponding to the fluctuations. This might indicate that
the fluctuations are associated with very local phenomena (isolated breakdown
sparks, for instance) which do not significantly affect the macroscopic behav-
iour of the sample. In contrast, for the two samples anodised at 2.9 and 4.1
mA/cm2, when the cell voltage increases over 50V, a very clear increase of the
noise on the curvature signal is observed on Fig.3.8, which could indeed be
indicative for the voltage fluctuations regime.

It is worth noting that the cell voltage was observed to keep a constant slope
corresponding to 100% efficiency over a limited range of V . After that, the slope
of the curve progressively decreases, indicating a decrease of the growth effi-
ciency. In contrast, the slope of the stress·thickness vs. V curves was observed
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to keep a constant value over a much wider V -range extending over 50V. Hence,
the oxide film continues growing with the same, constant, instantaneous stress
even when the growth efficiency starts decreasing. This indicates that the stress
is not directly correlated with the growth efficiency and that, in contrast to the
first stage, the side-reaction(s) responsible for the decrease of the efficiency do
not affect noticeably the stress evolution.

According to the model proposed by Nelson and Oriani [164] introduced
in section 1.3.1, the sign of the stress can be interpreted in the following way:
the overall curvature of the sample is mainly influenced by the strain at the
metal/film interface, the latter being determined by the respective values of the
Pilling-Bedworth ratio and the transport numbers. Indeed, let us consider a
metal electrode anodised with a current density i. A number of moles of metal
nm will be ionised per unit time at the metal/film interface, leading to the
formation of a number of moles nox of oxide. A fraction of the oxide film will
be formed at the metal/film interface while the remaining fraction (equal to tc)
is formed at the film/electrolyte interface. The corresponding volume of metal
consumed and the total volume of oxide formed are given by, respectively, vm

and vox. Hence, the strain um/f at the metal/film interface will be given by:

um/f =
tavox − vm

vm
= taPBR− 1 (3.3)

Considering Eq.3.3, compressive or tensile stresses are predicted depending on
whether ta is larger or smaller than the critical value 1/PBR. According to this
model, the tensile sign of our measured stress value would require an anionic
transport number smaller than 0.41, assuming that the film is amorphous with
a density of 3.1 g/cm3. Experimental values for ta can be found in the work of
Khalil et al. [110] or Habazaki et al. [74]. The former authors report a value
of ta of 0.65 for anodisation at 6 mA/cm2, which decreases down to 0.61 when
the current density is increased to 50 mA/cm2. Habazaki et al. have measured
a value of 0.61 as well for ta for anodisation of sputter-deposited Ti films at
5 mA/cm2. The good agreement between those values, measured at different
current densities and on films grown on different Ti substrates, suggests that
the value of ta is not too sensitive to the experimental conditions. These are,
however, average values measured on films with thicknesses over 40 nm, which
do not provide information as to whether the transport numbers varies in the
course of the growth or remains essentially constant. It should be noted that
those values are far from the critical toa. Hence, assuming that the ta values
in our case are similar to those measured by Khalil and Habazaki, compres-
sive stresses would be expected, based on the criterion proposed by Nelson and
Oriani. The critical threshold toa becomes closer than the literature ta values
if a larger density is assumed for the oxide film. However, to predict tensile
stresses in the film, a density larger than that of crystalline rutile (ρ = 4.23
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g/cm3) would have to be assumed. This suggests that the criterion proposed by
Nelson and Oriani is not sufficient to account for the observed stress behaviour
in our case. According to the model of Moon and Pyun [159], derived from that
of Nelson and Oriani, in order to predict the sign of the stress, not only the
proportion of the oxide film formed at the metal/film interface must be taken
into account but also the amount of defects (oxygen and metal vacancies) in the
film. Within the framework of their model, our tensile stress would be due to
the formation of an oxide layer with a large proportion of vacancies adjacent to
the metal/film interface. Their model does however not allow for quantitative
predictions. As to our observed independence of the instantaneous stress on
the current density, it suggests that i has a limited influence on ta and on the
defect concentration. It should be noted that, according to Moon and Pyun,
the stressed region in anodic oxide films corresponds to 1 to 3 atomic layers
only, hence representing a layer of sub-nm thickness. This hypothesis seems to
be quantitatively incompatible with our measured stress values. Indeed, as ob-
served on Fig.3.9, stress·thickness values of the order of several tens of GPa.nm
are typically observed. While these values already appear to be quite large if
the whole thickness of the film is stressed, they become completely unrealistic
if they correspond to a layer of sub-nm thickness.

Conclusion

Under galvanostatic conditions, stages where the growth efficiency was close to
100% have been observed to correspond to the development of a constant tensile
instantaneous stress. While the tensile sign is in agreement with previously
reported trends, it cannot be accounted for by the criterion proposed by Nelson
and Oriani. This suggests that either this criterion is not sufficient or that the
anionic transport numbers in our case differ significantly from the literature
values. The magnitude of the tensile growth stress was observed to amount to
241 MPa, which is likely to correspond to an intrinsic growth stress of about
440 MPa, assuming a reversible 200 MPa electrostriction stress. The stress
value was observed to be independent of the current density in the range of
0.5 to 4.1 mA/cm2. The stress evolution does not seem to be correlated with
the appearance of V -fluctuations, which suggest that the latter do not have
a mechanical origin. For the largest two current densities, the V -fluctuations
regime is clearly identifiable from the stress evolution as a significant increase of
the noise on the curvature signal. When the growth efficiency falls below 100%,
different behaviours have been observed on Fig.3.9 as compared to Fig.3.4.
For the series of experiments presented on Fig.3.9, the decrease of the growth
efficiency was not observed to perturb the tensile stress evolution while, in
the case of the series of experiments presented on Fig.3.4, the efficiency drop
leading to a V -plateau was observed to be accompanied by a transition from
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tensile to compressive stress evolution. Such transitions are discussed further
in the next section.

3.3 Growth stress transitions

This section focuses on growth stress transitions. Two types of characteristic
transitions are frequently observed under galvanostatic conditions. The first
type corresponds to a decrease of the growth efficiency, corresponding for in-
stance to the onset of the oxygen evolution reaction, and typically reveals itself
as a transition from tensile to compressive instantaneous stress evolution. A
typical example of such transition can be found in the experiment presented on
Fig.3.4. The second type of transition is typically observed at the end of a low-
efficiency stage and is accompanied by a compressive maximum. An example
of this second type of transition was shown on Fig.3.9. In a first subsection,
experimental observations on growth stress transitions are presented. The de-
scribed experiment was selected as a representative example owing to the fact
that the two types of transitions are observed successively. In complement to
the stress measurements, TEM analysis has been carried out in order to pro-
vide insight into the microstructural evolutions accompanying the growth. In
the second subsection, growth stress transitions associated with potentiostatic
aging are discussed. Finally, a common discussion of growth stress transitions
is provided in the third subsection.

3.3.1 Transitions observed under galvanostatic growth con-
ditions

Experimental

This series of experiments has been carried out on samples from the PTi batch,
prepared as described in section 2.3.1. The samples have been anodised at 4.0
mA/cm2 in 1.0 M H2SO4. The experimental cell has been described in chapter
2.
Cross-sectional TEM Samples have been prepared by ion-milling. The samples
were investigated in a Philips CM30 FEG-TEM operated at 300keV and pro-
vided with a post-column GIF200 system for energy-loss spectroscopy. This was
done at the Laboratory of Electron Microscopy for Materials Science (EMAT)
from the University of Antwerp, with the help of Prof. Nick Schrijvers and Dr.
He Tian.

Results on the stress evolution

Two types of experiments have been carried out. The first one consisted of
a series of 6 continuous galvanostatic anodising experiments carried out under
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Figure 3.11: Evolution of the cell voltage and of the anode curvature during
galvanostatic anodising of Ti thin film electrodes from the PTi batch in 1.0 M
H2SO4 at 4 mA/cm2, showing three correlated characteristic stages.

the same conditions, up to different forming voltages (5, 9, 12, 15, 25 and 40V).
During each of these experiments, the evolution of the curvature of the anode
was monitored continuously. For the second type of experiment, one sample
was anodised to a final voltage of 40V under the same conditions as for the six
continuous experiments, but the anodisation was interrupted repeatedly. The
anodisation was first interrupted when the cell voltage reached 5V, after which
it was left at open circuit for 80 seconds. The current was then re-applied to
proceed further in the growth process. A second interruption of 80s was then
carried out at 9V, then 12V, 15V and 25V. The evolution of the anode curva-
ture was monitored continuously during galvanostatic film formation, as well
as during the interruptions at open-circuit. This second type of experiment
aimed at assessing the influence of interrupting the anodisation on the growth
of the oxide film and therefore providing insight into the reversibility of the
growth instabilities. Results from the two types of experiments are presented
separately below.

A. Continuous experiments
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A typical result obtained during continuous galvanostatic anodisation is pre-
sented in Fig.3.11. Superimposed on the same time scale is the evolution of
both the cell voltage and the curvature signal. Three distinct stages can be
observed in the evolution of the cell voltage: a first (short) stage characterised
by a large growth efficiency followed by a low-efficiency plateau, then finally
a return to high-efficiency conditions. Therefore, two transitions are observed
between, respectively, the first and second and the second and third stages.
Remarkably, these three stages correspond to three characteristic stages of the
curvature evolution as well. Each stage will be described more extensively in
the following paragraphs. It should be noted that the V -t curve corresponding
to this experiment is completely different from the one presented on Fig.3.5 for
the anodisation at 4 mA/cm2. This is primarily attributable to the different
Ti substrates used for the two experiments but also to the fact that a different
electrolyte was used (1.0 M H2SO4 instead of 0.1 M H3PO4). However, as
discussed previously, for a given set of experimental conditions and a given Ti
batch, the V -t behaviour is observed to be highly reproducible.

First stage:
Figure 3.12a shows the evolution during the first 25 seconds of anodising of both
the cell voltage and the stress·thickness product, the latter being obtained from
the curvature evolution according to the Stoney equation. After an initial surge
to 1.46V, attributable to the presence of a native oxide layer on the electrode
surface [74], the slope of the V -t curve rapidly reaches a constant steady-state
value. The cell voltage then increases at that constant rate up to a given value
(VII) around 4V. After VII , the rate of increase of the cell voltage slows down
significantly. Therefore, we have considered VII as the end of the first stage.
This behaviour was reproducibly observed for all 6 samples. The slope values
for the V -t curve in the linear portion, as measured for each of the six exper-
iments, are listed in Table 3.4. An average value of 170±40 mV/s was obtained.

As to the stress·thickness evolution, a rapid increase in the compressive di-
rection is observed at the very beginning of anodisation, corresponding to the
initial V -surge. At that point, the stress·thickness product has reached a value
of 4.0±0.5 GPa·nm. In the region corresponding to the constant dV /dt, the
stress·thickness product evolves in the compressive direction at a much reduced
rate. The slope of the stress·thickness vs. V curve in this region is observed
to vary significantly from one sample to the other, being in the range of -0.32
GPa·nm/V to -1.34 GPa·nm/V.

Second stage:
As illustrated on Fig.3.12b, the slope of the V -t curve in the second stage
first decreases progressively, then reaches a constant steady-state value equal
to 18±1 mV/s around 8V, after which the growth proceeds with that rate up
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Figure 3.12: Typical evolution of the cell voltage and of the stress·thickness
product during (a) the first growth stage, (b) the first and second stage and
(c) the transition between the second and third stage, with the associated
compressive maximum.
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to 10V. The steady-state values measured for dV /dt during the second stage
for each experiment are included in Table 3.4 as well. The latter can be related
to the anodising growth efficiency (η) according to Eq.3.2. Provided that AR
does not change from stage I to stage II, the ratio between the dV /dt values
of stages I and II provides an estimation of the ratio of the growth efficien-
cies. As calculated from Table 3.4, an average efficiency ratio of 11±2% is thus
obtained. This marked decrease of the growth efficiency is well-known to be
attributable to a major fraction of the total current in the second stage being
consumed in side-reactions, the main one being oxygen evolution [49]. If the
efficiency is assumed to be close to 100% in the first stage, as usually observed
before the onset of the oxygen evolution reaction [57], the growth efficiency in
the second stage is around 11%, which is in agreement with literature values
[49].

From the point of view of the stress·thickness product, the second stage
is observed to correspond to the development of large compressive stresses.
The evolution of the stress·thickness product as a function of V for the six
experiments has already been presented on Fig.3.2, showing a fairly good re-
producibility of the stress evolution. The corresponding constant instantaneous
stress values for the 6 experiments can then be quantified from the slope of the
stress·thickness vs. V curves, given in Table 3.5, and the anodising ratio. As
to the latter, the AR value for the samples investigated in this study could
not be determined satisfactorily, as will be discussed later on in this chapter.
Therefore, all the thickness values in this section have been calculated based on
the assumption of a constant AR equal to 2.7 nm/V. The latter value had been
measured during a previous study on samples grown in the same electrolyte but
under potentiodynamic conditions. Despite the fact that the growth modes are
different, we expect this assumption to be reasonable, owing to the fact that
the imposed growth rate of the potentiodynamic study (100 mV/s) was com-
parable to the one observed in this study. For this value of AR, the constant
instantaneous stress values for the second stage are summarized in Table 3.5.

Third stage:
When anodisation is pursued over 10V, at some point, the cell voltage starts to
increase more rapidly again (cf. Fig.3.11). The dV /dt values measured for this
third stage are equal to, respectively, 133.2±0.2 mV/s and 233.5±0.3 mV/s for
the samples anodized to 25V and 40V. As seen in Table 3.4, these values are
close to the ones measured for the first stage, which suggests that the growth
efficiency returns to its initial high value in this third stage.

Remarkably, this dV /dt transition is observed to correspond to a change
from compressive to tensile instantaneous stress. As seen in more detail on
Fig.3.2, the compressive maximum is observed to take place in each case at a
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(dV /dt)I (dV /dt)II ηI/ηII (dV /dt)III

[mV/s] [mV/s] [%] [mV/s]
5V 222.8±0.5 - - -
9V 174.6±0.4 17.27±0.01 9.9 -
12V 132.1±1.0 18.30±0.01 13.9 -
15V 172.4±0.3 16.85±0.01 9.8 -
25V 132.0±1.0 15.89±0.01 12.0 133.2±0.2
40V 195.4±0.4 19.97±0.02 10.2 233.5±0.3

average 172±36 18±2 11.2 -
interrupted 238.7±0.7 23.78±0.02 10.0 290.0±0.2

Table 3.4: Measured dV /dt values for the 3 growth stages. The ratio of the
growth efficiency in the second stage (ηII) to that in the first stage (ηI), cal-
culated as the ratio of the dV /dt slopes, has been included as well.

given value of the cell voltage, equal to 13.4±0.5V. The stress·thickness transi-
tion is also observed to be spread over a relatively long time-period: as seen in
Fig.3.12c, it takes approximately one minute for the stress·thickness product
to evolve from a constant compressive slope to a constant tensile slope. This
observation suggests that the phenomenon underlying this transition is a pro-
gressive transition and not a sudden one. After the compressive maximum, the
tensile slope of the stress·thickness vs. V curve decreases steadily with increas-
ing V (cfr. Fig.3.2), from 1400 MPa directly after the compressive maximum
to 480 MPa near 40V. The measured stress·thickness values at the compressive
maximum are, respectively -62.4 GPa·nm, -48.3 GPa·nm and -59.3 GPa·nm for
the samples anodised to 15, 25 and 40V.

B. Interrupted experiment
The time-evolution of the curvature and of the cell voltage for the interrupted
experiment is presented on Fig.3.13 The curvature signal exhibits a series of
discontinuities, corresponding to the successive current interruptions and re-
applications. It can be observed that, after each interruption, the cell voltage
does not immediately recover to its value prior to the interruption, but rather
starts from a value around 4V only. A similar observation has been reported
by Archibald [13] and by Di Quarto et al. [51]. According to the latter, this
might indicate that electrolyte has been penetrating inside the oxide film. From
4V on, the cell voltage increases progressively at a rate which decreases with
increasing number of interruptions. For instance, after the interruption at 25V,
it takes about 200s before the cell voltage reaches 25V again. The cell voltage
values measured when the current is re-applied, directly after each interrup-
tion, are summarized in Table 3.6. Based on Fig.3.13, we have also provided
the “reconstructed” κ-t and V -t curves in Fig.3.15. The latter have been ob-
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Figure 3.13: Time-evolution of the cell voltage and of the anode curvature
during the interrupted anodisation experiment carried out in 1.0 M H2SO4 at
4.0 mA/cm2. The shaded regions correspond to the open-circuit interruptions.

Constant slope of the
stress·thickness vs. V (σox )II

curve in stage II
[GPa·nm/V] [GPa]

5V - -
9V -12.00±0.07 -4.4 ± 0.4
12V -11.05±0.05 -4.1± 0.4
15V -12.22±0.02 -4.5 ± 0.5
25V -8.80±0.06 -3.3 ± 0.3
40V -12.24±0.02 -4.7 ± 0.5

interrupted -9.07±0.01 -3.4 ± 0.3

Table 3.5: The first two columns give, respectively, the constant slope values
measured in the second stage for the stress·thickness vs. V curves presented on
Fig.3.2, and the corresponding constant instantaneous stress values (σox)II .
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interruption 5V 9V 12V 15V 25V 40V
Cell voltage directly
after re-application 4.2 4.1 4.2 4.3 4.4 -
of the current [V]

Table 3.6: Cell voltage values measured during the interrupted experiment
directly after re-application of the current.

tained by first removing the curvature and V -data corresponding to the time
intervals when the anodisation was interrupted (shaded zones in Fig.3.13), and
then by removing the curvature and V -data recorded after re-application of
the current and corresponding to the time interval when the cell voltage had
not yet recovered to its value measured just before the interruption. In that
way, a continuously increasing V -curve was obtained. The reconstructed V -t
and κ-t curves are observed to be qualitatively identical to the one measured
for the continuous experiments. In particular, the three distinct stages of both
the cell voltage and the curvature evolution already identified for the contin-
uous experiment are again observed. This is believed to be evidence that the
repeated interruptions of the anodizing process do not significantly affect the
growth of the oxide film. In other words, conclusions drawn for the interrupted
experiment can be safely extended to the continuous growth process as well.

Similarly as for the continuous experiments, the steady-state dV /dt values
corresponding to the three stages of the interrupted experiment have been mea-
sured from the reconstructed V -t data and added for comparison in the last
row of Table 3.4. The constant instantaneous stress value measured for the
second stage was added to Table 3.5 as well. All these values are comparable
to those measured for the continuous experiments. In the following paragraphs,
some additional observations during the interrupted experiment are described
in more details.

First stage:
Figure 3.14a shows the evolution of the cell voltage and of the stress·thickness
product during the first 25s of the anodisation. The behaviour is observed to be
similar to the one for the continuous experiments, shown in Fig.3.12a, with also
a similar value obtained for VII (-4.07V). By comparing the curvature values
measured respectively under conditions of applied field and under open-circuit
conditions right after the interruption at 5V, it can be concluded that the av-
erage internal stress in the film at 5V is equal to -290±50 MPa, which arises
from the combination of a reversible, field-induced, compressive electrostriction
stress equal to -370±50 MPa and an irreversible, growth-induced, tensile stress
equal to 79±20 MPa. Interestingly, this VII value is also equal to the average
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Figure 3.14: Evolution of the cell voltage and of the stress·thickness product
corresponding to (a) the first growth stage and (b) and (c) the two successive
compressive maxima during the interrupted experiment.
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Figure 3.15: Reconstructed evolution of the cell voltage and of the anode cur-
vature for the interrupted experiment, constructed from Fig.3.13.



182 CHAPTER 3. GROWTH STRESS EVOLUTION IN ANODIC TIO2.

value of the voltage directly after each interruption (cfr. Table 3.6), which is
equal to 4.2±0.2V.

Second and third stages:
The most important observation regarding the interrupted experiment is that
the compressive maximum and the corresponding transition from compressive
to tensile instantaneous stress were observed twice during the interrupted ex-
periment. Indeed, as seen in Fig.3.13, after re-applying the current after the
interruption at 15V, the curvature signal changes for the first time from a com-
pressive to a tensile evolution, while the cell voltage increases up to 25V. Then,
when the current is re-applied after the interruption at 25V, the cell voltage
starts to increase again from 4.4V on, and the curvature first starts evolving
in the compressive direction again. As the cell voltage increases, the curva-
ture signal passes through a second compressive maximum. The presence of
two consecutive compressive maxima indicates that the growth instability re-
sponsible for the compressive maximum should be a reversible one. In both
cases, the compressive maximum takes place when the cell voltage reaches
15.0V, as illustrated on Figures 3.14b and 3.14c, but this value is different from
the one measured in the case of the continuous experiments (13.4±0.5V). The
stress·thickness values at the compressive maximum are, respectively, -48.0 and
-49.5 GPa·nm for the first and second maximum. This is comparable to the
value measured for the continuous experiment carried out to 25V, but about
20% lower than the value measured for the other continuous experiments. It
can be noted that the constant instantaneous stress value measured in the sec-
ond stage for the interrupted experiment is also similar to the one measured
for the continuous experiment carried out to 25V (cfr. Table 3.5). Finally, the
tensile instantaneous growth stress in the third stage has been assessed from
the slope of the reconstructed stress·thickness curve plotted as a function of
V (Fig.3.16). Similarly as for the continuous experiments, the stress decreases
progressively as V increases, from a value of about 1300 MPa directly after the
compressive maximum to 430 MPa at 40V. These values are similar to the ones
obtained for the continuous experiments.

Results from the TEM investigation

Two samples have been investigated by TEM. The first one is the sample an-
odised to 15V, for which anodisation was interrupted at the compressive max-
imum, and the second one has been anodised up to 40V, hence beyond the
compressive maximum. Fig.3.17 shows a bright-field cross-sectional TEM im-
age of the 15V sample. From this picture, a thickness of 26±5 nm has been
measured. As can be observed, the surface of the sputtered Ti thin film is very
rough, resulting in a roughness of oxide film of the the same order of magnitude



3.3. GROWTH STRESS TRANSITIONS 183

Figure 3.16: Reconstructed evolution of the stress·thickness product with cell
voltage for the interrupted experiment compared to the one observed for the
continuous experiment carried out up to 25V.

as the film thickness, which renders observation more complicated. From EELS
measurements, it was confirmed that the oxide film is essentially composed of
TiO2. Indeed, TiO2 can be identified clearly in ELNES by the typical splitting
of the L2 and L3 edges of Ti, as shown on Fig.3.18. A high-resolution image of
the film is shown on Fig.3.19. Small crystallites are observed, having an average
diameter of about 10 nm, and dispersed in an amorphous matrix. The lattice
fringes are separated by 0.35 nm, which is characteristic for anatase. The latter
observation has been confirmed based on the diffraction pattern presented on
Fig.3.20. The latter has been recorded on a region of the sample including both
the Ti substrate and the TiO2 film and presents diffraction rings characteristic
for anatase (mainly the inner ring of diameter 0.57 Å−1) and for hexagonal
Ti (rings at 78, 89 and 160 Å−1). Crystallites are observed over the whole
thickness of the film. The metal/film interface was carefully inspected and no
evidence of mechanical failure could be detected, neither in the form of a de-
lamination nor of cracks. As discussed in section 1.2.1, Matykina et al. [154]
have demonstrated that intensive oxygen evolution can take place inside anodic
TiO2 films. In addition, Habazaki et al. [76] report TEM evidence that such
internal oxygen evolution results in the formation of gas bubbles embedded
in the film. In our case, we haven’t observed any conclusive evidence for the
presence of gas bubbles inside the oxide film.
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Figure 3.17: Bright-field cross-sectional image of a sample from the PTi batch
anodised to 15V in 1.0 M H2SO4 with a current density of 4.0 mA/cm2.
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Figure 3.18: EELS spectra recorded for, respectively, the Ti substrate and the
TiO2 layer.

Figure 3.19: High-resolution TEM image of the sample anodised to 15V pre-
sented on Fig.3.17, showing characteristic lattice fringes corresponding to the
[101] planes of anatase.
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Figure 3.20: Diffraction pattern and corresponding distribution of the diffracted
intensity recorded on a region encompassing both the Ti substrate and the oxide
film. Rings characteristic for hexagonal Ti and for anatase are identified. This
observation is more clearly illustrated on the intensity curve.
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Figure 3.21: Bright-field TEM image of a sample from the PTi batch anodised
to 40V in 1.0 M H2SO4 at 4.0 mA/cm2.

Fig.3.21 shows a zero-loss cross-sectional TEM image of the second sample
anodised to 40V. The film has a thickness of about 105±15 nm, hence corre-
sponding to an anodising ratio of 2.6±0.4 nm/V. The average roughness of the
surface is reduced as compared to the previous sample. This second sample
exhibits a microstructure rather different from the one anodised to 15V. In
particular, it appears to be composed of two distinct superimposed layers, one
polycrystalline layer adjacent to the metal/oxide interface and an outer amor-
phous layer, similar to that observed on the 15V sample. The thickness ratio
of the outer to the inner layers is equal to 42/58. EELS elemental mapping
reveals that the two layers present a different composition, with the outer layer
containing more oxygen as compared to the inner one (see Fig.3.22). This ob-
servation agrees with results reported by Serruys et al. based on RBS analysis
and could be due to the outer layer being hydrated. Similar to the 15V sample,
no evidence of any mechanical failure or of the presence of gas bubbles could
be detected.
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Figure 3.22: The TEM image on top reveals that the anodic oxide film anodised
to 40V exhibits a characteristic 2-layer microstructure with a polycrystaline
inner layer and an amorphous outer one. The EELS elemental mapping on the
bottom shows that the two layers have a different composition, the outer layer
being enriched in oxygen.
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Discussion

In this section, the following observations have been made. In the first stage,
prior to the first transition, analysis of the curvature data, both during the
growth and at open-circuit, revealed that the reversible compressive stress ap-
pears to be as large as 4.6 times the tensile irreversible stress. These results
confirm the already reported conclusion that electrostriction stresses can be
rather large in anodic TiO2 films [205]. In fact, neglecting their contribution
can lead to a significant error in the quantification of the intrinsic, growth-
induced stress component, and even to an erroneous prediction of its sign.
Indeed, in the first stage, while the overall stress in the film is compressive,
the intrinsic growth stress is in tension. This tensile sign is in agreement with
expectations according to section 3.2.

Two types of growth stress transitions have been illustrated. The first one,
observed in relation to the onset of the OER, is characterised by a marked
decrease of the growth efficiency and by the development of large compressive
instantaneous stresses. The second transition manifested itself as a return to
high-efficiency growth and was accompanied by a transition from compressive
to tensile instantaneous stress. From the interrupted experiment, it was ob-
served that this second transition is reversible.

TEM investigations revealed that the film anodised up to 15V is composed
of anatase crystallites in an amorphous TiO2 matrix while, at 40V, the film
appears to be composed of an inner microcrystalline layer and an outer amor-
phous layer enriched in oxygen. No evidence of cracks, delamination or cavities
suggesting the presence of embedded gas bubbles could be observed.

The origin of the growth stress transitions will be discussed in subsection
3.3.3, after comparison with the stress evolution observed upon potentiostatic
aging of a galvanostatically grown film.

3.3.2 Transitions observed upon potentiostatic aging

The first part of this experiment aimed at investigating the influence of per-
forming a potentiostatic aging on the stress evolution in the film. Indeed, as
mentioned in section 1.2.2, Ohtsuka et al. [172], Marsh et al. [146] and da
Fonseca et al. [43] have provided direct evidence that, when submitted to a
potentiostatic aging, anodic TiO2 films undergo a ‘reordering’. According to
Ohtsuka, this reordering is accompanied by a decrease of the thickness of the
oxide film, hence reflecting a densification. In order to investigate the influ-
ence of such a reordering on the stresses in the film, we have performed a
supplementary experiment, shown on Fig.3.23, in which a TiO2 film was grown
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Figure 3.23: Time-evolution of the curvature and cell voltage for a galvanostatic
anodisation experiment carried out in 1.0 M H2SO4 at 4.0 mA/cm2, followed
by a potentiostatic aging at the final voltage. This experiment has been carried
out on samples from the FTi batch, as opposed to the galvanostatic experiments
reported on section 3.3.1.

galvanostatically up to 12V, then aged potentiostatically at the final voltage.
This experiment was carried out on Ti anodes from the FTi batch, in 1.0 M
H2SO4 with a current density of 4 mA/cm2. It is observed that, while during
the galvanostatic growth the ‘net’ curvature evolution2 in the film is almost
zero, as soon as the potentiostatic regime is attained, a compressive curvature
evolution is observed. This is believed to be evidence that the reordering ac-
companying potentiostatic aging is to be expected to lead to the development
of compressive stresses. After 120s, the curvature saturates around a value of
2 km−1. This corresponds to a compressive stress of -360 MPa if we consider
an anodising ratio of 2 nm/V.

As a second step, the curvature evolution observed under potentiostatic ag-
ing was compared to the curvature evolution when the film is submitted to an
‘uncontrolled’ potentiostatic hold, i.e. in conditions when a drop of the growth
efficiency is observed to occur ‘naturally’ and the anodisation is characterised

2comprising the contributions from electrostriction and metal consumption
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Figure 3.24: Comparison of a) the V -t evolution and b) the curvature evolution
for the two experiments carried out, respectively, with and without switching
to potentiostatic control at 12V.
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Figure 3.25: Time-evolution of the curvature and cell voltage for a galvanostatic
anodisation experiment carried out in 1.0 M H2SO4 at 4.0 mA/cm2 in which a
V -plateau is observed at 13V.
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by a voltage plateau. A Ti sample identical to the one used for the previous ex-
periment has been anodised galvanostatically under the same conditions, but
without switching to potentiostatic control at 12V. The cell voltage rose up
to 13V, then saturated around that value, as shown on Fig.3.24a. It can be
observed that the anodisation V -t curves for the two samples are identical up
to 12V. The stress curvature for the experiment without potentiostatic control
is shown on Fig.3.25. Note the large curvature discontinuity observed at the
end of the experiment (70s) and corresponding to the relaxation of the elec-
trostriction stress in the film. Remarkably, the curvature evolution in this case
is almost identical to the one observed on Fig.3.23, as illustrated on Fig.3.24b.
This suggests that, in terms of the stress evolution, anodisation stages where
a low growth-efficiency are observed have an influence comparable to that of a
potentiostatic aging, possibly inducing densification of the film and a decrease
of the number of vacancies. In the framework of the high-field model, the fact
that potentiostatic holds favour a reordering can be understood as follows. Un-
der potentiostatic aging conditions, the cell current drops rapidly, and so does
the rate of cations injection at the metal/oxide interface. In contrast, the elec-
tric field in the film does not decrease significantly so that the ions might retain
a high mobility, hence allowing for local reorganisation of the atoms in the film.

3.3.3 Discussion of the origin of the growth stress transi-
tions

The discussion has been divided into two paragraphs, each one corresponding
to one of the growth stress transitions described previously. The first paragraph
is devoted to the transition from the first to the second stage, and to the inter-
pretation of the large compressive stresses observed in the second stage. The
second paragraph deals with the interpretation of the compressive maximum.

First transition: stresses and oxygen evolution:
As to this first observation, the origin of the electrochemical transition, i.e.
the decrease of the growth efficiency taking place at VII , is well-documented
and corresponds to the onset of the oxygen evolution reaction (OER). In con-
trast, the associated mechanical behaviour has never been reported so far and
is somewhat unexpected. Indeed the reason why the onset of the OER would
be associated with the development of large compressive stresses is not straight-
forward. Three possible situations have been envisioned:

• the compressive stresses could directly arise from the oxygen evolution
reaction

• the compressive stresses could arise from a change in the atomistic details
of oxide growth resulting from the decreased growth efficiency
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• both the compressive stresses and the onset of the OER may have another
common origin.

Three possible scenarios, corresponding to those three situations have been
investigated and are presented and discussed below, starting from the third
possibility.

Experimental evidence can be found in the literature that the onset of the
OER is associated with the crystallisation of the film [133, 76]. Crystallisation
could then act as the triggering phenomenon, responsible for both the change
in the electronic conductivity of the film and the transition in the stress evolu-
tion. If it is the case, the crystallisation of the oxide film appears to take place
at a rather low voltage in our case, which is consistent with observations by
Yahalom [261] and Shibata [214] but contradicts with results from Habazaki et
al. [76] or Arsov [16]. One possible explanation for this observation is that our
Ti films present a marked (0001) texture. The fact that oxygen evolution takes
place in our case at voltages as low as 4V is therefore also in agreement with
the observations reported by Kudelka [124] on the influence of the microtexture
of Ti substrates on the onset of the oxygen evolution reaction. In the case of
the experiment presented on Fig.3.4, the onset of the oxygen evolution reaction
is observed to take place at a voltage which depends on the growth rate and
which is in fair agreement with literature. However, as evident from the TEM
investigation, the films at the end of the compressive stage do not yet contain a
continuous polycrystalline layer but consist of isolated crystallites in an amor-
phous matrix. In addition, as to the internal stress evolution, crystallisation
will result in a densification of the oxide film as a result of the transformation
of amorphous TiO2 into a denser anatase or rutile phase. Hence, crystallisation
would a priori be expected to induce tensile stresses in the film. This strongly
contradicts with our own observation that very large compressive stresses ac-
company the efficiency drop in the second stage. It seems therefore unlikely
that crystallisation would be the origin of the compressive stresses observed in
the second stage.

A second possibility would be that the compressive stresses directly result
from the oxygen evolution reaction. Indeed, as discussed in section 1.2.1, the
TEM analysis carried out by Habazaki et al. on partly crystallised TiO2 films
reveals the presence of small gas bubbles within the oxide film, surrounding
crystalline (anatase) nuclei [76]. This provides direct evidence that, at some
stage during the growth process, oxygen gas is evolving not only on the sur-
face of the oxide film but also within the film. This observation was recently
confirmed by Matykina et al. who demonstrated that more intensive gas evo-
lution takes place inside anodic TiO2 films grown on the [0002] Ti planes, as
it is the case for our films. We have indeed obtained direct SEM evidence of
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gas-induced blistering of TiO2 films grown to large thicknesses. However, such
behaviour was not observed on the samples from this study. The exact mech-
anism of oxygen evolution within the film remains so far an open question.
For instance, it is still unclear whether the formation of gas bubbles inside the
oxide film requires electrolyte penetration in the film through cracks or if it pro-
ceeds as a purely solid-state reaction, as suggested by Zhuravlyova et al. [265]
However, independent of the exact mechanism, such a process of gas evolution
within a thin film is expected to lead the development of large compressive
stresses [221, 265]. Our observed internal stress behaviour during the second
stage might thus result from the oxygen evolution reaction. In addition, the
observation that the growth efficiency recovers to its initial high value at the
beginning of the third stage suggests that for some reason oxygen evolution
ceases at that point. Since, at the same time, the instantaneous internal stress
becomes tensile, this is supplementary evidence in favour of attributing the
observed instantaneous compressive stress to the oxygen evolution reaction. In
order to provide experimental evidence supporting this scenario, we have ex-
amined cross-sections of the samples anodised to 15V and 40V by TEM, as
reported in section 3.3.1. No clear evidence of the presence of gas bubbles
could be identified. From our observations, the presence of bubbles with a di-
ameter larger than 20 nm, similar to the larger ones reported in the paper by
Habazaki et al. [76] can be definitely excluded. Smaller bubbles might however
be present in our films and not being clearly identifiable owing to their small
size. Indeed, small cavities in the film cannot be readily distinguished from
defects arising during the sample preparation procedure, inherent to the ion
milling step. Hence, although this scenario appears as a very reasonable one,
supported by evidence from the literature, no direct experimental confirmation
could be obtained.

A third scenario would be that the stress evolution arises from a change
in the atomistic details of the growth, resulting from the decreased growth
efficiency. Indeed, although the -4.07±0.59 GPa average stress measured in the
second stage appears to be very large, it is not necessarily unrealistic for the
growth of anodic oxide films. A compressive 4 GPa stress can be rationalised,
considering the typical values of ta and the PBR for the growth of anodic TiO2.
According to Gere and Timoschenko [66], the in-plane stress σ that would result
from a relative volume change ∆v/vo is given by:

∆v
vo

=
1− 2ν
Y

2σ (3.4)

Taking into account a value of 103 GPa for the Young’s modulus of the TiO2

film and 0.28 for its Poisson’s ratio [203], the relative volume change (∆v/vo)
that would correspond to an in-plane biaxial stress of -4.07 GPa is equal to
3.47%. As ∆v/vo is also equal to taPBR−1, according to the model of Nelson



196 CHAPTER 3. GROWTH STRESS EVOLUTION IN ANODIC TIO2.

and Oriani [164], considering a value of 0.61 for ta [77] the measured stress
value also corresponds to a PBR of 1.69, which is comparable to (and even
slightly smaller than) the expected value for transformation of Ti into rutile
TiO2 (PBR=1.78). This is only a first order calculation, involving a large un-
certainty on the values of the mechanical properties of the film. So, considering
the very reasonable value calculated for the PBR, we can not discard the pos-
sibility that the observed compressive stresses would result merely from the
transformation of Ti into dense Ti-oxide. As to the transition from tensile to
compressive stresses, it can be interpreted in the framework of the model of
Nelson and Oriani [164] as an increased contribution of the anionic transport
in the film. This hypothesis is difficult to ascertain, as changes in the transport
properties are difficult to investigate experimentally. Indeed, measurements of
transport numbers require marker studies which can hardly be performed on
very thin films. From a kinetic point of view, as the OER consumes oxygen
ions at the film surface, it would therefore be expected to be in competition
with the incorporation of oxygen ions in the oxide film. Hence, oxygen evo-
lution does not seem favourable to an increased anionic transport. According
to the model proposed by Moon and Pyun [159], the compressive stresses can
arise from a change in the vacancy concentration. This can be brought in rela-
tion to our potentiostatic aging experiment presented on Fig.3.23 and Fig.3.25,
which demonstrate that low-efficiency growth has a similar effect on the stress
evolution in the film as potentiostatic aging and leads to compressive stresses,
probably as a result of a reordering of the film leading to a decreased vacancy
concentration.

Second transition: the compressive maximum
Different scenarios have also been investigated to account for the compressive
maximum. Owing to the fact that this transition always appears as a relaxation
of a large compressive stress, it was envisioned at first that the compressive
maximum could be the result of some sort of mechanical failure, allowing for
relaxation of the internal stresses. The failure would take place for a given value
of oxide thickness, corresponding to a critical threshold of the elastic energy
stored in the film and manifest itself either as a delamination of the film from its
Ti substrate or as a cracking of the film surface. Evidence of cracking of TiO2

films, has indeed been provided by Di Quarto [51] or Shibata [214]. From our
own observations, crack nucleation could not be convincingly identified from
the curvature evolution pattern. Indeed, although some small perturbations
are systematically present on the curvature signal from some of the continuous
experiments (cfr. Fig.3.11 and Fig.3.2), they seem to be absent during the cur-
vature evolution for the interrupted experiments (cfr. Fig.3.13 and Fig.3.15).
The increase of the growth efficiency observed at the end of the second stage
seems to contradict as well with the hypothesis of a mechanical failure, since
rupture of the anodic film would be expected to lead to a sharp drop of the
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cell voltage as fresh Ti metal is brought into contact with the electrolyte. In
addition, the observation that the transition from compressive to tensile in-
stantaneous stress is spread over a time scale of about 1 minute, without any
visible discontinuity in the curvature evolution, suggests that the phenomenon
underlying this transition is not an instantaneous mechanical failure. Our third
observation, provided by the interrupted experiment, that the transition is re-
versible seems to contradict as well with the idea of a mechanical failure. It is
also incompatible with any scenario involving a direct dependence on thickness
or field as neither the thickness of the film nor the field (assumed to be equal
to V /hf ) have the same value at the two successive compressive maxima of the
interrupted experiment. Finally, no single evidence of mechanical failure could
be found upon TEM examination. Considering the whole set of our experimen-
tal observations, it seems unlikely that our compressive maximum results from
a mechanical failure.

The fact that the growth efficiency progressively increases and returns to a
value close to that measured in the first stage indicates that the oxygen evolu-
tion reaction ceases. Hence, if the stresses in the second stage directly result
from oxygen gas evolution within the film, the source of the compressive in-
ternal stress development disappears in the third stage. In this respect, it is
reassuring that the return to high efficiency growth is observed to be accompa-
nied by a marked transition from compressive to tensile instantaneous stress.
If, in contrast, the compressive stress in the second stage resulted from a den-
sification process, the transition to the third stage would be associated with a
return to the growth of a less-dense oxide.

The main open question relative to the compressive maximum is the origin
of the transition from the second to the third stage, i.e. why does the growth
efficiency increase again. During similar anodising experiments carried out on
bulk Ti, Delplancke et al. also observed an increase of the growth efficiency
after a (much longer) low efficiency plateau [48]. Bourdet et al. reported V -t
curves on sputtered Ti films very similar to our own ones as well, but they
do not provide any interpretation for the increase of the efficiency following
the plateau [30]. From our own experiments, the fact that the transition was
observed to be reversible seems to be in contradiction with the idea of a direct
dependence of the compressive maximum on thickness or field. Both the grad-
ual, progressive nature of the transition and its reversibility therefore rather
point to a kinetic effect. The fact that the oxygen evolution ceases could result
from a decrease in the number of charge carriers in the film, the film thus be-
coming more insulating. The latter explanation would be in good agreement
with the hypothesis that the compressive stage is associated with an aging of
the film, leading to a decrease of the vacancy concentration.
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On the other hand, the large tensile stress values measured directly after
the compressive maximum suggest that, besides oxide growth, further crystalli-
sation of the oxide film takes place as well, relaxing some of the compressive
stresses developed during the second stage through densification. The TEM
results also reveal that, at the end of the third stage at 40V, the TiO2 film
consists of an inner polycrystalline layer and an outer amorphous one. Such
a 2-layer structure was not observed on the 15V sample, so it seems that the
polycrystalline layer develops in the third stage. This provides another pos-
sible scenario for accounting for the compressive-to-tensile evolution. Indeed,
crystallisation would be compatible with the tensile sign of the stresses in the
third stage, allowing for stress relaxation. In contrast, all other experimental
observations, in particular the increase in the growth efficiency and the re-
versibility of the compressive maximum, are not readily interpretable based on
the crystallisation scenario. Indeed, a well-crystallised TiO2 would be expected
to exhibit a larger electronic conductivity than amorphous oxide, and therefore
a reduced growth efficiency.

It can finally be noted that attempts to measure the thickness of our anodic
oxide films by spectroscopic ellipsometry have been unsuccessful. In fact, the
ellipsometry data could not be fitted using a simple optical model consisting of
a dielectric layer on a Ti substrate. Kudelka [125] had come to the same conclu-
sions that a two-layer model was no longer sufficient to fit the ellipsometry data
for their anodic TiO2 films when they were grown above 5V. In our case, in
the light of the previous discussion, more complex models would be necessary
to account for the optically rather complex structure of a partly crystallised
film which possibly includes gas bubbles as well. Furthermore, as the already
complex morphology of the film further evolves during oxide growth as revealed
by the TEM investigation, this would have required using a different optical
model for each sample thickness. Finally, the large roughness of the film further
complicates ellipsometric measurements.

3.4 Conclusions

In this chapter, direct experimental evidence of the correlations existing be-
tween the cell voltage and internal stress evolution has been provided. Under
galvanostatic conditions, in regions where the film grows with a high efficiency,
a constant tensile instantaneous stress, independent of the current density, has
been observed. This observation has been discussed in the framework of the
models of Nelson and Oriani and Moon and Pyun. It was shown as well that
the onset of voltage fluctuations during the growth process, possibly indicative
for early breakdown events, is not stress-induced. In the second part of this
chapter, growth stress transitions have been discussed. A compressive stage,
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corresponding to a low-efficiency V -plateau, was reproducibly observed. Two
possible scenarios have been proposed to account for this observation. The
compressive stresses might arise either from oxygen gas evolution within the
film or be related to an aging of the film under the quasi-potentiostatic con-
ditions, leading to a decrease in the concentration of defects in the film. At
the end of the low-efficiency plateau, a return to efficient growth was observed.
The latter was accompanied by a compressive maximum and a return to tensile
stresses. Evidence has been shown that this transition is not associated with a
mechanical failure. The return to efficient growth is believed to be associated
with a more insulating character of the film resulting from the aging stage.
Finally, crystallisation of the inner part of the film, revealed by TEM to take
place during the stage following the compressive maximum, might contribute
as well to the tensile stress evolution.
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Chapter 4

Electrostriction stresses in
anodic TiO2 films
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In the previous chapter, a general discussion of the growth stress evolution
in anodic TiO2 films was provided. In particular, the development of irre-
versible intrinsic growth stresses was discussed. The present chapter is focused
on the reversible, field-induced stress contribution accompanying the growth
of anodic oxide films. The first section includes a short presentation of ‘elec-
trostriction’, ‘dielectrostriction’ and of the field-induced ‘electrostriction stress’.
In the second section, the adequacy of the currently available theoretical models
for predicting the magnitude of the electrostriction stresses in anodic oxide films
is discussed. A modified equation, linking the electrostriction stress to the elec-
tric field and the dielectric constant of the film is derived. The latter equation
is experimentally validated in the third section, by comparing the theoretical
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predictions with experimental values measured using high-resolution curvature
measurements. Finally, in the fourth section, the use of in situ electrostriction
stress measurements for monitoring the dielectric properties of anodic oxide
films during their growth is discussed.

4.1 General introduction to electrostriction, di-
electrostriction and electrostriction stresses

Electrostriction: Several definitions of ‘electrostriction’ can be found in the
literature. Grindlay defines electrostriction very generally as a nonlinear cou-
pling of the elastic and dielectric properties of an insulator [68]. According to
Stratton, electrostriction can be defined, more practically, as the deformation of
a dielectric under forces exerted by an electrostatic field [230]. This deformation
is a result of the tendency of the dipoles composing the dielectric material to
re-orient parallel to the direction of the applied electrostatic field. It should be
noted that electrostriction is distinct from reverse piezoelectricity. Indeed, the
latter effect is also a coupling between elastic and dielectric properties of spe-
cific dielectric materials. However, piezoelectricity is observed in anisotropic
crystals meeting certain symmetry conditions, in contrast to electrostriction
which is observed in any dielectric material. Furthermore, the amplitude of
the piezoelectric deformation is usually much larger than for those induced by
electrostriction.
A direct consequence of the electrostrictive deformations is to induce a change
in the dielectric properties of the material, in accordance with the classical
Clausius-Mosotti theory. In this chapter, the variations of the dielectric proper-
ties of a material with deformations will be referred to as ‘dielectrostriction’,
as proposed by Lee [135]. The Clausius-Mosotti theory considers dielectrics as
composed of an ensemble of non-polar but polarisable molecules. The constitu-
tive equation links the dielectric constant ε of a material to the number density
of polarisable molecules n and their polarisabiity ψ according to [218]:

ε =
3εo + 2ψn
3εo − ψn

(4.1)

where εo is the vacuum permittivity. The relationship linking dielectric con-
stant to deformations depends on how both n and ψ vary when the material
is strained, which in turn depends on the symmetry of the material lattice and
on the geometrical boundary conditions.

Electrostriction stress: When a dielectric is submitted to an electric field, it
experiences an electrostatic stress which encompasses two distinct, though in-
terlinked contributions. The first stress contribution, usually referred to as the
Maxwell stress, results from the Coulombic attraction between the bound
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Figure 4.1: Schematic illustration of a dielectric film submitted to an homo-
geneous electric field E. The Coulombic attraction between the charges of
opposite sign located on the two electrodes results in a compressive force F .

charges of opposite sign located on both sides of the dielectric. The second
stress contribution arises from dielectrostriction itself, i.e. from the change
of the dielectric properties of the material as a result of dipole reorientation
when the material is deformed under the action of the Maxwell stress. The two
stress components are coupled and cannot be treated independently. It should
be noted that electrochemists usually refer to the overall electrostatic stress,
including both contributions, as the ‘electrostriction stress’. In this chapter,
we will adopt the latter convention.

Let us now consider the case of a dielectric film of uniform thickness placed
between two parallel electrodes (See Fig.4.1). The film is attached to the elec-
trodes, which prevents any lateral deformation. This geometry is analogous to
the case of an anodic oxide film on a metal substrate in an electrolytic solution.
When a potential difference is applied between the two electrodes, the Maxwell
stress acting on a dielectric film can be described by a simple parallel plate
capacitor model and varies with the electric field according to:

σES = −εoε
2
E2 (4.2)

The minus-sign in Eq.4.2 indicates that the in-plane stress resulting from the
Maxwell stress is compressive, independent of the direction of the applied field.
Due to the fact that the dielectric film is attached to the electrode and cannot
deform laterally, the corresponding in-plane stress experienced by the film is
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given by:
σ∗ES = − ν

1− ν

εoε

2
E2 (4.3)

where ν is the Poisson coefficient of the oxide film. The in-plane stress σES

given by Eq.4.3 is the electrostriction stress (which would be measurable from
the sample curvature) in the absence of dielectrostriction. As long as the field
to which the dielectric is submitted is low to moderate, the Maxwell stress has a
low, barely measurable value. However, owing to the second order dependence
towards the electric field, its magnitude scales up rapidly when the magnitude
of the applied field is increased.

The importance of electrostriction as a source of (reversible) stress accom-
panying the growth of anodic oxide films has been known for long. Indeed, the
very intense electric fields associated with the high-field ion migration, typically
of the order of 107 V/cm [164], induce rather large electrostriction stresses in
growing anodic films. As previously discussed in section 1.3.1, even the first
pioneering studies on stress development in anodic oxide films include a dis-
cussion of the role of electrostriction on the total measured internal stress. In
particular, Butler et al. [33] demonstrated the quadratic dependence of the
electrostriction stress towards the electric field.

In the second section, it is discussed how Eq.4.3 needs to be corrected to
take into account dielectrostriction.

4.2 Derivation of a modified constitutive equa-
tion for the electrostriction stresses

In many studies devoted to internal stresses developing in anodic oxide films,
the electrostriction stress is assessed taking into account the contribution of
the Maxwell stresses only, i.e. based on Eq.4.2. However, as already pointed
out by Wüthrich [257], by doing so, the second, major, contribution which
arises from dielectrostriction is missed. This second contribution to the overall
field-induced electrostriction stress is far from being negligible: dielectrostric-
tion stress would even exceed the Maxwell stress contribution for values of the
dielectric constant larger than 4 [135]. Experimental observations, including
our own experimental results presented in Section 4.3, confirm the inadequacy
of the simplified equation, based on the Maxwell stress only, for predicting the
magnitude of the actual electrostriction stress in anodic oxide films.
Sato, in 1971 derived a model for the electrostriction stress based on thermo-
dynamics [205]. He predicts the following dependence of the electrostriction-
induced pressure (p) in the film:

p− po =
ε(ε− 1)

8π
E2 (4.4)
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where po is the atmospheric pressure. However, his model does not take into
account dielectrostriction either, since it is explicitly based on the assumption
that the number density of dipoles in the dielectric remains constant. Another
model, taking into account the effect of dielectrostriction, has been proposed
by Wüthrich [257]. However, his model predicts the additional stress contribu-
tion of dielectrostriction to be a tensile one, which is in disagreement with the
experimental observation that the measured electrostriction stresses are more
compressive than expected values based on the Maxwell stress only [199].

The development presented in this section is based on an alternative model,
developed originally for linear isotropic dielectrics, as is the case for the most
common anodic valve metal oxides. In that case, the effect of dielectrostriction
can be taken into account through the use of the two electrostriction parameters
α1 and α2. A detailed treatment can be found in the work of Lee [135] or
McMeeking [150], which are both based on the original work of Landau and
Lifshitz [129]. Generally speaking, the electrostriction stress in a dielectric
material can be expressed as [135]:

σES,ik =
E ·D

2
δik +

EiDk + EkDi

2
− 1

2

[
∂Di

∂uik

]
T,E

Ei (4.5)

where D is the electric displacement vector, E is the electric field vector, uij

is the strain tensor and δij is the Kronecker delta. The first two terms in the
right-hand side of the Eq.4.5 correspond to the Maxwell stress while the third
term corresponds to dielectrostriction. Now, we need to introduce a constitutive
equation for the dependence of the dielectric properties on the strains uik. Let
us consider the case of an isotropic linear solid dielectric having a dielectric
constant εu. This should be an adequate model for most anodic oxide films.
When strained, under the action of the electrostatic field, the dielectric does not
necessarily remain isotropic, so that the dielectric constant in the unstrained
state εu must be replaced by a dielectric tensor εij . According to Landau and
Lifshitz [129], under the assumption of infinitesimal strains, the variation of the
dielectric tensor εij with strains can be described by a linear function, using
two electrostriction coefficients α1 and α2:

εij = εu + α1uij + α2ukkδij (4.6)

Adopting the model of Landau and Lifshitz, Eq.4.5 becomes [135]:

σES,ij =
εo
2

(2ε− α1)EiEj −
εo
2

(ε+ α2)E2δij (4.7)

In the particular case of a dielectric film attached to two parallel electrodes,
which ensures conditions of uniform, unidirectional field (Ex = Ey = 0, Ez 6= 0)
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and no lateral displacement, Eq.4.7 simplifies. The stress experienced by the
dielectric film in the direction normal to the film plane is given by [217]:

σzz =
εo
2

[ε− (α1 + α2)]E2 (4.8)

and the resulting in-plane stress (σxx = σyy ≡ σES) is given by:

σES = − ν

1− ν

εo
2

[ε− (α1 + α2)]E2 (4.9)

This modified equation, which is formally equivalent to the simplified Eq.4.3
for the Maxwell stress, takes explicitly into account the contribution from di-
electrostriction through the use of the two electrostriction parameters α1 and
α2. It is valid for small strains and the values of α1 and α2 must be adapted
to the symmetry of the material. In order to predict numerical values for the
electrostriction stress, one needs to know the values for the two electrostric-
tion parameters. These parameters are not easy to determine experimentally
and, to the best of our knowledge, their values for anodic TiO2 films have
never been reported so far. However, Shkel and Klingenberg have established a
theoretical framework which allows expressing the electrostriction parameters
α1 and α2 as a function of the dielectric constant ε [218]. Their derivation is
based on the original Clausius-Mosotti equation and on the specific relationship
between strain and polarisation for the specific case of amorphous materials.
They found:

α1 = −2
5

(ε− 1)2 (4.10)

α2 = −1
3

(ε− 1) (ε+ 2) +
2
15

(ε− 1)2 (4.11)

Using their expressions, our previous Eq.4.9 for the in-plane electrostriction
stress can be further expressed as:

σES = − ν

1− ν

εo
2
[
0.6ε2 + 0.8ε− 0.4

]
E2 (4.12)

Eq.4.12 is the central equation in this chapter. It provides a new relation-
ship for predicting the magnitude of the electrostriction stress in a material
of dielectric constant ε submitted to a uniform field E. Most interestingly, a
quadratic dependence of the electrostriction stress on the dielectric constant of
anodic oxide films is predicted. This is fundamentally different from the linear
dependence predicted by the simplified Eq.4.3, based on the Maxwell stress
contribution only. In contrast, it agrees with the tendency predicted by the
Sato model [205]. As TiO2 has one of the largest permittivities of all anodic
oxides, this quadratic relation is also the reason for the large magnitude of the
electrostriction stresses measured in these films as compared to other metal
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oxides. Inversely, the disagreement between electrostriction stress values pre-
dicted by the simplified Eq.4.5 and the modified Eq.4.12 can be expected to be
significantly smaller in the case of lower permittivity oxides, like anodic Al2O3

(ε ∼= 9 [32]) and Ta2O5 (ε ∼= 27 [109]).

In the next section, experimental observations on the magnitude of elec-
trostriction stresses in anodic TiO2 films are presented. As will be evidenced,
the large magnitude of the measured σES-values cannot be accounted for by
using the simplified Eq.4.3, which takes into account the Maxwell stress contri-
bution only. This led us to reconsider the problem of electrostriction stresses
and to derive the modified equation Eq.4.12. The latter are coherent with our
experimental observations, both in absolute magnitude, field- and permittivity
dependence, as will be demonstrated in the next section.

4.3 Experimental observations on the magni-
tude and field dependence of electrostric-
tion stresses

In this section, experimental results on the magnitude and field-dependence of
the electrostriction stresses in anodic TiO2 are presented. A new experimental
methodology, inspired by that of Sahu et al. [199] and Butler et al. [33] is
proposed, which consists in repeatedly varying the electric field applied to the
oxide film after the growth.

Experimental

The experimental set-up and sample preparation procedure for these measure-
ments were as described in chapter 2. Anodising of the Ti thin film (Ti from
the ‘PTi’ batch) and the subsequent study of the electrostriction stresses in the
oxide film were carried out by repeatedly scanning the cell voltage between 1
and 9 V at a rate of 0.1 V/s in a 1.0 M H2SO4 electrolyte.

Results

Figure 4.2 shows the measured curvature evolution during six consecutive po-
tentiodynamic cycles. During the first cycle, a thin TiO2 film is formed. After
this initial oxide formation step, in order to determine the magnitude and field-
dependence of the electrostriction stress, the electrostatic field in the oxide film
is systematically changed by repeatedly cycling the cell voltage again up to the
forming voltage. A very clear curvature evolution is observed during cycling,
which provides a remarkable and direct evidence of the large magnitude of the



208 CHAPTER 4. ELECTROSTRICTION STRESSES

Figure 4.2: Time evolution of the applied cell voltage and of the resulting anode
curvature for six identical potential scans. This experiment was performed on
samples from the PTi batch in a 1.0 M H2SO4 electrolyte with a scan rate of
0.1 V/s.

reversible field-induced stress contribution to the overall stress. The in-situ
curvature results shown in Fig.4.2 for the first and subsequent cycles will now
be further analysed and discussed in the following paragraphs.

First cycle
During the first cycle, a thin oxide film grows on the Ti anode. The thickness
hf of this oxide film increases proportionally with the applied cell voltage V ,
with an anodising ratio of 2.7±0.1 nm/V, as determined by ex-situ ellipsometry.
The electrostatic field in the oxide film (E ≡ V/hf ) was therefore assumed to
retain a constant value throughout the growth process, equal to 3.7·108 V/m.
At the end of the first cycle, the thickness of the oxide film has reached 24
nm. During oxide growth, the curvature of the anode is observed to increase
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fairly linearly in the compressive direction. The measured curvature change
∆κ, being the sum of contributions from electrostriction (∆κES) and intrinsic
growth stresses (∆κgr), can be expressed, based on Eq.4.9 and on the Stoney
equation (Eq.2.4), as:

∆κ =
6

Msh2
s

(
− ν

1− ν

εo
2

[ε− (α1 + α2)]
)
V 2

hf
+

6
Msh2

s

∆ (σgrhf ) (4.13)

As the thickness of the growing film is proportional to the applied voltage, the
contribution from electrostriction is expected to increase linearly with time in
the case of a potentiodynamic experiment. Moreover, the slope of the curva-
ture vs. time curve in Fig.4.2 corresponding to the first cycle is observed to
be constant to a good approximation. Therefore, according to Eq.4.13, this
indicates that the oxide film forms with a constant growth stress σgr. At the
end of the first scan, the cell voltage is switched back to 1V. At the same time,
the curvature is observed to decrease instantaneously as a consequence of the
relaxation of the reversible electrostriction stresses in the oxide film. The mag-
nitude of the latter after the first cycle can therefore already be assessed by
quantifying this curvature discontinuity. A compressive value of -360±60 MPa
is measured. The growth stress obtained after subtracting the electrostriction
stress contribution then amounts to -1.52±0.06 GPa (see Fig.4.3). The evolu-
tion of the cell current during the first stage is shown as well on Fig.4.3. It
can be observed that the current evolution does not exhibit the characteristic
current plateau, as would be expected for the growth of an insulating barrier
layer. This behaviour, however, it not surprising in the case of TiO2 grown
on dense-packed Ti planes, as discussed by Kudelka et al. [124]. The decrease
of the cell current observed from 22s on suggests that the film becomes more
insulating in the course of the growth. It can be observed as well that the volt-
age range investigated seems to be below the voltage value marking the onset
of the oxygen evolution reaction, as suggested by the absence of large current
peaks.

Cycles 2 to 6
The above-mentioned way of quantifying electrostriction stresses offers limited
precision, as evidenced by the large relative error. This can be fully attributed
to the inaccuracies in the determination of the precise starting and ending
points of the curvature discontinuity. Therefore, the anodised film obtained
after the 1st cycle was subjected again to a varying electrostatic field during
five, identical cycles. From Fig.4.2, after the immediate discontinuity at the
beginning of each cycle, a curvature relaxation in the tensile direction is first
observed. As will be evidenced later, this initial stage corresponds to a discharge
of the oxide film, which is beyond the scope of this chapter. The curvature is
then observed to increase again in the compressive direction. If we assume that
the thickness of the pre-formed oxide film remains constant after the first cycle
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Figure 4.3: Illustration of the evaluation of the growth stress σgr from the slope
of the curvature trace and the curvature discontinuity at the end of the first
cycle.
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Figure 4.4: Evolution of a stress-proportional measured quantity with the
square of the ratio of the applied cell voltage φ to the formation voltage φf , as
measured by Wüthrich on Al2O3 films (reproduced from [257]).

(∆hf = 0), a plot of the curvature data vs. V 2 is expected to show a linear de-
pendence, characteristic of electrostriction. Indeed, the second, growth-related
term in Eq.4.13 vanishes in that case. Such a plot is presented in Fig.4.5 for
the third cycle. It is seen that the dependence of the measured curvature data
after the transition stage is not simply proportional to V 2. Hence, this result
suggests that the thickness of the oxide film is still further increasing during
cycles 2 to 6. A similar deviation from linearity of deflection vs. V 2 curves
has been observed by Wüthrich on barrier anodic Al2O3 films (See Fig.4.4),
and was attributed to ionic currents flowing through the film [257]. We believe
these currents to be responsible for the further growth of the oxide film. Our
measured current data have therefore been included in Fig.4.5 as well. Note
how the initially negative current (see inset of Fig.4.5) confirms the transition
stage to be due to oxide discharging.

In order to be able to calculate accurate values for the electrostriction stress
during cycles 2 to 6, the contribution of oxide growth must at first be sub-
tracted from the measured curvature data. While the general equation Eq.4.13
still applies, its interpretation during cycles 2 to 6 is different from the first
cycle. Indeed, during these subsequent cycles, the oxide thickness is no longer
proportional to the cell voltage, nor is E ≡ V/hf constant anymore. The an-
ticipated increase in film thickness ∆hf during each cycle must therefore be



212 CHAPTER 4. ELECTROSTRICTION STRESSES

Figure 4.5: Evolution of the anode curvature and of the cell current with the
square of the applied cell voltage for the third cycle. The inset shows the initial
stage of the cycle, characterised by a transition from negative to positive cell
current.



4.3. EXPERIMENTAL STUDY 213

assessed based on the amount of (positive) charge passing during that cycle:

∆hf =
vm

4FS

∫
η (t) · I(t)dt (4.14)

where vm is the molar volume of the TiO2 formed, S the anode surface, F
Faraday’s constant, η the growth efficiency and I the positive cell current. If
we consider a constant, average growth efficiency during a given cycle, the
above equation simplifies to:

∆hf =
vm

4FS
ηQ (4.15)

Q being the total positive charge consumed during the cycle. Combining
Eq.4.13 and Eq.4.15 then yields, for a given cycle j :

∆κ = A
V 2

hf,j + ∆hf,j
+ σgrBηQ (4.16)

where

A =
6

Msh2
s

(
−ν

1− ν

εo
2

[ε− (α1 + α2)]
)

(4.17)

and
B =

6
Msh2

s

Vm

4FS
(4.18)

In Eq.4.16, hf,j represents the oxide thickness at the very beginning of cycle
j. In the above derivation, a constant value for the growth stress σgr has been
assumed in the fraction of the film growing during cycle j. This hypothesis
is based on the observation that the initial oxide film during the first cycle
also grew with a fairly constant growth stress. Its magnitude has therefore
been fixed at the previously determined value of -1.52 GPa. The influence of
the latter assumption on the accuracy of the electrostriction stress values was
found to be very limited, as will be discussed in the next paragraph. The
molar volume of the oxide film was measured by Rutherford Backscattering
Spectroscopy (RBS) to be 26.6 cm3/mol, so that the factor B defined on Eq.4.18
takes a constant value of 0.11 (GPa.m.C)−1. In order to further facilitate the
data analysis, one final approximation was made by considering the thickness
increments ∆hf,j during each cycle to be sufficiently small as compared to the
initial oxide thickness hf,j . In that case, Eq.4.16 simplifies to:

∆κ ∼= A
V 2

hf,j
+ σgrBηQ (4.19)

The validity of the latter assumption will be confirmed in the discussion part,
based on quantitative results for the thickness increments ∆hf,j .
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Cycle 2 3 4 5 6
A -4.9±0.1 -6.4±0.1 -6.8±0.1 -6.8±0.1 -6.7±0.1

[10−13 V−2 ]

η 0.78±0.15 0.66±0.13 0.69±0.13 0.68±0.13 0.64±0.12
∆hf [nm] 5.8±0.9 3.5±0.6 3.2±0.5 2.8±0.5 1.7±0.3

Table 4.1: Values of the regression parameters A and η and the thickness
increments ∆hf for each of the cycles 2 to 6, as obtained from a multivariate
regression of the curvature data to Eq.4.19.

It is obvious that the above equations only apply to the analysis of charge-
induced stresses, either electrostriction- or growth-related. As a result, only
the curvature data corresponding to the charging of the oxide film should be
considered. Therefore, prior to fitting the curvature measurements to Eq.4.19,
the data corresponding to the transition region, where a negative current was
measured, were first eliminated. A multivariate linear regression of the remain-
ing curvature vs. V 2 data for each of the cycles 2 to 6 then yielded the values
for the regression parameters A, which contain the electrostriction parameters,
and η, the average growth efficiency. Their values, as well as the ones for the
thickness increments of each cycle calculated from Eq.4.15, are shown in Table
4.1. They will be further discussed in the next section. To illustrate the data
analysis procedure, Fig.4.6 represents the same experimental curvature data as
in Fig.4.5, together with the corrected values obtained after subtraction of the
estimated contribution of oxide growth according to Eq.4.19. The corrected
data, which are now fully attributable to the electrostriction effect only, are
observed to indeed vary linearly with V 2.

Discussion

Before discussing the results on the magnitude of the electrostriction stresses,
we first examine the validity of one of the hypothesis made in arriving at equa-
tion Eq.4.19. Indeed, in order to simplify Eq.4.16, it was assumed that the
thickness increments during each cycle were small as compared to the thick-
ness of the oxide film at the beginning of the cycle. Considering the thickness
increments presented in Table 4.1, this hypothesis is indeed very reasonable,
as their final values are, except for the 2nd cycle, only about 10% of the initial
oxide thickness. Moreover, as can be seen from the current signal in Fig.4.5,
the thickness increment takes place during a relatively short final stage of each
cycle, so that the approximation only affects the final data at each stage. The
data obtained from the mulivariate linear regression to Eq.4.19 can therefore
be considered as sufficiently accurate. As to the growth efficiency values η in
Table 4.1, their values are within the range of 50-100% reported by Dyer and
Leach for slowly grown anodic TiO2 films below 10V [57] . Therefore, in addi-
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Figure 4.6: Evolution of the anode curvature and of the consumed charge with
the square of the applied cell voltage for the same cycle as in Fig.4.5. The
corrected curvature values, obtained after subtraction of the contribution of
oxide growth, are superimposed on the rough data.
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tion to resulting in reasonable values for the thickness increments, these growth
efficiency values are believed to be another reliable indication of the coherence
of the proposed data analysis procedure.
As to the values of the electrostriction stresses, the value obtained after the first
cycle from the curvature discontinuity was -360±60 MPa. For the subsequent
cycles 2 to 6, their magnitude at the end of each cycle can be calculated from
Eq.4.16 and the Stoney equation, using the values of A and ∆hf in Table 4.1.
Results are shown in Table 4.2, and seen to be in the range of -140 to -240 MPa.
The measured electrostriction stress is observed to decrease steadily from one
cycle to the other as a result of the increase of the oxide thickness. Indeed,
the latter induces, at the same final cell voltage, a decrease of the magnitude
of the electrostatic field. The same argument holds as well for explaining the
decrease between the values obtained after the first (-360±60 MPa) and second
cycle (-236±39 MPa): their ratio (1.53±0.36) is equal to the square of the cor-
responding inverse thickness ratio (1.56±0.08), as expected from the quadratic
dependence of σES on E.

Our measured values are also in fair agreement with the measured elec-
trostriction stresses of, respectively, -190 MPa and -200 MPa reported on TiO2

thin films by Sahu et al. [199] and Panagopoulos [184]. In contrast, they are
about one order of magnitude larger than the ones predicted by Vermilyea [245],
predictions which were based on the simplified Eq.4.3. The latter disagreement
points to an important, more generic conclusion: neglecting the effect of di-
electrostriction can lead to a systematic underestimation of the contribution
of electrostriction to the overall internal stress in anodic oxides. Inversely, the
relatively large electrostriction stresses reported for TiO2 in this and other
publications cannot be accounted for by the current, simplified models, which
take only the Maxwell stress contribution into account. Indeed, when using the
simplified equation 4.3, the dielectric constant of our oxide films would have to
be as large as 988 for an imposed electrostatic field of 3.7·108 V/m to result in
the measured electrostriction stress on the order of -200 MPa. Obviously, this
is an unrealistic permittivity value.

In order to judge whether the modified equation 4.12 proposed in Section
4.2 predicts more realistic values, one needs to calculate the permittivity values
corresponding to the measured A coefficients for each cycle. Using Eq.4.10 and
Eq.4.11 for α1 and α2, our previous Eq.4.17 for the regression parameter A can
be further expressed as:

A = − ν

1− ν

3εo
Msh2

s

[
0.6ε2 + 0.8ε− 0.4

]
(4.20)

This expression allows calculating, from the A-values in Table 4.1, the permit-
tivity of the TiO2 film in each cycle (a value of 0.25 was used for the Poisson
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Cycle 2 3 4 5 6
σES [MPa] -236±39 -223±37 -192±31 -163±27 -141±23

ε 48±6 55±6 57±6 57±6 56±6

Table 4.2: Electrostriction stress values obtained from the data in Table 4.1
at the end of each cycle. The corresponding dielectric constant for each cycle,
calculated from Eq.4.20, is included as well.

coefficient of TiO2 [164]). These values have been presented in Table 4.2 as
well, resulting in a constant average permittivity of 54±4, statistically equal
for all cycles.

Of course, the above permittivity calculation is based explicitly on Eq.4.10
and Eq.4.11 for the electrostriction parameters α1 and α2, the validity of which
has so far not been confirmed experimentally for TiO2. Therefore, the dielec-
tric constant of the oxide film was measured independently as well by ex-situ
impedance measurements performed on metal/oxide/metal structures, after de-
position of Al contacts on the surface of the TiO2 films. In order to minimise
the parasitic influence of ionic currents on the impedance measurement, mea-
surements were carried out at a rather high frequency of 100 kHz. A value of
55±6 was obtained, statistically equal to the one calculated using Eq.4.20 and
well in the range of published permittivity values for anodic TiO2 thin films
[131, 23]. The latter established agreement also confirms the validity of the
above equations 4.10 and 4.11 for obtaining the electrostriction parameters α1

and α2 of amorphous TiO2 thin films simply from their permittivity value.

As pointed out earlier, in the derivation of Eq.4.16, a constant growth stress
was assumed for cycles 2 to 6, having the same value as for the first growth
stage. This hypothesis may be somewhat open to criticism, as its validity has
not been explicitly confirmed. However, it turns out that the values presented
in Table 2 for the electrostriction stress and for the dielectric constant are very
robust towards the value postulated for the growth stress. For instance, an
over- or underestimation of the growth stress by 0.5 GPa (33%) will induce,
respectively, an overestimation by 5% and an underestimation by 9% of the
electrostriction stress. Similarly, it should be noted that our electrostriction
stress values have been extracted by fitting the curvature data as a function
of the cell voltage while, more rigorously, only the part of the cell voltage cor-
responding to the voltage drop through the oxide film (φf ) should have been
considered. The difference between V and φf can be split into two main contri-
butions. The first one corresponds to the ohmic drop within the electrolyte and
at the cathode while the second one arises from the voltage drop on the anode
at the metal/oxide and oxide/electrolyte interface. We quantified the first con-
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tribution explicitly by measuring simultaneously the cell voltage and the anode
potential using a 3-electrodes set-up. The ohmic drop within the electrolyte and
at the cathode was observed to amount to 50 mV at the forming voltage, which
corresponds to the maximum of current flowing through the cell. In contrast,
the contribution of the potential drop at the oxide/electrolyte interface, which
is usually neglected in studies devoted to anodising, is not readily accessible to
the experiment and was therefore assessed based on theoretical values from the
literature. Values up to 250 mV have been reported for aluminium oxide films
at pH zero [39]. Again, it turns out that the values presented in Table 2 for the
electrostriction stress and for the dielectric constant are very robust towards
the approximation of φf being equal to V . For instance, an unrealistically ex-
cessive overestimation of φf by 500 mV will induce an underestimation by 10%
of the electrostriction stress and an underestimation by 5% of the dielectric
constant. The latter values fall within the reported experimental error.

Another question may arise as to whether our repeated potentiodynamic
cycling could alter the characteristics of the oxide film. Indeed, if the potentio-
dynamic scans used to measure the electrostrictive stresses in our study would
induce an aging of the oxide films, this should indeed be taken into account
in the interpretation of our data. As discussed in section 1.2.4, only a few
studies have been devoted to the aging behaviour of anodic TiO2 films. The
work of Ohtsuka and Otsuki [171, 172], which deals with the aging of anodic
TiO2 films under potentiostatic conditions, shows how potentiostatic aging at
the formation potential can lead to a relaxation of the film. This relaxation
manifests itself as an increase of the refractive index of the oxide, which the
authors attribute to the dehydration of the oxide film, which originally grows
with a TiO2.xH2O stoechiometry. The question then arises as to what extent
potentiodynamic cycling leads to a similar relaxation as potentiostatic one. If
relaxation occurs under potentiostatic conditions, there is indeed no obvious
reason why no relaxation at all would occur for potentiodynamic regime. How-
ever, if the aging relies on a field-driven migration, relaxation might occur to
a significantly lower extent or more slowly under potentiodynamic conditions
as compared to potentiostatic ones owing to the lower average value of the
electrostatic field through the film. According to Azumi and Seo [17], dur-
ing potentiodynamic aging of anodic TiO2 films, the dissociation of the bound
water in the hydrated oxide takes place reversibly. The latter effect could in-
duce an intricate relationship between aging and apparent dielectric constant,
involving a reversible potential dependence. In our study, however, we did
not observe an evolution of the value of the dielectric constant during the cy-
cles. The value of the electrostriction stress at the end of the growth cycle
was assessed, based on the discontinuity, to be 360±60 MPa. The latter value
corresponds to a dielectric constant of 54±10 which is not statistically different
from the values measured for the following cycles. This suggests that, under
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our experimental conditions, not much relaxation occurs or that the relaxation
has a limited influence on the dielectric constant of the oxide film, which falls
within our experimental error.

Conclusions

In this section, a new experimental procedure has been proposed for investigat-
ing electrostriction stresses developing during the growth of anodic oxide thin
films. This procedure was applied to potentiodynamically grown TiO2 films and
compressive electrostriction stresses as large as -240 MPa have been measured
in such films. The inadequacy of simplified electrostriction models neglecting
the contribution of dielectrostriction for the assessment of the electrostriction
stress is quantitatively demonstrated. Our measured electrostriction stress val-
ues are in good agreement with the modified theory presented in Section 4.2,
both in absolute magnitude, field- and permittivity dependence. The next sec-
tion provides a discussion on how electrostriction stresses can be used as a
diagnostic tool for studying the evolution of the characteristics of the oxide
films.

4.4 Electrostriction stress measurements as a
way of monitoring the evolution of the di-
electric properties of anodic oxide films

As discussed in Section 4.2, electrostriction stresses exhibit a quadratic depen-
dence towards the dielectric constant of the film. Therefore, the evolution of
σES in the course of the growth should a priori provide a sensitive means of mon-
itoring the evolution of the dielectric properties of anodic oxide films. Indeed,
oxide films growing anodically can undergo various morphological changes, like
crystallisation, phase transitions, hydration/dehydration or porosity incorpo-
ration. All these phenomena affect the density of the oxide film and hence its
dielectric properties. Monitoring the evolution of the electrostriction stresses
in the film during anodisation could therefore help identify such morphological
transitions. In this section, results from two series of experiments are presented,
in which the evolution of σES was used for monitoring changes in the properties
of anodic TiO2 films. The two series of experiments are presented successively,
then a common discussion follows.



220 CHAPTER 4. ELECTROSTRICTION STRESSES

Figure 4.7: Typical evolution of the cell voltage for Ti anodisation in 1.0 M
HNO3 at 1 mA/cm2.

4.4.1 First series of experiments

Experimental

In contrast to the experiments described in Section 4.3, in the present exper-
iment, anodisation of the Ti electrodes has been carried out in a different,
smaller, electrochemical cell. The cell was 10 x 10 mm2 in section and 40 mm
high, thus having a volume of 4 ml. The Ti electrodes, prepared as described
in chapter 2, were taken from the ‘ETi’ batch. A 2-electrode configuration was
chosen and a foil of stainless steel (8 x 35 mm2) was used as cathode. The
distance between the two parallel electrodes was 5 mm. Anodic oxide films
were grown under galvanostatic conditions using three different sets of experi-
mental parameters: 1.0 M HNO3 with current densities of, respectively, 1 and
3 mA/cm2, and 1.0 M H3PO4 with a current density of 0.5 mA/cm2. The
anodisation process was interrupted repeatedly and the dielectric properties of
the anodic film were assessed from the curvature discontinuities resulting from
the relaxation of the electrostriction stress under open-circuit conditions.
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Figure 4.8: Evolution of the sample curvature and of the cell voltage during
anodisation in 1.0 M HNO3 at 3 mA/cm2, showing the characteristic discontinu-
ities associated with the relaxation of electrostriction stresses upon interruption
of the anodisation process. The shaded regions correspond those interruptions.

Results and discussion

Figure 4.7 shows a typical evolution of the cell voltage V with time during
anodisation in nitric acid at 1 mA/cm2 (the evolution was qualitatively very
similar for the other anodising conditions). The V -t curve is seen to be char-
acterised by two distinct stages. In the first growth stage, the cell voltage
increases relatively fast up to around 10 V, the exact value depending on the
current density and the electrolyte used. After that, the cell voltage stabilises
and reaches a plateau region. From the vanishing slope of the V -t curve in the
plateau region, which is generally attributed to the onset of massive oxygen
evolution, it can be assessed that the oxide film thickens at a significantly re-
duced rate.

Measurements of the electrostriction stress in nitric acid have only been
carried out in the plateau region, while in the case of phosphoric acid, measure-
ments were carried out in the two growth regions. Fig.4.8, showing in parallel
the evolution of the cell voltage and of the sample curvature during the experi-
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Figure 4.9: Example of discontinuities in the curvature evolution resulting from
the interruption and re-application of the current in the plateau region during
Ti anodisation in 1.0 M HNO3 at 3 mA/cm2.
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σES initial[MPa] σES final[MPa]
HNO3 3 mA/cm2 1l 199 ± 31 232 ± 15

2l 192 ± 20 217 ± 51
3l 163 ± 62 196 ± 16
4h 161 ± 33 175 ± 46

HNO3 1 mA/cm2 1l 327 ± 17 327 ± 18
2l 314 ± 34 323 ± 47
3l 505 ± 83 517 ± 100

H3PO4 0.5 mA/cm2 1∗ 1270± 200 2280 ± 200
2∗ 772 ± 156 1230 ± 494
3∗ 619 ± 315 1065 ± 280
4∗ 260 ± 26 830 ± 83
5∗ 315 ± 40 325 ± 105
6∗ 228 ± 64 285 ± 145

Table 4.3: Measured values for the electrostriction stress σES , based on the
quantification of the initial and the final curvature jumps and on the thickness
of the oxide film calculated using an AR value of 1.9 nm/V.

ment carried out in HNO3 at 3 mA/cm2, illustrates the experimental procedure.
The shaded zones correspond to the time-intervals when anodisation was in-
terrupted. An enlargement of the second shaded region of Fig.4.8, showing a
typical curvature discontinuity, is presented on Fig.4.9. Table 4.3 summarises
the σES-values calculated from all curvature discontinuities for the three an-
odisation experiments, both at interrupting (σES initial) and re-applying (σES

final) the current. These stress values have been calculated based on a value
of 1.9 nm/V for the anodising ratio, as measured by ex-situ ellipsometry. For
H3PO4, measurements 1∗ to 4∗ are taken in the first growth region, while 5∗

and 6∗ are inside the plateau region. The error values given in Table 4.3 corre-
spond to uncertainties in quantifying the curvature discontinuities as a result
of the finite curvature resolution (on the order of 0.2 km−1). As the curvature
jumps upon interrupting the current were always in the tensile direction, all
σES-values reported correspond to compressive electrostriction stresses. Gen-
erally, during current interruption, a continuing relaxation of the curvature in
the tensile direction is observed (See Fig.4.10a). Only some of the discontinu-
ities of the experiment carried out in HNO3 at 3 mA/cm2, like the one shown
in Fig.4.9, did not exhibit this feature.

It can be seen from Table 4.3 that, mainly for the measurements carried
out in H3PO4 before the plateau region (points 1∗ to 4∗), the curvature dis-
continuities measured upon current interruption differ from the ones measured
when the current is turned back on. We consider that the initial discontinuities
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Figure 4.10: (a) Evolution of the curvature κ with time in the first growth
region during interrupted anodisation in H3PO4. The numbers refer to the
curvature jumps quantified in Table 4.3. (b) Corresponding κ-t and V -t curves,
reconstructed by removing the time periods when the current was turned off.

provide more accurate measurements of the electrostriction stress than the final
one. Indeed, growth of the oxide film resumes as soon as the current is switched
on again. Therefore, separating the curvature change due to the electrostriction
stress from the contribution of the growth stress is not straightforward for the
final curvature discontinuities. Due to the reduced growth rate in the plateau
region as a result of the oxygen evolution reaction, the discrepancy between the
final and initial curvature jumps can be expected to be most significant before
the plateau region is reached, as indeed observed. In the following discussion,
we have therefore based our analysis of the permittivity evolution during an-
odisation on the initial curvature discontinuities only, which are believed to be
more reliable.

Fig.4.12 shows the values for ε, calculated from Eq.4.12 and corresponding
to the measured curvature jumps in, respectively, H3PO4 (a) and HNO3 (b).
It should be noted that these values are based on the hypothesis that the evo-
lution of the curvature jumps is fully attributable to variations of the dielectric
constant. This hypothesis is further discussed in section 4.4.3. The dielectric
permittivity is observed to decrease progressively during the first growth regime
(points 1∗ to 4∗ on Fig.4.12a), after which it tends towards a constant value
when the voltage reaches the plateau regime (Fig.4.12b and points 5∗ to 6∗

on Fig.4.12a). Although the ε values should be confirmed by supplementary
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Figure 4.11: (a) Evolution of the curvature κ with time in the plateau region
during interrupted anodisation at 1 mA/cm2 in HNO3. The numbers refer to
the curvature jumps quantified in Table 4.3. (b) Corresponding κ-t and V -
t curves, reconstructed by removing the time periods when the current was
turned off.

capacitance measurements, the fact that the calculated values (25 to 70) lay in
the range of literature values for anodic TiO2 films is reassuring.

For the experiments carried out in HNO3 with different current densities,
the average value of the electrostriction stress and hence of the corresponding
permittivity are observed to increase with decreasing applied current density
(see Fig.4.12b). This result is in agreement with the (controversial) observa-
tion by Blackwood et al. that anodic oxide films grown more slowly (i.e. at
lower current density) are denser and therefore have a larger permittivity than
rapidly grown ones (see section 1.2.4). When considering the evolution of the
dielectric constant for a given set of experimental conditions, two observations
have been made. First, during the initial high-efficiency region, the electrostric-
tion stress decreases continuously as the film thickens, which was interpreted
as a decrease of the film’s dielectric constant. This observation will be further
discussed in section 4.4.3, after the description of the second series of experi-
ments. In contrast, the electrostriction stress in the plateau region is observed
to be essentially constant in all cases. As the thickness of the film is expected to
remain almost constant during that stage, this suggests that the permittivity
of the film remains constant as well, i.e. that no major structural change takes
place in the film during that stage.
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Figure 4.12: Values of the dielectric permittivity calculated from Eq.4.12 and
corresponding to the measured electrostriction stresses in (a) H3PO4 and (b)
HNO3. The latter values have been obtained under the hypothesis that the
evolution of the curvature discontinuities is fully attributable to the evolution
of the dielectric constant.
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4.4.2 Second series of experiments:

Experimental

The second series of data comes from the experiment already presented in chap-
ter 3, which consisted of a series of 6 continuous anodising experiments carried
out under galvanostatic conditions, with a current density of 4 mA/cm2 in 1.0
M H2SO4. As previously discussed the curvature evolution accompanying this
anodisation experiment was characterised by a marked compressive maximum
taking place around 15V. The six samples were anodised up to forming volt-
ages respectively below (5V, 9V and 12V) and above (15V, 25V and 40V) the
voltage at which the compressive maximum was observed. At the end of each
experiment, the curvature discontinuity resulting from the relaxation of the
electrostriction stress was quantified. One supplementary sample was anodised
to a final voltage of 40V under the same conditions as for the six continuous
experiments, but the anodisation was interrupted repeatedly, similar to the
procedure described for the first series of experiments in subsection 4.4.1. The
anodisation was first interrupted when the cell voltage reached 5V, after which
it was left at open circuit for 80 seconds. The current was then re-applied to
proceed further in the growth process. A second interruption of 80s was then
carried out at 9V, then 12V, 15V and 25V. The evolution of the anode curvature
was monitored continuously during each interruption at open-circuit and the
discontinuities in the evolution of the curvature resulting from the relaxation of
the compressive stress contribution from electrostriction have been quantified.
The latter have been compared to the curvature discontinuities measured at the
end of each of the 6 continuous experiments. This type of experiment aimed
at assessing the influence of interrupting the anodisation on the growth of the
oxide film and therefore providing insight into the reversibility of the growth
instabilities described in chapter 3.

Results

At the end of each experiment, when the applied current is interrupted, a char-
acteristic discontinuity in the evolution of the curvature, resulting from the
relaxation of the electrostriction stress, is observed. Fig.4.13 shows the curva-
ture discontinuities measured at the end of each experiment. Their magnitude
is presented in Table 4.4. As to the interrupted experiment, the time-evolution
of the curvature and of the cell voltage are presented on Fig.4.14. The curva-
ture signal exhibits a series of discontinuities, corresponding to the successive
current interruptions and re-applications. Fig.4.15 shows the curvature discon-
tinuities observed upon each interruption, while their magnitude is presented
in Table 4.4.

It can be observed that the evolution of the electrostriction stress·thickness
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Figure 4.13: Discontinuities in the stress·thickness evolution corresponding to
the relaxation of the electrostriction stress in the oxide film under open-circuit
conditions at the end of the six continuous experiments.
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Magnitude of the stress·thickness Dielectric constant
discontinuity [GPa*nm] ε

continuous experiments
5V 4.3±0.2 50.3±1.5
9V 9.5±1.0 56.1±3.2
12V 8.8±0.7 46.2±1.7
15V 6.9±1.1 36.7±3.0
25V 6.5±1.5 27.4±3.2
40V 12.5±3.0 30.0±3.7

interrupted experiment
5V 5.7±0.7 58.5±3.9
9V 6.3±1.2 42.2±4.3
12V 6.5±1.3 39.7±4.0
15V 6.0±0.6 34.4±1.8
25V 7.4±1.7 29.2±3.5
40V 7.0±1.9 22.8±3.1

Table 4.4: Measured values of the discontinuities of the stress·thickness evolu-
tion and corresponding values of the dielectric constant, calculated according
to Eq.4.12, for both the six continuous experiments and the interrupted one.

Figure 4.14: Evolution of the sample curvature and of the cell voltage for the
interrupted experiment. The shaded zones correspond to the time-periods when
the anodisation was interrupted. (This figure is identical to Fig.3.13 presented
in the third chapter.)
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Figure 4.15: Discontinuities in the stress·thickness evolution corresponding to
the relaxation of the electrostriction stress in the oxide film under open-circuit
conditions at the beginning of each interruption for the interrupted experiment.
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product with V for both the six continuous experiments and the interrupted
one does not correspond to what would be expected for a homogeneous barrier
oxide film with constant dielectric properties growing under constant electrosta-
tic field conditions. Indeed, under such conditions, the electrostrictive stress is
expected to keep a constant value, so that the contribution from electrostriction
to the overall stress·thickness product would be expected to increase propor-
tionally with the thickness of the oxide film, i.e. with the cell voltage [164].
In our case, the stress·thickness discontinuity increases with V only up to 9V,
after which it is observed to remain fairly constant. This might indicate that
the assumption of constant dielectric properties breaks down at some point
during the growth. The ε values corresponding to the measured electrostric-
tion discontinuities are presented in Table 4.4 and plotted on Fig.4.16. The
latter values have been calculated according to Eq.4.12. The calculated ε val-
ues show a decreasing trend with increasing V . The average value measured at
the beginning of anodisation (5V, ε = 54±6), agrees well with literature values
for dense anodic TiO2 [131, 23], while the average value measured in the third
stage at 40V (ε = 26±5) is comparable with the one reported by Di Quarto et
al. in the case when they observed growth instabilities [51].

The evolution of the stress·thickness product under open-circuit conditions,
after the relaxation of the electrostriction stress, is also very characteristic (see
Fig.4.13). At 5V, after the almost instantaneous relaxation of the compressive
electrostriction stress, a steady-state stress plateau is rapidly attained, which is
indicative that no further stress relaxation takes place. In the case of the sam-
ples anodized to 9V and 12V (hence into the second stage), the stress·thickness
product does not reach such a plateau after the initial discontinuity and the
relaxation is observed to proceed further for several minutes in the tensile di-
rection. From 15V on (i.e. in the third stage, after the compressive maximum),
a different shape is observed, characterized by a tensile peak followed by a com-
pressive decay to a steady-state plateau. The same trend is observed for both
the six continuous experiments and the interrupted one, with the only differ-
ence that, for the latter, the shape of the transient observed upon interruption
at 15V is similar to that observed at 5V, 9V and 12V, while, in the case of
the continuous experiments, the transient at 15V exhibits a shape similar to
that observed at 25V and 40V. As, in the case of the interrupted experiment,
the compressive maximum was observed to take place at a slightly higher cell
voltage than for the continuous experiments (15.0V instead of 13.4V), the in-
terruption at 15V in the interrupted experiment takes place right before (or
at) the compressive maximum, while it takes place right above the compressive
maximum for the continuous experiment. This, in fact, tends to confirm that
the characteristic shape of the open-circuit transient is intrinsically related to
the growth instability taking place at the compressive maximum. So far, the
origin of this specific shape is still open question.
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Figure 4.16: Evolution of the dielectric constant of the film for both the continu-
ous experiments and the interrupted one, as calculated from the stress·thickness
discontinuities using Eq.4.12. The latter values have been obtained under the
hypothesis that the evolution of the curvature discontinuities is fully attribut-
able to the evolution of the dielectric constant.
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4.4.3 Common Discussion

Evolution of the curvature discontinuities in the course of the growth
process.

The main observation common to the two series of experiments is the fact that
the curvature discontinuities ∆κES , corresponding to the relaxation of the elec-
trostriction stress, do not increase with the final voltage, as would be expected
for barrier films of constant ε. For the sake of clarity, the discussion will focus
on the observations from the second series of experiments, but is applicable to
experiments from the first series as well.

As observed from the values tabulated in Table 4.4, the curvature discon-
tinuities ∆κES , which are proportional to the product of the electrostriction
stress and the film thickness, increase only slightly from the first to the last
sample, while the thickness of the oxide film does increase. For the interrupted
experiment, this observation is particularly striking, with ∆κES increasing by
20% only between 5 and 40V, while the thickness of the oxide film is multi-
plied by a factor 8. This observation can be interpreted as a decrease of the
electrostriction stress in the film, which itself would arise from a decrease of
the dielectric constant. However, the reason why the dielectric constant of the
film would decrease is not straightforward. Indeed, a decrease of the dielectric
constant would correspond to a significant decrease of the density of the film,
which is not very likely to occur, unless the nature of the oxide film changes
dramatically in the course of the growth. Furthermore, a decrease of the density
is clearly in contradiction with one of the scenarios proposed in the previous
chapter, according to which the compressive stage would be related to an aging
of the film leading to annihilation of free volume. In contrast, it can be seen as
evidence supporting the second proposed scenario according to which oxygen
gas would be evolved within the film in the compressive stage. In that case, the
dielectric constant would decrease as a consequence of the presence of numerous
tiny gas-filled cavities in the oxide film. However, the apparent independence
of the ∆κES towards the film thickness could be due to other reasons which
must be considered as well.

According to the Stoney equation and our model equation for electrostric-
tion Eq.4.12:

∆κES ∝ σEShmech ∝ ε2E2hmech (4.21)

where hmech is defined as the thickness over which the electrostriction stress
is experienced. In general, hmech = hf , but we cannot a priori neglect the
possibility that hmech < hf . According to Eq.4.21, the fact that ∆κES is
almost constant indicates that either hmech does not increase proportionally
with hf or that the electrostriction stress in the film progressively decreases
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and compensates for the increase of the oxide thickness. Such a decrease of the
electrostriction stress could be due to a decrease of the dielectric constant, as
previously discussed, but could also arise from a decrease of the electric field
to which the film is submitted.

As to the first possibility, if we assume that a region of the film of constant
thickness adjacent to the metal/oxide interface would experience the stress, in-
dependent of the film thickness, this could indeed account for the observed be-
haviour. As discussed in chapter 1, it was proposed by Bradhurst and Leach [31]
and by Nelson and Oriani [164] that the stress in the film is concentrated in the
inner region of the film while the outer region, adjacent to the oxide/electrolyte
interface, would grow relatively free of stresses. Moon and Pyun [159] go as far
as concluding that stresses are fully determined by the first two or three atomic
layers adjacent to the metal/oxide interface. This hypothesis seems plausible as
far as the intrinsic growth-stresses concerns. However, in the case of the field-
induced stress contribution, the stress is logically expected to be experienced
by the whole region of the film to which the field is applied. Therefore, to our
opinion, hmech could be smaller than hf only if the electric field is not applied
to the whole film but to a fraction of it. Owing to the progressive build-up of
a space charge in the film, the potential drop across the film could indeed be
concentrated in a space-charge region smaller than the whole thickness of the
film, as discussed by Blackwood [25] or Ueno et al. [239]. Lohrengel [140] also
points out that the concentration of mobile ions in valve metal oxides is very
large and can cause local distortions of the field strength. From typical values
of the donor density in anodic TiO2 films, Ueno et al. estimate the depth of
the space-charge layer to be of the order of 25 nm. Hence, from about 12V on,
the electric field might no longer be applied to the whole film, but to a thinner
region adjacent to the oxide/electrolyte interface. In that case, the field might
not be constant over the whole thickness, which will directly affect the evolu-
tion of the electrostriction stress in an intricate way.

As to the second possible origin, a decrease of the field in the film is a priori
not unrealistic and would in addition be qualitatively coherent with our ob-
served decrease of the growth efficiency, as will be further discussed in chapter
5. However, quantitatively, this scenario is unrealistic. Indeed, in order for
∆κES to keep a constant value almost independent of the anodisation voltage,
the effective field in the film would have to vary according to E = 1/V , instead
of the expected constant value. This is not very likely as it would indicate
that the proportionality between V and hf does no longer hold, which is not
coherent with our TEM-based thickness measurements.

Finally, it should be noted that, from 15V on, the electrostriction model
given by Eq.4.12 might no longer be adapted. Indeed, the TEM investigation



4.4. ELECTROSTRICTION STRESSES AS A MONITORING TOOL 235

demonstrated that the inner part of the film crystallises in that voltage range,
hence leading to a 2-layer structure. More complex models would probably
be necessary to describe adequately the mechanical and electrical behaviour of
such a multi-layered sample. In addition, the electrostriction equation Eq.4.12,
which was derived explicitly for amorphous materials, may no longer be ap-
plicable. Expressions linking α1 and α2 to the dielectric constant have been
derived as well for crystalline materials with simple crystal symmetry (FCC)
and differ considerably from those for amorphous films [218]. In the case of
FCC materials, α1 and α2 have opposite signs, so that the predicted σES will
be smaller than in the case of amorphous materials. Below 15V, our samples
consist of small crystallites embedded in an amorphous matrix (see chapter 3),
so that the amorphous model seems to be much more adapted than a model
developed for crystalline material. In the case of thicker films presenting an
inner polycrystalline layer, like in the case of our sample grown up to 40V, our
model is probably no longer adequate.

This question remains open and will require further investigation, including
correlation of the stress measurements with capacitance measurements, in order
to ascertain whether the observation of the constant ∆κES reflects a change
in the dielectric constant of the film or if it is due to the fact that our oxide
films do not behave like ideal elastic dielectrics, which involves errors in the
quantification of field or mechanical thickness. Our attempts to measure the
film capacitance by ex-situ impedance measurements remained however unsuc-
cessful, owing to the very leaky character of the oxide films which prevented
any stable and reproducible measurement of the film capacitance.

Influence of the repeated interruptions

An important issue regarding our experimental methodology is the possible
influence of the repeated interruptions on the growth process. Indeed, it is
not easy to ascertain that interrupting the growth repeatedly does not affect
the growth process too much, so that conclusions drawn from interrupted ex-
periments also apply to continuous anodisation. In order to provide insight
into that question, we have examined the ‘reconstructed’ V -t and κ-t curves
obtained by removing from both curves the data corresponding to the time
periods when the current was turned off. Figures 4.10a and 4.11a show the
curvature evolution with time obtained for the first series of experiments in,
respectively, H3PO4 in the first region and HNO3 (at 1 mA/cm) in the plateau
region. Figures 4.10b and 4.11b show the corresponding reconstructed κ-t and
V -t curves. It can be seen that the curvature discontinuities measured in the
first growth region show very good reversibility (Fig.4.10b): when the current
is turned back on at the end of each interval, the cell voltage and the curva-
ture return to their original values almost instantaneously. In contrast, samples
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measured in the plateau region were observed to need more time to return to
the initial values of V and κ obtained before the current was turned off, which
could be indicative for a more marked influence of the interruptions on the
growth process. As to the second series of experiments, we have compared the
‘reconstructed’ κ-t and V -t curves to the corresponding curves obtained for the
continuous experiments. The continuous and reconstructed curves are plotted
together on Fig.4.17a and b. In this case, the reconstructed V -t curve has
been obtained by first removing the V -data corresponding to the time intervals
when the anodisation was interrupted (shaded zones in Fig.4.14), and then by
removing as well the V -data recorded after re-application of the current and
corresponding to the time interval when the cell voltage had not yet recovered
to its value measured just before the interruption. In that way, a continuously
increasing V -t curve was obtained. The same procedure was followed for build-
ing the reconstructed curvature trace. The reconstructed V -t and κ-t curves are
observed to be qualitatively identical to the one measured for the continuous
experiments. In particular, the three distinct stages of both the cell voltage
and the curvature evolution already identified for the continuous experiment
are again observed. Although further characterisation would be required to
ascertain that the interruptions do not affect the characteristics of the growing
films, the observation that the reconstructed V -t and κ-t are almost identical to
the ones measured for continuous experiments is believed to be evidence that
the repeated interruptions of the anodizing process do not significantly affect
the anodisation process. Therefore, we are confident that conclusions drawn
for the interrupted experiment can be safely extended to the continuous growth
process as well.

Influence of the intrinsic growth strains on the dielectric constant

It can be noted that the dielectric constant of the film was shown to be strain-
dependent, as described by Eq.4.6. Hence, not only the reversible electrostric-
tion stress but also the intrinsic growth stress is expected to have a direct in-
fluence on the film’s dielectric constant. The question may arise as to whether
the observed progressive decrease of ε could be the consequence of an increase
of the average stress in the film. As pointed out in the previous paragraph, the
decrease of ε indeed takes place in a V -region where large compressive stresses
develop. McAleer and Peter [148] observed a similar decrease of the dielectric
constant of their films and suggest that this could be the results of strains in
the film. However, in our case, such an effect would be expected to act in the
opposite direction. Indeed, the average stress in our anodic films was observed
to be compressive for all experiments, thus being asociated with an increased
number density n of polarisable molecules in the dielectric. According to the
Clausius-Mosotti equation Eq.4.1, such an increase of n is expected to lead to
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Figure 4.17: Comparison of the reconstructed κ-t and V -t evolution curves
obtained for the interrupted experiment with those observed for the continuous
experiments.

a larger value of the dielectric constant, in contrast with our observation. In
addition, although large in-plane intrinsic stresses accompany the growth of
the film, it should be noted that the intrinsic growth stress in the out-of-plane
direction is much smaller, owing to the fact that the film can grow freely in
the z-direction. Therefore, the intrinsic contribution to the overall stress in not
expected to have a significant influence on the film’s dielectric constant εzz in
the out-of-plane direction.

4.5 Conclusion

From the experimental point of view, the interest of high-resolution curvature
measurements for investigating electrostriction stresses in anodic oxide films
has been demonstrated. This technique was found to be well-adapted to this
kind of measurements, both in terms of curvature and time resolution. The
electrostriction stress contribution could be separated from the irreversible in-
trinsic growth stresses and its field-dependence was investigated. Quantitative
experimental data on the magnitude of electrostriction stresses in thin anodic
TiO2 films is provided as well. From the theoretical point of view, a novel equa-
tion was proposed for amorphous materials, linking the electrostriction stress to
the electrostatic field and the material dielectric constant. This new equation
is fundamentally different from the equation generally used in the literature
in that it takes into account explicitly the dielectrostriction phenomenon. It
predicts a quadratic dependence of the electrostriction stress on the dielectric
constant, in contrast to the linear dependence predicted by the classical equa-
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tion. A good agreement was observed between our measured electrostriction
stress values and predictions from our newly-derived equation. Finally, it has
been discussed how the evolution of the electrostriction stress could be used to
diagnose changes in the material dielectric and/or morphological characteris-
tics.
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As already introduced in chapter 1, the anodisation of Ti presents some
peculiarities, most of them being somehow related to the semiconducting char-
acter of TiO2. Anodisation of Ti is, for instance, typically accompanied by
side-reactions, hence inducing characteristic variations of the growth efficiency.
The first section of this chapter deals with a very fundamental question which,
to the best of our knowledge, has never been addressed explicitly in the litera-
ture: do efficiency changes induce field variations in the film? This question is
discussed in the well-established framework of the high-field model. The second
section provides a discussion of the influence of such field variations on the cell
voltage evolution. In particular, the origin of a local V -maximum of the V -t an-
odisation curves, which was reproducibly observed to accompany the efficiency
changes, is discussed. Finally, in the third section, the possible microstructural
origin of the transition is examined, based on TEM observations.
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5.1 Growth kinetics of anodic TiO2 films

The high-field growth model is usually considered to be applicable to the growth
of anodic TiO2 films. However, the fact that only a fraction of the total current
(itot) is carried by ions (ionic current ii), owing to the semiconducting character
of TiO2, must be taken into account when studying the growth kinetics. We
can define an ionic efficiency η=ii/itot and write the high-field equation as:

ii = η · itot = ioexp(β · E) (5.1)

Keeping in mind the definition of the anodising ratio, Eq.5.1 can be written
equivalently as

AR =
β

ln(η) + ln(itot)− ln(io)
(5.2)

According to Eq.5.2, the value of the anodising ratio can only be constant dur-
ing galvanostatic anodising as long as the growth efficiency η remains constant
as well. This is indeed the case during anodising for most of the valve metals
forming insulating oxide films. However, it is not so for semiconducting oxides
such as TiO2, for which efficiency changes are to be expected as a consequence
of side-reactions accompanying the growth of the film [157]. In that case, Eq.5.2
predicts an increase of the anodising ratio when the growth efficiency decreases.

5.2 Influence of efficiency changes on the cell
voltage evolution

The voltage evolution with time during galvanostatic anodising of bulk Ti has
been reported in the literature to exhibit several particularities. One of them is
the as yet unexplained observation of local maxima and hence the presence of a
local V -decrease, followed by a change in the slope of the chronopotentiometric
V -t curves. Ammar and Kamal for instance reported the presence of what they
called “slight maxima” associated with slope changes on the V -t curves during
bulk Ti anodising with current densities in the mA/cm2 range [10]. Some of
the anodising curves presented in the work of Delplancke et al. [47] exhibit the
same characteristic features: their V -t curves also exhibit a local V -decrease
associated with a slope change. Considering the definition of the anodizing
ratio (AR),

AR(t) =
hox(t)
V (t)

(5.3)

such a local decrease in the evolution of the anode voltage V (t) can be at-
tributed to an instantaneous increase in the anodising ratio, provided that the
thickness of the oxide film hox, assumed to be homogeneous over the sample
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surface, is continuously increasing with time. As discussed in the first section,
such AR-changes can arise from efficiency changes. The aim of this section is
to report our observation that the characteristic V -t behaviour during galvano-
static Ti anodising, in particular the local V -decrease, can be quantitatively
reproduced within the framework of the classical high-field model, based on the
assumption that the change in AR is entirely determined by the evolution of
the growth efficiency.

Experimental

Ti anodising
This study has been carried out on Ti electrodes from the STi batch, prepared
as described in chapter 2. Anodising of the Ti thin films was carried out under
galvanostatic conditions in 1.0 M H2SO4 with a current density of 4 mA/cm2.
Six samples were anodised under the same conditions, but up to different an-
odising voltages of, respectively, 5, 8, 11, 15, 21 and 25V. In contrast to the
experiments described in the previous chapters, the electrochemical cell con-
sisted of a classical 3-electrodes set-up with the Ti thin film anode, a stainless
steel cathode, and a calomel reference electrode. The area of the sample sur-
face exposed to the electrolyte was 1 cm2. It should be noted that, in our data
analysis, the anode voltage V has been assimilated to the potential drop across
the oxide film φox. In fact, it is the latter which more rigorously should have
been used in Eq.5.3 instead of V . However, the difference between V and φox,
which can arise from additional potential differences at the metal/oxide or ox-
ide/electrolyte interface, has been demonstrated in the literature to be smaller
than 0.1V for typical valve metals, and to remain constant under galvanostatic
anodising conditions [44, 220]. Relative to the anode voltages measured in this
work, this contribution can be considered to be negligible, making the anode
voltage V a reliable estimation of φox. It should be noted that, although the
same overall V -t behaviour, characterised by the local V -decrease accompany-
ing the slope change, was observed independent of the electrolyte temperature,
the transition was much sharper when the anodisation was carried out in a cold
electrolyte. In particular, the V -t curve shown on Fig.5.1, showing a very sharp
transition, was obtained for an electrolyte temperature of around 7◦C.

Oxide characterisation
The thickness of the oxide films was measured by ex-situ ellipsometry using
a Sentech SE800 spectroscopic ellipsometer. Spectra were recorded over the
wavelength range of 190 to 900 nm. The ellipsometry data were then fitted
to a two-layer model consisting of a dielectric TiO2 film (with the imaginary
part of the refractive index equal to 0) on a Ti substrate. A spectrum was
recorded for the Ti substrate prior to anodising and used as an optical model
for the Ti layer. Both the thickness (hox) and the optical index (n) of the TiO2
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Figure 5.1: Experimental chronopotentiometric anodising curve for a sputtered
Ti film from the STi batch anodised in 1.0 M H2SO4 at 4 mA/cm2.

layers were free fitting parameters to the ellipsometric data. While the fitted
hox-values increased with the forming voltage, a constant n-value of 2.0±0.1
(at λ=632nm) was found for all samples. The atomic density (Γ) of the TiO2

layers was measured by Rutherford Backscattering Spectrometry (RBS). Each
sample was analysed at 170◦ backscattering angle with 2.8 MeV He+ ions. The
samples were tilted by 6◦ within the beam-analyser plane. The RBS data were
analysed using commercial SIMNRA software. The density ρ of the oxide film
was then calculated according to

ρ =
Γ
hox

Mw

3NAV
(5.4)

whereMw is the molar weight of TiO2 (80 g/mol) andNAV Avogadro’s number.

Results and Discussion

Fig.5.1 shows a typical anodising curve reproducibly observed during galvano-
static anodising of our sputtered Ti films in 1.0 M H2SO4 at 4 mA/cm2. The
V -t curve is characterized by two linear stages, separated by a transition region
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where a sharp, local decrease of V is observed. The constant slopes corre-
sponding to the first and second stage have been determined as, respectively,
1.116±0.003 V/s and 0.0260±0.0001 V/s. In order to qualitatively understand
the origin of this characteristic voltage evolution, Eq.5.3 can be combined with
a Faraday-type expression for the oxide thickness :

V (t) =
hox(t)
AR(t)

=
1

AR(t)

(
M · itot

4Fρ

∫ t

o

η(t)dt+ ho

)
(5.5)

where F is Faraday’s constant, itot is the total applied current density and ho is
the thickness of a possible native oxide layer on the anode surface. Note that,
in the above formula, we have implicitly assumed that the rate of chemical
dissolution of the oxide film in the electrolyte is negligible. This is not neces-
sarily true for all anodic oxides [223], but it can be expected to be the case for
TiO2 which is known to be chemically very stable in diluted H2SO4 [22]. On
the other hand, any electrochemically-assisted oxide dissolution is taken into
account by the growth efficiency η(t). According to Eq.5.5, the constant slopes
dV /dt observed for the first and second stage suggest that the anodising ratio
and the oxide density remain constant within each of these regions, while the
transition region is indicative for a variation of at least one of these parameters.
We verified this explicitly by quantifying the evolution of the oxide thickness
and density during anodising.

Fig.5.2 shows the thickness evolution of the oxide film measured ex-situ by
ellipsometry as a function of the final voltage. The first two points correspond
to samples for which anodising was stopped before the transition region, while
the last four ones correspond to samples which have been anodised into the
second linear stage. From this figure, the AR calculated from the two available
data points in the 1st stage (1.9±0.1 nm/V) is observed to be significantly
different from the one corresponding to the 2nd stage (2.7±0.1 nm/V). The
density of the oxide films was then assessed by combining the thickness data
from ellipsometry with atomic density values measured on the same samples
by RBS, shown in Fig.5.3. According to Eq.5.4, the density of the oxide films
can be extracted from the slope of the linearly proportional fit in Fig.5.3. A
constant density of 3.0±0.2 g/cm3 is thus obtained, statistically equal for all
samples during both stage 1 and 2. This observation is in agreement with
the fact that a constant value of the refractive index was measured for all
samples. Moreover, the absolute values of the density and the refractive index
are indicative that our anodic oxide films are essentially amorphous [57, 172].
From the above measurements of hox and ρ, it can therefore be concluded
that within each of the 2 constant slope stages, the anodising ratio AR (and,
according to Eq.5.2, therefore also the growth efficiency η) and the density of
the oxide film remain constant, while in the transition region, AR is observed
to increase while ρ remains constant. As a result, the derivative of Eq.5.5
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Figure 5.2: Thickness of the anodic oxide films, measured by spectroscopic
ellipsometry, as a function of the final anodising voltage.
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Figure 5.3: Atomic density values, as measured by RBS, as a function of oxide
thickness determined by ellipsometry.

simplifies to the following expression for each of the 2 constant slope stages (i
= 1,2) : (

dV

dt

)
i

=
M · itot

4Fρ

( η

AR

)
i

(5.6)

According to Eq.5.6, growth efficiency values can then be calculated for the
first and second stage from the experimental dV /dt, density and AR values.
The slope of the first stage corresponds to an efficiency of 78±5%, while in the
second stage, the oxide film grows with a significantly reduced efficiency of only
2.5±0.2%. Such a dramatic drop in anodising efficiency has been reported by
many others before and is characteristic for Ti anodising. As already introduced
in chapter 1, it is a direct consequence of a major fraction of the current through
the semiconducting TiO2 film becoming electronic in nature above a certain
threshold voltage. The origin of this transition in the conduction properties of
the film will be discussed further in the third section.

Based on the above-determined AR- and η-values, the characteristic rate
constants io and β of the high-field model can now be evaluated from Eq.5.2.
The thus obtained values io = 6.6 10−6 mA/cm2 and β = 25.5 nm/V are well
within the range of published values for anodic TiO2 [10, 139, 167]. It should
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Figure 5.4: Simulated evolution of the anodising ratio with ionic current density,
according to Eq.5.2. The values determined for the high-field rate constants
io and β are characteristic for Ti anodising. The inset shows the predicted
evolution of the anodising ratio with growth efficiency for the current density
of 4 mA/cm2 applied in this work.
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be noted that, the previous extraction of io and β is implicitly based on the
assumption that their values are constant for a given metal, electrolyte and
temperature and are not affected by the changes in the ionic current density or
the resulting change in the electric field. As previously introduced in section
1.1.2, the two parameters of the high-field model are defined as:

io = zFνacxexp

(
−W
RT

)
(5.7)

and
β =

αazF

RT
(5.8)

Considering the definition of β, the latter parameter is determined by the ac-
tivation distance associated with the transfer of ions to an adjacent site. It is
therefore expected to be unaffected by the magnitude of the current flowing
through the film. The primary current io depends explicitly on the concentra-
tion cx of charge carriers in the film, which could indeed be field-dependent
[114]. In our case, the oxide film right after the transition would contain an
excess of charge carriers and would evolve towards an equilibrium state char-
acterised by a lower concentration of charge carriers and hence a lower io.
However, according to Bean et al. [19], such a field-dependence of io is ob-
served only under low-field conditions. Therefore, this effect is expected to
have only a limited impact on our calculated io-values. With the above calcu-
lated values for the rate constant io and β, Fig.5.4 then shows the evolution
of the anodising ratio as a function of the ionic current density (ii = ηitot),
as predicted by Eq.5.2. The inset shows the predicted evolution of AR as a
function of the growth efficiency for an applied current density of 4 mA/cm2,
identical to the one used in this work. It is seen that the anodising ratio varies
only weakly at relatively high ionic current densities. For example, a decrease
in current density over one order of magnitude from 10 down to 1 mA/cm2 will
increase the AR by only 16%. This weak dependence of AR on ii as resolved in
Fig.5.4 for the mA/cm2 range clearly justifies the tabulating in the literature
of characteristic, seemingly current density independent AR values for anodic
oxides (as e.g. in [211]), despite the explicit current density dependence pre-
dicted by Eq.5.2. However, when the ionic current density further decreases
below the level of 0.1 mA/cm2, the anodising ratio starts to increase much more
steeply. As a result, for the galvanostatic anodising conditions in the mA/cm2

range typically encountered in the scientific literature, a significant increase in
anodising ratio can be expected when the growth efficiency falls below a few
percents. Obviously, there should be some threshold value for the ionic current
density below which the high-field model breaks down, and the current flowing
through the film becomes diffusion-controlled. In this paper however, in view
of the still meaningful values obtained for io and β, it seems that the high-field
model remains valid in the low-efficiency region as well. In our case, the growth
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Figure 5.5: Evolution of the anode voltage with time calculated according to
Eq.5.5, superimposed on the experimental curve from Fig.5.1.

efficiency was observed to drop by more than an order of magnitude, from a
value close to 80% to a very low value below 3%. With itot = 4 mA/cm2, this
then explains the observed dramatic increase of the anodising ratio (cfr. inset
of Fig.5.4). In the following paragraph, we will show that also the experimen-
tally recorded V -t curve, including the characteristic local V -decrease, can be
quantitatively accounted for by this decrease in growth efficiency.

According to Eq.5.5, after inserting Eq.5.2 for AR(t) and taking into ac-
count our experimental observation that the density of the oxide film remains
constant, the time evolution of the voltage signal is now seen to be fully de-
termined by the evolution of the growth efficiency η(t). In order to be able to
use Eq.5.5 for reproducing the measured V -t curve of Fig.5.1, we must, apart
from inserting the previously determined values for io, β and ρ, also find and
integrate a realistic function for η(t). As the latter should exhibit as a main
feature a fast transition between two constant values, the following analytical
function is proposed :

η(t) = η2 +
η1 − η2

exp
(

t−tm

α

)
+ 1

(5.9)

In Eq.5.9, η1 and η2 are the constant anodising efficiency values for the first
and second stage already determined earlier, and tm is the transition time, cor-
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Figure 5.6: (a) Simulated evolution of the oxide thickness with time. (b, inset)
Time-evolution of the growth efficiency, as described by Eq.5.9 with α= 0.3s,
and related evolution of the anodising ratio (AR), as given by Eq.5.2.

responding to the maximum of the V -t curve and equal to 8.7 sec in Fig.5.1.
Therefore, the only free fitting parameter is α, a characteristic for the spreading
of the transition region around tm. Its value has been optimized as α = 0.3 sec
in order to obtain the best fit to the experimental V -t data in the transition
region. Fig.5.5 then shows the voltage evolution with time calculated according
to Eq.5.5, superimposed on the experimental V -t curve from Fig.5.1. The value
for the thickness ho of the native oxide film in Eq.5.5 was calculated from the
value of the initial potential jump at t = 0. A thickness of 3.4±0.2 nm was
obtained, in fair agreement with reported values for the native oxide thickness
on sputtered Ti films [237]. The fact that good agreement is observed between
the simulated local voltage decrease and the actual experimental data is also in
favour of the validity of our initial statement, namely that the increase of the
anodising ratio can be entirely accounted for by the high-field theory, which
essentially links the ionic current density, or, more fundamentally, the growth
efficiency η, to the anodising ratio. As already discussed with Eq.5.5, the ex-
perimentally observed local V -decrease is therefore mathematically a direct
result from this efficiency-induced AR-change, combined with a continuously
increasing oxide thickness throughout the transition region. This is illustrated
in Fig.5.6a, which shows the time evolution of the oxide thickness as reproduced
by substituting into Faraday’s law the previously obtained values for η(t). The
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Figure 5.7: Simulated evolution of the anode voltage with time in and near the
transition region for different values of the fitting parameter α.

latter are shown in turn, together with AR(t), in the inset Fig.5.6b.

Finally, we must acknowledge that the actual variation of the growth effi-
ciency in the transition region might not follow exactly the function η(t) pro-
posed in Eq.5.9. This is probably also the reason why the experimental V -t
curve was not exactly reproduced in Fig.5.5. However, the main V -t character-
istics, including the position of the local voltage maximum, the extent of the
transition region and the difference between the maximum and the minimum
voltage, have been correctly captured with our simple η(t) function. Nonethe-
less, it is still of interest to investigate the effect of the value of the fitting
parameter α in Eq.5.9 as well. Fig.5.7 shows the simulated evolution of the
voltage with time in and near the transition region for different values of α.
It can be seen that low values of α lead to a very sharp transition, which ap-
pears almost like a V -discontinuity. As α increases, the whole transition region
is spread over a longer period in time, and the difference between the maxi-
mum and the minimum voltage is reduced. In our experimental V -t curve of
Fig.5.1, the transition appears to be quite sharp, in any case sharper than the
previously cited observations from the literature on bulk Ti anodising [10, 47].
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A speculative explanation for such a sharp transition might be the fact that
our sputtered Ti films exhibit a marked [002] texture. Indeed, as discussed in
section 1.2.4 Kudelka et al. have demonstrated that the electronic properties,
and hence also the potential at which the oxygen evolution sets off, of slowly
anodised TiO2 films depend strongly on the orientation of the underlying Ti
substrate [124]. Therefore, in the case of TiO2 grown on a polycrystallline bulk
Ti substrate, one can expect some spreading of the threshold voltage from one
grain to the other. In contrast, in our case of a highly textured Ti thin film
substrate, the oxygen evolution can be expected to start more homogenously
in time all over the sample, leading to the observed sharp transition.

Conclusions

In the first and second sections, the influence of efficiency changes on the cell
voltage evolution has been discussed. It was shown that, according to the
high-field theory for ionic migration, an increase of the anodising ratio is to
be expected when the growth efficiency decreases. This effect becomes quite
significant for applied current densities in the mA/cm2 range when the anodic
growth efficiency falls below a few percents. This is illustrated in the second
section, based on experimental observations of the V -t and thickness evolu-
tion. Finally, it was shown that the specific shape of our anodising curves,
characterised by a local V -decrease accompanying the efficiency drop, can be
quantitatively reproduced based only on the evolution of the growth efficiency.

5.3 TEM investigation of the origin of the con-
ductivity changes in anodic TiO2.

In the first two sections, we have discussed indirect consequences of the tran-
sition in the electronic properties of TiO2 films on their growth. In this third
section, the microstructural origin of this transition is discussed, based on ob-
servations from in-plane TEM investigations. Indeed, as introduced in chapter
1, according to Habazaki et al. [76], the transition in the electronic properties of
TiO2 films and the resulting decrease of the growth efficiency would be directly
related to their crystallisation to anatase. In order to gain insight into that
question, we have investigated the evolution of the microstructure of our films
in the course of the growth. Three samples, anodised to 5V, 8V (below Vmax)
and 11V (over Vmax) have been examined in order to detect any structural
change associated with the local V -decrease. Owing to the very small thick-
ness of the films to be investigated, TEM appeared to be the most appropriate
technique.
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Experimental

In order to render them suitable for TEM investigation, the TiO2 films were
stripped from their substrate using a procedure similar to that initially proposed
by Nurse and Wormwell [166], which was also successfully used by Delplancke
et al. [48], Marsh et al. [146] or Shibata et al. [214]. The Ti substrate has
been dissolved selectively by immersing the samples (5x5 mm2) for 1 hour in a
solution composed of 10% bromine in anhydrous methanol. The solution was
then filtered on a cellulose filter paper (Schleicher & Schuell 5892) which was
subsequently rinsed with methanol. After air drying, small oxide fragments,
appearing as tiny iridescent rods, are observed on the filter paper. Inspection
under an optical microscope reveals that the stripped films have coiled up,
hence having the appearence of small rolls approximately 50 µm wide and a
few mm long, as illustrated on Fig.5.8. The oxide fragments were transferred
from the filter paper to copper TEM grids by gently pressing the grid on the
filter paper. Using that procedure, isolated TiO2 films have been prepared for
the samples anodised at 5V, 8V and 11V, hence corresponding to thicknesses
of approximately 8, 14 and 27 nm, well-adapted for TEM observation. The
TEM investigations have been carried out on a Leo 922 microscope operated
at 200 keV and provided with a Köhler illuminator. The latter allows for au-
tomatically scaling the size of the region exposed to the electron beam when
changing the magnification (hence preventing irradiating a region of the sample
while observing an adjacent region). This is of specific importance in the case
of anodic oxide films, as such films are well-known to be prone to electron-beam
crystallisation in the TEM [5, 108]. In addition, care was taken to work with
the smallest possible current (around 2µA) and to reduce as much as possible
the time of exposure to the beam. In particular, after optimising the focus,
the sample was always slightly shifted in order to record the images and dif-
fraction patterns on a fresh region. Due to the coil-shape of the samples, TEM
investigation was carried out close to the edges of the samples in regions where,
apparently, the sample consisted of a single layer. The obtained diffraction
patterns were post-treated using ProcessDiffraction V4.3.8 B freeware [128], in
order to represent in a more quantitative way the distribution of the diffracted
intensity.

Results

Identification of the crystalline phases
Figure 5.9 shows a typical electron diffraction pattern recorded for the sample
anodised to 8V. The same series of diffraction rings was reproducibly observed
on all three samples but the relative intensity of the rings and their appear-
ance (continuous or spotty) varied from one sample to another. Three intense
diffraction rings of diameter 0.57, 0.81 and 1.41 Å−1 have been identified, com-



5.3. ORIGIN OF THE CONDUCTIVITY TRANSITIONS 253

Figure 5.8: Optical microscopy image from a coiled-up 14 nm thick TiO2 sample
after its transfer on the TEM grid.

Figure 5.9: Typical diffraction pattern observed for our TiO2 samples.



254 CHAPTER 5. CONDUCTIVITY TRANSITIONS IN ANODIC TIO2

d intensity h k l ring diameter
[Å] [Å−1]

3.5200 100 1 0 1 0.57
2.4310 10 1 0 3 0.82
2.3780 20 0 0 4 0.84
2.3320 10 1 1 2 0.86
1.8920 35 2 0 0 1.06
1.6999 20 1 0 5 1.18
1.6665 20 2 1 1 1.20
1.4930 4 2 1 3 1.34
1.4808 14 2 0 4 1.35
1.3641 6 1 1 6 1.47
1.3378 6 2 2 0 1.49
1.2795 2 1 0 7 1.56
1.2649 10 2 1 5 1.58

Table 5.1: CPDS data for TiO2 anatase (ref 00-021-1272)

plemented by a series of weaker rings at 0.85, 0.92, 1.06, 1.19 and 1.58 Å−1.
The first intense ring at 0.57 Å−1, corresponding to an interreticular distance
d of 3.5 Å, is characteristic for the [101] planes of TiO2 anatase [76]. The
CPDS data for anatase (ref. 00-021-1272) is reproduced in Table 5.1. It can
be observed that all the most important diffraction peaks of anatase are in-
deed observed on the diffraction pattern presented on Fig.5.9. In contrast, the
intense ring observed at 1.41 Å−1 and the weak one observed at 0.92 Å−1 do
clearly not belong to anatase. In addition, the large intensity of the 0.81 Å−1

ring is not coherent with the expected relative intensities of the anatase rings.
The latter observations are indicative for the presence of, at least, a second
crystalline phase in addition to anatase.

In order to help identifying this second crystalline phase, the following pro-
cedure was followed. A dark-field image was recorded, using the signal cor-
responding to the external unidentified diffraction ring at 1.41 Å−1. Then,
by using an appropriate diaphragm, a small area of 175 nm in diameter was
selected on the sample in a region containing a large proportion of the sec-
ond phase. The diffraction pattern recorded on that area is reproduced on
Fig.5.11a. Using the same procedure on an anatase-rich region of the sample,
the selected area diffraction pattern (SADP) reproduced on Fig.5.11b was ob-
tained. As evident from Fig.5.11a, the ring at 1.41 Å−1 is accompanied by an
inner ring at 0.80 Å−1. Hence, it is likely that the large intensity of the 0.81
Å−1 ring of the overall diffraction pattern arises from the superposition of the
anatase ring at 0.82 Å−1 and the 0.80 Å−1 ring from the second phase. In
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contrast, the unidentified ring observed at 0.92 Å−1 does not seem to belong
to this second phase, hence suggesting that a third phase might be present. In
order to interpret the diffraction pattern from Fig.5.11a, the latter was com-
pared to the CPDS data for the main other Ti-oxides, i.e. TiO2 rutile, Ti2O3,
TiO or a one of the Magnéli phases of generic formula TinO2n−1 (with n be-
tween 4 and 10). Clearly, the presence of Ti2O3 or FCC TiO is incompatible
with our obtained diffraction pattern (see Tables 5.3 and 5.5). The presence
of randomly-oriented rutile seems to be unlikely as well, given the complete
absence of the main rutile ring corresponding to the [110] planes, which would
be observed at 0.62 Å−1. Rutile showing a marked preferential orientation is
however believed to account for the single unidentified diffraction ring at 0.92
Å−1. We will come back to this point in the following paragraphs. Magnéli
phases consist of ordered substoichiometric Ti oxides and are usually produced
by reducing TiO2 at high temperature (>1000◦) in an hydrogen atmosphere
[222]. Their presence in anodic Ti-oxide films has never been reported so far,
not even in the study carried out by Pouilleau et al. [188] in which Magnéli
phase are directly compared with anodic Ti-oxide films using XPS. Information
on the crystallographic properties of such phases can be found in the paper by
Reece and Morrell [196] and in the JCPDS database (patterns 00-51-641, 00-
50-787 and 00-18-1401). Owing to the low (triclinic) symmetry of these oxides,
the diffraction figures are rather complex and do not seem to correspond to our
observed ones. Finally, and rather surprisingly, the ring at 80 Å−1 on Fig.5.11a
could correspond to the main ring of hexagonal TiO, both in terms of position
and symmetry. As to the second (1.41 Å−1) ring, it cannot be attributed to the
[211] planes which would not be observed together with the [110] planes. We
believe it might correspond to the [300] planes, if we admit a slight deviation of
the lattice parameters of the order of 2%. The SADP image of Fig.5.11 would
then correspond to the basal plane of hexagonal TiO. This seems to be the
most likely possibility based on the available observations. It should be noted
that the diffraction pattern presented on Fig.3.20, which was prepared for the
TEM examination using a completely different procedure, also provides some
evidence of the presence of hexagonal TiO (mainly a small peak at 1.41Å−1).
Hence, we believe that the latter phase is indeed produced during the anodis-
ation and not during the film stripping procedure.

As the observation of crystalline TiO in our samples is rather unexpected,
we have explicitly ensured that the diffraction signal does not correspond to an
artefact arising from residual undissolved Ti on the TiO2 film, from the copper
grid or from a contaminant formed during the film stripping procedure (for
instance TiBr2 or TiBr4). As evident from the crystallographic CPDS data re-
produced on Table 5.2 the position of the diffraction rings of the second phase
is incompatible with the hypothesis that the latter would be attributable to
residual Ti. The diffraction signal could not either come from the copper grid.
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Figure 5.10: EDX spectrum recorded on the 11V sample.

As to the possibility that the diffraction signal would be attributable to a
contaminant produced during the film stripping procedure, it should be noted
that TiBr4 has some diffraction rings very close to those of TiO2 anatase (see
Table 5.7). For instance, the bromide is characterised by rings at 0.56, 0.83,
1.06 and 1.2 Å−1, which almost correspond to positions of anatase rings, and
presents supplementary rings at 0.9 and 1.42 Å−1, which almost correspond to
the positions of the unidentified rings. This suggests that the signal attributed
to anatase could be, at least partly, attributable to TiBr4 which would have
formed during the stripping procedure. However, some of our observations ren-
der this hypothesis doubtful. Firstly, even though TiBr4 might be present in
the sample, anatase is definitely present as well, as the symmetry of the SADP
on Fig.5.11b unambiguously corresponds to anatase. Secondly, EDX analysis,
coupled to the TEM, was carried out on the samples in order to check for
the presence of possible contaminants. The EDX spectrum is reproduced on
Fig.5.10. No elements other than Ti and O have been detected. The fact that
no bromine was detected by EDX analysis and that all the most intense peaks
of TiBr4 (corresponding to diameters of 0.61, 0.71, 1 and 1.17 Å−1) are missing
in the diffraction patterns seems to discard the hypothesis that Ti bromides
are formed. Furthermore, the geometry of the SADP presented on Fig.5.11a
is not either compatible with that expected for a Ti bromide if the two rings
correspond to the [332] and [800] planes. Finally, the fact that a clear evolution
of the diffraction signal corresponding to this second phase is observed between
5V and 11V suggests that this phase is formed during the anodisation and not
during the film stripping procedure. Hence, the presence of TiBr4 does not
seem very likely. The presence of TiBr2 is even less likely, as evident from the
corresponding CPDS data (see Table 5.8).
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d intensity h k l ring diameter
[Å] [Å−1]

2.555 25 1 0 0 0.78
2.341 30 0 0 2 0.85
2.243 100 1 0 1 0.89
1.7262 13 1 0 2 1.16
1.4753 11 1 1 0 1.36
1.332 11 1 0 3 1.50
1.2776 1 2 0 0 1.57
1.2481 9 1 1 2 1.60
1.2324 6 2 0 1 1.62
1.1707 1 0 0 4 1.71
1.1215 1 2 0 2 1.78
1.0643 1 1 0 4 1.88
0.98865 2 2 0 3 2.02
0.96578 1 2 1 0 2.07
0.94591 4 2 1 1 2.11
0.91701 3 1 1 4 2.18
0.89281 1 2 1 2 2.24

Table 5.2: CPDS data for Ti (ref 00-044-1294)

Hence, it seems that the second phase, characterised by the two intense dif-
fraction rings at 0.81 and 1.41 Å−1), would correspond to hexagonal TiO. The
last unidentified ring at 0.92 Å−1), which does not belong to the diffraction
pattern of anatase nor of TiO is believed to correspond to (111)-oriented rutile,
although final conclusions can hardly be drawn from this single ring. In the
following paragraph, the microstructural evolution of the film between 5V and
11V is described in more details and discussed.

Evolution of the structure of the TiO2 film
In the case of the sample anodised to 5V, crystalline material is clearly already
present in the film. A continuous inner ring is observed at 0.57 Å−1, character-
istic for the (101) planes of anatase. This ring is accompanied by much weaker
anatase rings at 1.06, 1.18-1.20 and 1.47-1.49 Å−1. The observation of anatase
crystallites at 5V is in agreement with results reported by Leach and Pearson
for anodic oxide films grown on Ti at low current density [133]. The anatase
crystallites are likely to be very small and randomly oriented, as suggested by
the continuous appearance of the diffraction rings. Besides anatase, evidence
for the presence of the second crystalline phase, identified as hexagonal TiO,
is observed on the diffraction pattern. The latter is characterised by two outer
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Figure 5.11: Selected area diffraction patterns (170 nm in diameter) for the two
main phases present in the anodic films. The first one is believed to correspond
to the basal plane of hexagonal TiO and the second one correponds to anatase.
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d intensity h k l ring diameter
[Å] [Å−1]

2.407 45 1 1 1 0.83
2.085 100 2 0 0 0.96
1.475 50 2 2 0 1.36
1.259 14 3 1 1 1.59
1.205 12 2 2 2 1.66
1.044 6 4 0 0 1.92
0.958 6 3 3 1 2.09

Table 5.3: CPDS data for TiO FCC (ref 00-008-0117)

d intensity h k l ring diameter
[Å] [Å−1]

2.495 100 1 1 0 0.80
2.396 85 1 0 1 0.83
1.886 25 1 1 1 1.06
1.729 55 2 0 1 1.16
1.441 40 3 0 0 1.39
1.421 30 2 1 1 1.41
1.247 30 1 1 2 1.60

Table 5.4: CPDS data for hexagonal TiO (ref 00-012-0754)

d intensity h k l ring diameter
[Å] [Å−1]

3.732 25 0 1 2 0.54
2.712 50 1 0 4 0.74
2.572 60 1 1 0 0.78
2.277 8 0 0 6 0.88
2.238 35 1 1 3 0.89
2.116 12 2 0 2 0.95
1.865 35 0 2 4 1.07
1.704 100 1 1 6 1.17
1.634 12 1 2 2 1.22
1.592 4 0 1 8 1.26
1.51 30 2 1 4 1.32
1.483 45 3 0 0 1.35
1.306 25 1 0 10 1.53
1.2849 18 2 2 0 1.56
1.2432 12 3 0 6 1.61

Table 5.5: CPDS data for Ti2O3 (ref 00-010-0063)
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d intensity h k l ring diameter
[Å] [Å−1]

3.247 100 1 1 0 0.62
2.487 50 1 0 1 0.80
2.297 8 2 0 0 0.87
2.188 25 1 1 1 0.91
2.054 10 2 1 0 0.97
1.6874 60 2 1 1 1.19
1.6237 20 2 2 0 1.23
1.4797 10 0 0 2 1.35
1.4528 10 3 1 0 1.38
1.4243 2 2 2 1 1.40
1.3598 20 3 0 1 1.47
1.3465 12 1 1 2 1.49
1.3041 2 3 1 1 1.53

Table 5.6: CPDS data for TiO2 rutile (ref 00-021-1276)

d intensity h k l ring diameter
[Å] [Å−1]
4.61 30 2 1 1 0.43
3.57 40 3 1 0 0.56
3.26 100 2 2 2 0.61
2.825 90 4 0 0 0.71
2.663 10 4 1 1 0.75
2.409 10 3 3 2 0.83
2.216 20 5 1 0 0.90
1.998 100 4 4 0 1.00
1.883 10 6 0 0 1.06
1.883 10 6 1 1 1.06
1.704 100 6 2 2 1.17
1.666 40 6 3 1 1.20
1.631 40 4 4 4 1.23
1.413 10 8 0 0 1.42
1.296 10 6 6 2 1.54

Table 5.7: CPDS data for TiBr4 (ref 00-011-0064)
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d intensity h k l ring diameter
[Å] [Å−1]
6.5 60 0 0 1 0.31
3.24 80 0 0 2 0.62
3.149 10 1 0 0 0.64
2.827 100 1 0 1 0.71
2.255 80 1 0 2 0.89
2.155 10 0 0 3 0.93
1.806 80 1 1 0 1.11
1.785 80 1 0 3 1.12
1.618 60 0 0 4 1.24
1.586 40 1 1 2 1.26
1.521 40 2 0 1 1.31
1.415 30 2 0 2 1.41

Table 5.8: CPDS data for TiBr2 (ref 00-014-0642)

rings at 0.81 and 1.41 Å−1.

At 8V, Fig.5.13b shows that the intensity signal of the anatase rings in-
creases relative to the TiO-ones, indicating that the latter is still observed but
its relative proportion decreases as compared to the proportion of anatase.
Moreover, as a general trend, the diffraction pattern at 8V is spottier than the
one at 5V, which indicates that either the size of the crystallites increases or
that some specific crystalline orientations disappear. Finally, it can be noted
that a weak supplementary ring is observed at 0.92 Å−1, which does not belong
to the pattern of anatase. We will come back to this important observation as
well.

The microstructural evolution follows the same trend between 8V and 11V:
the relative proportion of anatase is observed to increase further. The relative
intensity of the ring observed at 0.92 Å−1 increases significantly as well but is
observed to vary significantly from one region to another on the same sample,
as evident from the dispersion between the four intensity curves superposed
on Fig.5.13c. It can be observed that the diffraction rings corresponding to
anatase are still continuous although they present some more intense portions.
In contrast, the rings corresponding to the second phase and the ring at 0.92
Å−1 are observed in the form of discontinuous ring segments. Besides the rings
corresponding to the crystalline phases, a characteristic halo is observed on all
diffraction patterns recorded on the three samples. The latter arises from the
presence of the amorphous matrix [214].
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Figure 5.12: Diffraction patterns recorded for the samples anodised to (a) 5V,
(b) 8V and (c) 11V.
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Figure 5.13: Distribution of the diffracted intensity corresponding to the dif-
fraction patterns recorded on the samples anodised to 5V, 8V and 11V, obtained
using ProcessDiffraction freeware [128]. On each graph, 4 intensity curves have
been superposed corresponding to 4 diffraction patterns recorded on 4 ditinct
regions of the sample. The theoretical pattern of anatase and hexagonal TiO
have been included as well.
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Localisation of the two phases
Fig.5.14 shows dark-field images corresponding respectively to the TiO and
anatase phases. The latter appears to be finely dispersed. In contrast, the TiO
phase appears to be present in the form of large clusters of small crystallites
exhibiting the same orientation. Those clusters have an average diameter of
200 nm.

Discussion

From these observations, the following conclusions can be made with respect
to the physical origin of the observed efficiency changes. The most impor-
tant one is that crystalline anatase is already present in the film at 5V and
8V, i.e. well before the local V -decrease. Hence, in our case, the efficiency
change accompanying the local V -maximum cannot be attributed to a simple,
instantaneous, amorphous-to-crystalline transition, as is sometimes proposed
in the literature [146, 76]. It seems that more subtle changes in the structure
of the film are responsible for the change in the electronic conductivity and the
related observed efficiency change. The transition could rather be related to
a given threshold in terms of size of the crystallites or of volume fraction of
the anatase phase, associated for instance with a percolation threshold or to a
decrease of the oxide bandgap, as suggested by Santamaria [202]. The initial
crystallites are likely to be very small when anodisation is interrupted at 5V, as
suggested by the continuous diffraction rings observed on Fig.5.13a. The size
of the crystallites can then be assumed to increase with increasing final voltage,
hence giving rise to the spottier diffraction pattern of Fig.5.13c. In any case,
at 11V, the crystallites are still embedded in an amorphous matrix as evident
from the characteristic halo on the diffraction patterns and from the low val-
ues already reported in section 5.2 for the refractive index and the oxide density.

The presence of the third crystalline phase, identified as hexagonal TiO,
was somewhat unexpected. Anodic TiO2 films have indeed been reported pre-
viously by some authors to contain Ti-oxides with an oxidation state lower
than four (TiO and Ti2O3) at the metal/oxide interface. However, such inter-
facial TiO and Ti2O3 layers are generally considered to represent a progressive
transition between Ti and TiO2 stoichiometries, characterised by a continuous
concentration gradient, and hence not corresponding to any well-defined crys-
tal structure. The presence of TiO/Ti2O3 interfacial layers was discussed in
the review paper by Aladjem [6], by Armstrong et al. [14], Pouilleau et al.
[187] and McCafferty et al. [149], although the latter authors conclude that
the observation of TiO and Ti2O3 could be an artefact of the ion milling in
XPS depth-profiling studies. According to Huber et al. [93], the fact that a
stoichiometry close to TiO is observed at the metal/oxide interface is due to
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Figure 5.14: Dark-field images of the 8V sample corresponding to (a fraction
of) the diffraction signal of (a) the 1.41 Å−1 ring corresponding to the TiO
phase and (b) the 0.57 Å−1 ring corresponding to anatase.
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Figure 5.15: Comparison of the grain size of the Ti substrate with the size of
the TiO clusters, as measured by TEM.

the migration of the Ti atoms across the metal/oxide interface, hence produc-
ing an excess of Ti in the vicinity of that interface. Similarly, Pouilleau et
al. [187] report the observation of an interfacial TiOx layer, the stoichiometry
of which varies continuously between the metal substrate and the bulk TiO2

and is therefore not detectable by X-ray diffraction. Hence, in our case, it is
somewhat surprising to observe a well-crystallised TiO material. Furthermore,
although no data could be found on the solubility of TiO in bromine, it would
a priori be expected to dissolve in such a strong oxidising solution. The dis-
solution rate might however be lower than that of Ti, which would account
for the fact that TiO is still present at the end of the 1 hour dissolution step.
Interestingly, the size of the TiO clusters presenting the same crystal orienta-
tion is observed to be comparable to the average size of the underlying grains
of the Ti substrate (see Fig.5.15). This suggests that oriented TiO might be
formed preferentially on the [0002] planes of Ti owing to a favourable orien-
tation relationship. This would also account for the fact that crystalline TiO
was not reported so far for bulk Ti, while we have systematically observed this
phase on our Ti thin film samples exhibiting a marked texture. At this stage
however, it still needs to be confirmed whether the presence of TiO in the first
stages of the anodisation process is a specific feature of our particular samples
or is a more general trend. It can be noted that, from the mechanical point of
view, the presence of such a TiO buffer layer at the metal/oxide interface would
be highly favourable. Indeed, hexagonal TiO is denser than Ti, and the two
compounds have a very similar molar volume (10.63 cm3/mol for Ti and 12.47
cm3/mol for TiO), which would allow for a significant reduction of the mechani-
cal stresses as compared to the situation where TiO2 would grow directly on Ti.
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Finally, between 8V and 11V, the main observed change is a significant
increase of the intensity of the ring at 0.92 Å−1. This latter ring does not
belong to the diffraction pattern of anatase neither to TiO. In contrast, it might
correspond to (111)-oriented rutile, although firm conclusions can hardly be
drawn from this single ring. As previously mentioned, the presence of randomly-
oriented rutile in our films is unlikely, considering the absence of the main
rutile ring at 0.62 Å−1. However, rutile crystallites might form with a specific
orientation relationship with either the Ti substrate or the anatase or TiO
phases. Recent results from Matykina et al. suggest that rutile crystallites
are formed preferentially at the metal/oxide interface on (0002) Ti grains [154].
According to these authors, such oriented rutile crystallites would play a role in
the oxygen evolution reaction and hence on the conductivity of the TiO2 films.
This might be related to the lower bandgap of the rutile phase as compared to
anatase (respectively 3.06 and 3.2 eV). The increase in the proportion and size
of rutile crystallites could contribute to decreasing the overall bandgap of the
film or lead to the establishment of preferential conduction path [146]. Hence,
the fact that the intensity of the 0.92 Å−1 ring increases significantly in the
transition region supports the idea that the rutile phase plays a major role in
the conductivity transitions associated with the observed efficiency change.

5.4 Conclusion

In this chapter, some aspects of conductivity transitions in anodic TiO2 films
are discussed. The starting point was the observation, upon anodising the Ti
electrodes from the STi batch, of a very sharp decrease of the growth efficiency
corresponding to a conductivity transition. This efficiency drop was repro-
ducibly observed to be accompanied by a local decrease of the cell voltage. In
the first two sections, it is shown that this observation can be interpreted in the
framework of the high-field model, based solely on the assumption that the V -
evolution is entirely determined by the evolution of the growth efficiency. In the
third section, the microstructural evolution of the oxide films around the tran-
sition is investigated in order to identify whether the conduction transition can
be correlated with a microstructural transition. TEM investigations convinc-
ingly demonstrate that the oxide films already contain anatase crystallites well
before the efficiency transition. Besides anatase, other crystalline phases have
been detected, among which one phase, already present on the 5V sample, and
identified as hexagonal TiO. The latter phase seems to be formed directly on
the Ti grains at the metal/oxide interface, with a direct influence of the metal
substrate on the orientation of the crystallites. Diffraction signal from a third
phase, identified as Rutile, is observed as well. This third phase is believed
to play a major role, as a significant increase of its intensity in the electron
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diffraction patterns is observed before and after the efficiency transition.



General conclusions and
perspectives

As discussed in the introduction, the contributions from this thesis are essen-
tially threefold, namely demonstrating the feasability of the experimental tech-
nique and designing an adapted experimental set-up, deriving a novel model
for the electrostriction stresses and providing experimental data on the stress
evolution in anodic TiO2 films. In this section, we would like to summarise the
progresses obtained for each of those three aspects, discuss possible improve-
ments and suggest paths that could be followed for pursuing this research.

Firstly, this thesis demonstrates the suitability of the multi-beam curvature
sensor as an efficient tool for following the stress evolution in anodic oxide films
in situ during their growth. The resolution and dynamic range of the technique
have been shown to be very well adapted to this kind of measurements and
the experimental difficulties inherent to the use of optical techniques for mon-
itoring dynamic processes in a liquid environment could be overcome. The
theoretical framework for the use of the multi-beam sensor has been described
extensively and a simple experimental set-up has been specifically designed for
in-situ monitoring of anodisation processes. All approximations made in the
derivation of the calibration equations were demonstrated to be appropriate for
the case of our experimental set-up so that they can be adopted with confidence.

Our experimental cell could however be further improved. The curvature
monitoring can not as yet be considered as a routine measurement, mainly ow-
ing to various optical perturbations and to the difficulty encountered in some
cases to stabilise the curvature signal at the beginning of the experiment. The
possible origin of several types of perturbations and the way of avoiding them
were discussed in the chapter 2. Nevertheless unidentified perturbations are
still observed in some cases, which constitutes the main obstacle to the suc-
cess and repeatability of the measurements. More investigation of the possible
source of perturbations and the way of preventing them should, to our opinion,
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be a priority. Other minor improvements could also be brought to our setup.
For instance, the next generation of the experimental cell should ideally allow
for temperature control, as this parameter is well known to have a significant
influence on anodisation processes. Another aspect of the sensor which could
be improved is the calibration procedure. The calibration procedure described
in section 2.2.3 requires measuring the mean spacing for three mirrors of known
radii of curvature. This is a relatively simple and accurate procedure. However,
it seems that the sensor itself provides a way of determining the length of the
optical path. Indeed, the focus of the initial laser beam has to be tuned in order
to have the laser spots focused on the detector window. So far, this is done
without quantitative control. Quantification of the laser focus would provide
for an accurate measurement of the length of the optical path, without requir-
ing any additional experiment, which would constitute a valuable improvement.

Secondly, some efforts have been oriented towards developing a better knowl-
edge of electrostriction stresses in anodic oxide films. It has been demonstrated
that electrostriction stresses in TiO2 films are large, typically of the order of
200 MPa, and that the current models for electrostriction based on the Maxwell
stress contribution only cannot account for such large stresses. A novel con-
stitutive equation has been proposed which takes into account explicitly di-
electrostriction. Our experimental electrostriction stress values were in good
agreement with the model. Future work should now be devoted to provide fur-
ther confirmation of the model, through different means. Firstly, the adequacy
of the model should be tested on metal/oxide/metal structures, in order to
avoid any interfering influence of film growth. For this purpose, samples could
be prepared by depositing a second metal electrode on top of anodic films.
Then, by following the evolution of the curvature of the sample in air while
scanning the potential difference between the two electrodes, a very straightfor-
ward observation of electrostriction should be obtained. As a second step, the
electrostriction stress data should be correlated with electrochemical impedance
measurements, in order to quantify the oxide dielectric constant. This should
allow for a direct confirmation of the correctness of the constitutive equation
linking the electrostriction stress to the dielectric constant. Finally, experimen-
tal confirmation of the model should be extended to other metal oxides. Some
of our experimental observations regarding electrostriction stresses remain so
far unexplained and would require further investigations. For instance, the very
characteristic change of the shape of the open-circuit transients systematically
observed after the compressive maximum must be indicative for some kind of
transition in the film and might therefore be very insightful if this transition
could be identified. The trend observed during most experiments that the elec-
trostriction stress in the film tends to decrease in the course of the growth is
intriguing as well. It seems to be attributable to a decrease of the film dielec-
tric constant, although this would certainly require direct confirmation based
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on independent capacitance measurements.

Finally, the most fundamental contribution of this thesis was to demon-
strate that very clear correlations exist between the evolution of mechanical
and electrochemical variables during the growth of anodic TiO2 films under
galvanostatic conditions. Most of the previous studies on this topic have been
interested in depicting the stress evolution, but with little attention devoted to
the correlations between the growth stress and cell voltage evolution. We have
shown that the stress evolution is markedly influenced by the same phenomena
responsible for the various transitions in the evolution of the cell voltage. This
directly demonstrates the interest of curvature measurements as a fundamental
technique for investigating the details of the growth process of anodic oxide
films. With this respect, this thesis opens many perspectives for further in-
vestigations on anodic oxide films. The interpretation of our stress data was
not straightforward, partly owing to the complexity of the phenomena coming
into play during the growth of anodic TiO2. In our case, it appears that the
interpretation of our experimental data was further complicated by the unre-
liable characteristics of our Ti thin film substrates, which in some cases gave
rise to an anodisation behaviour very different from the classical one reported
for bulk Ti. In the future, the reproducibility of the characteristics of the
Ti substrates is certainly something that should be worked on. Nevertheless,
the fact that tensile stresses always accompany galvanostatic oxide growth un-
der (near-)maximum efficiency conditions is a well established trend, observed
sytematically for all experiments, and constitutes a first important result. It
was further demonstrated that the instantaneous tensile stress developing in
the film under such conditions is independent of the current density in the
range of 0.5 to 5 mA/cm2 and keeps a constant value over a V -range which
enlarges with increasing current density. The origin of the large compressive
stresses reproducibly observed over specific V -ranges on some Ti batches and
always associated with low growth efficiency remains so far an open question.
In this thesis, observations susceptible to help bringing insight into that ques-
tions have been reported and discussed. To our opinion, two main scenarios
could reasonably account for the development of the compressive stresses. The
latter could be due either to the evolution of oxygen gas within the oxide film
or to a densification of the film, leading to a significant decrease of the concen-
tration of oxygen vacancies in the film.

Final confirmation of whether the oxide film contains incorporated oxy-
gen gas might be obtained from residual gas analysis (RGA). However, the
oxygen gas might diffuse out of the film rapidly after the growth process and
hence not be detected by ex-situ analysis. Electrical characterisation of the
film would certainly be insightful as well. If the compressive stresses are as-
sociated with a reordering and a decrease of the vacancy concentration, this
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should also correspond to a marked change in the conductivity properties of the
film which should be observable using photoelectrochemical measurements or
Mott-Schottky analysis. In the future, quantitative interpretation of the cur-
vature measurements would be greatly facilitated by working with stress-free
metal substrates, or at least, metal films with well-controlled internal stresses.
Indeed, the fraction of the curvature change associated with the dissolution of
the metal substrate remains a major source of uncertainty. In this study, the
measured stress values have been corrected for this contribution. However, the
best we could do was to assess the later contribution from the average stress in
the metal film and consider that Ti dissolution in the electrolyte was negligi-
ble (so that the mass of metal consumed is directly related to the thickness of
metal oxide formed, according to the PBR). This is likely to be an oversimplifi-
cation as stress gradients might be present in the metal film and significant Ti
dissolution might occur in some V -range. Working with stress-free substrates
would ensure that the measured curvature changes are fully attributable to the
stresses developing in the oxide film and hence facilitate accurate stress quan-
tification.

Comparing the stress evolution accompanying Ti anodisation to that ob-
served on Ti-Si alloys might be a promising way to gain insight into the mech-
anisms responsible for the stress development. Indeed, as discussed in section
1.2.4, Si species in Ti have a delaying effect on the film crystallisation and on
the onset of the oxygen evolution reaction. Hence, it is expected that the effi-
cient growth of amorphous TiO2 films will be observed over a wider V -range on
such alloys, without the interfering influence of side-reactions, so that the stress
evolution attributable to homogeneous film growth will be more easily quanti-
fied. The resulting oxide films will also be thicker, which would facilitate ex situ
characterisation of such amorphous films. Finally, as discussed in chapter 1, Si
can be used as a marker species, hence allowing for direct quantification of the
transport numbers. This would be a very insightful information for correlating
the observed stresses with predictions from the Nelson model.
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